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Abstract The chapter considers the disordered nature of filler networks on different length
scales and relates it to the specific reinforcing properties of active fillers in elastomer com-
posites. On nanoscopic length scales, the surface structure and primary aggregate morphol-
ogy of carbon blacks, the most widely used filler in technical rubber goods, are analyzed by
static gas adsorption and transmission electron microscopy (TEM) techniques, respectively.
They are found to be closely related to two distinct disordered growth mechanisms during
carbon black processing, surface growth and aggregate growth.

The role of disorder becomes also apparent on mesoscopic length scales of elastomer
composites, where a filler network in formed due to attractive filler-filler interactions. An
analysis of the d.c.-conductivity and dielectric properties of conductive carbon black-rub-
ber composites indicates that no universal percolation structure is realized, but a superim-
posed kinetic aggregation mechanism of the particles takes place. The assumed kinetic clus-
ter-cluster aggregation (CCA) of filler particles in elastomers is confirmed by the predicted
scaling behavior of the small strain elastic modulus.

Based on the analysis of in-rubber morphology of filler particles and clusters on
nanoscopic and mesoscopic length scales, a constitutive micro-mechanical model of stress
softening and hysteresis of filler reinforced rubbers up to large strain is developed. It refers
to a non-affine tube model of rubber elasticity, including hydrodynamic amplification of
the rubber matrix by a fraction of rigid filler clusters with filler-filler bonds in the unbro-
ken, virgin state. The filler-induced hysteresis is described by an anisotropic free energy
density, considering the cyclic breakdown and re-aggregation of the residual fraction of
more fragile filler clusters with already broken filler-filler bonds. Experimental investiga-
tions of the quasi-static stress-strain behavior of silica and carbon black filled rubbers up
to large strain agree well with adaptations found by the developed model.

Keywords Elastomer composites · Disordered structures · Filler networking ·
Reinforcement · Micro-mechanics · Constitutive material laws
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1
Introduction

Since the development of fractal geometry by Mandelbrot [1, 2] it has been
learned that the apparently random structure of many colloidal aggregates
formed in disorderly growth processes is subject to strong statistical con-
straints [3–8]. It is now well known that the fractal structure of colloidal ag-
gregates results from the random movement, e.g., diffusion, of the aggregat-
ing particles that may be represented in computer simulations of cluster
growth processes via random walks of single particles [3, 9] or whole clus-
ters [10, 11]. Thereby, different universality classes of fractal aggregates can
be distinguished by characteristic fractal exponents, dependent on the con-
ditions of cluster growth [12].

In these studies we are primary interested in two classes of disorderly
grown colloidal aggregates:
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1. Clusters that are build in a diffusion limited cluster-cluster aggregation
(CCA) process, where particles and clusters diffuse across each other and
stick upon contact, irreversibly.

2. Clusters resulting from a ballistic cluster-cluster aggregation process, where
particles and clusters move on linear trajectories.

A physical realization of the CCA-process is found during fast gelation of
colloids in solution, where physical (and not chemical) bonds between parti-
cles and clusters are formed. From light scattering data of corresponding
gold-, silica-, and polystyrene clusters as well as from computer simulations
of CCA-clusters the fractal dimension takes the universal values df�1.8 in all
these cases [3–8, 12, 13]. The size distribution of the clusters is typically
found to be broadly peaked around a maximum cluster size. This is in con-
trast to percolation clusters, where the size distribution shows a characteris-
tic scaling behavior implying that the number of clusters increases succes-
sively with decreasing cluster size [6, 7].

A physical realization of ballistic cluster-cluster aggregation is found dur-
ing carbon black processing, where surface growth due to random deposi-
tion of carbon nuclei also takes place [14–18]. Corresponding computer sim-
ulations of primary aggregate formation under ballistic conditions yields for
the mass fractal dimension df�1.95 [11, 12]. The surface growth of carbon
black appears to be governed by a random deposition mechanism that falls
into a universality class with a surface fractal dimension ds�2.6 [3, 6, 7, 19].
We will consider the simultaneous cluster and surface growth of carbon
black more closely in Sect. 3, where the energetic surface structure is also
analyzed [20].

Recently it has been argued that CCA-clusters are also built in elastomer
composites. Accordingly, their particular structure can be used for the mod-
eling of rubber reinforcement by active fillers like carbon blacks or silica
[21–23]. This approach is not evident, because long range diffusion of filler
particles or clusters, as assumed in the CCA-process, is strongly suppressed
in high viscosity media. Instead, the polymeric structure of highly entangled
rubbers give rise to fluctuations of colloidal particles around their mean po-
sition with a fluctuation length of the order of the entanglement length of
the rubber [22–24]. For that reason the assumption of CCA-clusters in filler
reinforced rubbers appears reasonable for sufficient large filler concentra-
tions, only, where the mean trajectory length of aggregating particles or clus-
ters becomes smaller than the fluctuation length. This condition is fulfilled
for filler concentrations F above the gel point F* of the filler network if the
gelation concept of Ball and Brown is applied [25]. Then, the mean trajecto-
ry length in gelling systems becomes small and the cluster size is governed
by the available empty space only. However, due to the restricted mobility of
filler particles in rubber the gel point is shifted to filler concentrations that
are orders of magnitude larger than the critical concentration F* in solution
[22, 23]. This is the main difference between the two systems that appears to
be important for rubber reinforcement.

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 3



Different concentration limits of the filler arise from the CCA concept
[22]. With increasing filler concentration first an aggregation limit F+ is
reached. For F>F+, the distance of neighboring filler particles becomes suf-
ficiently small for the onset of flocculation and clusters with solid fraction
FA are formed. Dependent on the concentration of filler particles, this floc-
culation process leads to spatially separated clusters or, for F>F*, a through
going filler network that can be considered as a space-filling configuration
of fractal CCA-clusters. The different cases for spherical filler particles are
shown schematically in Fig. 1.

So far, the formation and structure of filler networks in elastomers and
the mechanical response, e.g., the pronounced dynamic amplitude depen-
dence or stress softening, of reinforced rubbers, is not fully understood,
though this question is of high technical interest. A deeper understanding of
filler networking and reinforcement could provide a useful tool for the de-
sign, preparation, and testing of high performance elastomers, as applied in
tires, seals, bearings, and other dynamically loaded elastomer components.
Different attempts have been considered in the past that were primary focus-
ing on the reinforcing mechanism of carbon black, the most widely used fil-
ler in rubber industry [26, 27]. The strongly non-linear dynamic-mechanical
response of carbon black filled rubbers, reflected primarily by the amplitude
dependence of the viscoelastic complex modulus, was brought into clear fo-
cus by the extensive work of Payne [28–35]. Therefore, this effect is often re-
ferred to as the Payne effect.

As shown in Fig. 2a, for a specific frequency and temperature, the storage
modulus G0 decreases from a small strain plateau value G0o to an apparently
high amplitude plateau value G01 with increasing strain amplitude. The loss
modulus G00 shows a more or less pronounced peak. It can be evaluated from
the tangent of the measured loss angle, tan d=G00/G00, as depicted in Fig. 2b.
Obviously, the loss tangent shows a low plateau value at small strain ampli-
tude, almost independent of filler concentration, and passes through a broad
maximum with increasing strain.

Fig. 1 Schematic view of filler morphology in three concentration regimes. For F<F*
reinforcement is due to hydrodynamic amplification by particles (F<F+) or clusters
(F>F+) with Feff=F or Feff=F/FA, respectively. For F>F* reinforcement is due to the
deformation of a flexible filler network
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The Payne effect of carbon black reinforced rubbers has also been investi-
gated intensively by a number of different researchers [36–39]. In most cas-
es, standard diene rubbers widely used in the tire industry, like SBR, NR,
and BR, have been applied, but also carbon black filled bromobutyl rubbers
[40–42] or functional rubbers containing tin end-modified polymers [43]
were used. The Payne effect was described in the framework of various ex-
perimental procedures, including pre-conditioning-, recovery- and dynamic
stress-softening studies [44]. The typically almost reversible, non-linear re-
sponse found for carbon black composites has also been observed for silica
filled rubbers [44–46].

The temperature dependence of the Payne effect has been studied by
Payne and other authors [28, 32, 47]. With increasing temperature an Arrhe-
nius-like drop of the moduli is found if the deformation amplitude is kept
constant. Beside this effect, the impact of filler surface characteristics in the
non-linear dynamic properties of filler reinforced rubbers has been dis-
cussed in a review of Wang [47], where basic theoretical interpretations and
modeling is presented. The Payne effect has also been investigated in com-
posites containing polymeric model fillers, like microgels of different parti-
cle size and surface chemistry, which could provide some more insight into
the fundamental mechanisms of rubber reinforcement by colloidal fillers
[48, 49].

The pronounced amplitude dependence of the complex modulus, referred
to as the Payne effect, has also been observed in low viscosity media, e.g.,
composites of carbon black with decane and liquid paraffin [50], carbon
black suspensions in ethylene vinylacetate copolymers [51], and clay/water
suspensions [52, 53]. It was found that the storage modulus decreases with

Fig. 2 a Amplitude dependence of the storage modulus of Butyl/N330-samples. b Ampli-
tude dependence of the loss tangent of the same Butyl/N330-samples at various carbon
black concentrations [28]

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 5



dynamic strain amplitude in a qualitative manner similar to that of carbon
black filled rubbers. This emphasizes the role of a physically bonded filler
network structure in the Payne effect, which governs the small strain dy-
namic properties even in absence of rubber. Further, these results indicate
that the Payne effect is primarily determined by structure effects of the filler.
The elastomer seems to act merely as a dispersing medium that influences
the kinetics of filler aggregation, but does not have a pronounced influence
on the overall mechanical behavior of three-dimensional filler networks.
However, the critical strain amplitude where the Payne effect appears is
found to be shifted to significantly smaller values, if the low viscosity com-
posites are compared to corresponding rubber composites. This indicates a
strong impact of the polymer-matrix on the stability and strength of filler
networks.

The strong non-linearity of the viscoelastic modulus with increasing dy-
namic strain amplitude has been related to a cyclic breakdown and re-aggre-
gation of filler-filler bonds [21–23, 48, 54–57]. Thereby, different geometrical
arrangements of particles in a particular filler network structure, resulting,
e.g., from percolation as in the L-N-B-model of Lin and Lee [56] or kinetic
cluster-cluster aggregation [21–23, 48], have been considered. Nevertheless,
a full micro-mechanical description of energy storage and -dissipation in
dynamically excited reinforced rubbers is still outstanding. A review of the
different attempts is given by Heinrich and Kl�ppel [57].

Beside the Payne effect, relevant for dynamical loading of filler reinforced
rubbers, the pronounced stress softening, characteristic for quasi-static de-
formations up to large strain, is of major interest for technical applications.
It is often referred to as the Mullins effect due to the extensive studies of
Mullins and coworkers [58–60] on the stress softening phenomena. Depen-
dent on the history of straining, e.g., the extent of previous stretching, the
rubber material undergoes an almost permanent change that alters the elas-
tic properties and increases hysteresis, drastically. Most of the softening oc-
curs in the first deformation and after a few deformation cycles the rubber
approaches a steady state with a constant stress-strain behavior. The soften-
ing is usually only present at deformations smaller than the previous maxi-
mum. An example of (discontinuous) stress softening is shown in Fig. 3,
where the maximum strain is increased, successively, from one uniaxial
stretching cycle to the next.

So far the micro-mechanical origin of the Mullins effect is not totally un-
derstood [26, 36, 61]. Beside the action of the entropy elastic polymer net-
work that is quite well understood on a molecular-statistical basis [24, 62],
the impact of filler particles on stress-strain properties is of high impor-
tance. On the one hand the addition of hard filler particles leads to a stiffen-
ing of the rubber matrix that can be described by a hydrodynamic strain
amplification factor [22, 63–65]. On the other, the constraints introduced
into the system by filler-polymer bonds result in a decreased network entro-
py. Accordingly, the free energy that equals the negative entropy times the
temperature increases linear with the effective number of network junctions
[64–67]. A further effect is obtained from the formation of filler clusters or a
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filler network due to strong attractive filler-filler bonds [21, 22, 26, 36, 61,
64–67].

Stress softening is supposed to be affected by different influences and
mechanisms that have been discussed by a variety of authors. In particular,
it has been attributed to a breakdown or slippage [68–71] and disentangle-
ments [72] of bonds between filler and rubber, a strain-induced crystalliza-
tion-decrystallization [73, 74], or a rearrangement of network chain junc-
tions in filled systems [60]. A model of stress-induced rupture or separation
of network chains from the filler surface has been derived by Govindjee and
Simo [69], who developed a complete macroscopic constitutive theory on
the basis of statistical mechanics. A remarkable approach has been proposed
by Witten et al. [21], who found a scaling law for the stress-strain behavior
in the first stretching cycle by modeling the breakdown of a CCA-network of
filler particles. They used purely geometrical arguments by referring to the
available space for the filler clusters in strained samples, leading to universal
scaling exponents that involve the characteristic fractal exponents of CCA-
clusters. However, they did not consider effects coming in from the rubber
matrix or the polymer-filler interaction strength, though these are evident
from experimental data, e.g., the impact of matrix cross-linking or filler sur-
face treatment (graphitization) on stress-strain curves. It indicates that
stress-induced breakdown of filler clusters takes place, where the stress on
the filler clusters is transmitted by the rubber matrix.

The above interpretations of the Mullins effect of stress softening ignore
the important results of Haarwood et al. [73, 74], who showed that a plot of
stress in second extension vs ratio between strain and pre-strain of natural
rubber filled with a variety of carbon blacks yields a single master curve [60,
73]. This demonstrates that stress softening is related to hydrodynamic
strain amplification due to the presence of the filler. Based on this observa-
tion a micro-mechanical model of stress softening has been developed by re-
ferring to hydrodynamic reinforcement of the rubber matrix by rigid filler

Fig. 3 Example of stress softening with successively increasing maximum strain for an
E-SBR-sample filled with 80 phr N 339

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 7



clusters that are irreversibly broken during the first deformation cycle [75,
76]. Thereby, a non-Gaussian tube model of rubber elasticity has been ap-
plied [24, 62, 77, 78].

In the present chapter we will first focus on the specific morphology and
energetic surface properties of carbon black (Sect. 3). In particular, we will
consider the surface roughness and activity on atomic length scales as ob-
tained by recent gas adsorption investigations [20, 79–82]. Then, we will
concentrate on the primary aggregate structure that can be well character-
ized by TEM-measurements [83–85]. Both morphological characteristics of
carbon black are compared to results of computer simulations and analytical
models of disorderly growth processes under ballistic conditions [18, 84]. In
Sect. 4, we will consider the structures involved in secondary aggregation
and networking of carbon black in elastomers [22, 23] that has also been ex-
tended to elastomer blends [86, 87]. We will discuss the developed model in
the framework of experimental results concerning filler flocculation and di-
electric properties of carbon black reinforced rubbers. Based on the investi-
gations of carbon black morphology and energetic surface structure we will
then develop a model of rubber reinforcement by kinetically aggregated fil-
ler networks in Sect. 5. We will first consider the linear viscoelastic behavior
by referring to the elasticity of the fractal CCA-unit cells of the filler network
[22, 23, 48, 57, 85, 88]. Then, we will focus on a micro-mechanical concept
of stress-induced filler cluster breakdown that combines the hyperelastic re-
sponse of the hydrodynamically reinforced rubber matrix with the non-lin-
ear viscoelastic response of reversibly broken filler clusters [75, 76, 89]. It al-
lows for an explanation of both, the Payne effect and the Mullins effect, by
referring to a single micro-mechanical mechanism.

2
Experimental Methods

2.1
Materials and Sample Preparation

For the preparation of filler reinforced elastomer composites, most frequent-
ly commercial rubber grades with variable microstructure and broad molar
mass distribution are applied. The typical rubber grades, considered in the
present review, are as follows:

1. Natural rubber NR (SMR 5L; 99.9 vol.% cis)
2. Solution-styrene-butadiene rubber S-SBR (Buna VSL-2525–0; 25 vol.% vi-

nyl, 25 vol.% styrene, Mw=206,600 g/mol, Mw/Mn=2.75)
3. Emulsion-styrene-butadiene rubber E-SBR (Intol 1524; 15 vol.% vinyl,

23.5 vol.% styrene, Mw=205,300 g/mol, Mw/Mn=2.12)
4. Ethylene-propylene-diene rubber EPDM (Keltan 512; 55 vol.% ethylene)
5. Nitrile-butadiene rubber NBR (Perbunan 3307; 33 vol.% acryl-nitrile)

8 Manfred Kl�ppel



In addition to the commercial rubber grades, model polymers with vari-
able molar mass and narrow molecular weight distribution are often used
for studying reinforcement mechanisms. (In Sect. 4.3 we consider a special
S-SBR type with 29 vol.% vinyl and 25 vol.% styrene units; Mw/Mn=1.1).

In general, furnace carbon blacks with different structure and specific
surface area are employed as reinforcing fillers. Furthermore, commercial
silica grades are applied, especially in the tire industry. In Sect. 5 we refer to
a highly dispersive silica grade (Ultrasil 7000 GR) together with a bi-func-
tional silane as coupling agent (Si 69).) The filler loading can range from
very small amounts up to 100 phr. The notation “per hundred rubber”
(phr), representing the mass (in grams) of an ingredient with respect to
100 g of rubber, is widely used in the rubber industry. The conversion to vol-
ume fraction F is obtained by the elementary formula F=phr/rCB (100 g/
rPol+phr/rCB)�1, where phr is the mass of carbon black (in grams) per 100 g
polymer, while rPol�0.9 g/cm3 and rCB�1.8 g/cm3 is the mass density of the
pure polymer and carbon black, respectively.

As polymeric model fillers with specific surface groups and narrow size
distribution, different microgel types, e.g., poly(styrene)-microgel, PS(m),
and poly(methoxy-styrene)-microgel, PMS(m), are applied. They can be pre-
pared by emulsion polymerization techniques as described, e.g., in [48].

The rubber composites are in general processed in an interlocking mixer,
as widely used in rubber industry, e.g., Werner & Pfleiderer GK 1.5 E with a
mixing chamber of 1500 cm3. For obtaining a sufficient dispersion of the fil-
ler, at least 4 min mixing time are necessary. For the silica/silane systems,
most frequently a two step mixing procedure is applied, for obtaining a rea-
sonable coating reaction of the silane on the silica surface. Furthermore, a
small amount of ZnO and stearinic acid is added to all compounds for sup-
porting a fast filler dispersion and vulcanization. In general, the mixer is
filled up to 75% of its capacity for the specimens with less than 40 phr filler,
70% for loading between 40 and 70 phr, and 60% for more than 70 phr filler.
The cross-linking system is added on a roller mill in a separate mixing step
(Here, 1.7 phr sulfur and 2.5 phr N-cyclohexylbenzothiazol-2-sulfenamide
(CBS) is used). The composites with graphitized blacks are mixed on a roller
mill for 20 min to ensure a sufficient dispersion. The composites are cured
in a steam press, most frequently up to 90% of the rheometer optimum (T90
time) at 160 �C.

2.2
Gas Adsorption Measurements

The morphological and energetic surface characterization of carbon black
on atomic length scales can be performed by volumetric gas adsorption
techniques. A schematic view of three different application regimes of this
technique is shown in Fig. 4. According to this scheme, the surface rough-
ness of particular fillers is estimated in the mono- and multi-layer regime.
Furthermore, a characterization of the energy distribution of adsorption
sites of carbon black and other colloids is obtained in the sub-layer regime.
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A classical volumetric adsorption apparatus equipped with absolute ca-
pacitance pressures transducers can be used for the estimation of adsorption
isotherms in the pressure range 10�3 mbar<p<103 mbar. Before adsorption
measurements the carbon black samples are extracted with toluene and wa-
ter/methanol (1:1) and after drying degassed overnight at 200 �C at a pres-
sure below 10�4 mbar. The time allowed for equilibrium of each point of the
isotherm is 5–90 min depending on the sample and the adsorbed amount.

2.3
Microscopic Techniques

The macro-dispersion of the fillers can be determined by light-microscopic
techniques with computer-assisted image processing on glazed cuttings of
the vulcanized samples. At least five picture details have to be evaluated for
each specimen. The dispersion coefficient D is calculated from the ratio of
non-dispersed filler agglomerates and the volume fracture F of the filler in
the composites in accordance with ASTM:D2663.

For the characterization of micro-dispersion of fillers, i.e., in rubber pri-
mary aggregate morphology of carbon black, the uncured composites are
immersed for a week in a good solvent, with the solvent being changed a
number of times in order to remove the unbounded polymer. Afterwards
the specimens are dispersed in a vibrator. The highly diluted suspensions
are then dipped on a grid and carefully condensed. Micrographs are taken
using the Electron-Spectroscopy-Imaging-Transmission-Electron-Microsco-
py (ESI-TEM) technique, e.g., on an EM 902 (Zeiß) equipment. For the eval-
uation of aggregate morphology (analogous to ASTM: 3849) roughly 500
particles of each carbon black type are measured with respect to cross-sec-

Fig. 4 Schematic representation of gas adsorption techniques in different layer regimes
(decreasing pressure from top to bottom)
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tional area A, perimeter P and diameter d. This preparation procedure is in-
dicated by the terminology “in rubber state”.

In a second preparation procedure, referred to as “dry state”, the carbon
black is resolved in a solvent and dispersed by ultrasonic treatment. After-
wards, the highly diluted suspension is dipped on a grid and treated as
above.

Further morphological investigations by TEM are performed on ultra-thin
cuts (~80 nm). By making use of energy filters (ESI), the inelastically scat-
tered electrons can be removed. The micrographs provided by the elastically
scattered electrons only show a good contrast based on the differences in
carbon densities in the phases under consideration.

2.4
Mechanical Analysis

Dynamic-mechanical testing of cross-linked samples are often carried out
with high precision on specimen strips in torsion mode, e.g., with a Rheo-
metrics Dynamic Analyzer II (RDA) with a sample size of 28�10�2 mm.
Here, temperature-and strain sweeps are performed in a displacement range
from 0.01% to about 5% strain and a frequency range between 0.1 and
100 Hz. Dynamic mechanical testing of uncross-linked samples can be
made, e.g., with a Rubber Process Analyzer RPA 2000 (Alpha Technologies)
from 0.28% to 350% strain at various frequencies and elevated temperatures.

The quasistatic mechanical testing of the vulcanized samples is performed
with a tensile tester. Uniaxial stress-strain measurements are carried out on
(S2) strip-samples with cyclically increasing load (discontinuous damage
mode) and up to rupture stress. Equi-biaxial stress-strain measurements are
performed on a special frame with quadratic sample sheets of size
100�100 mm and thickness 2 mm up to 110% strain maximum. During the
tests, the stretching velocity is chosen to be small in order to avoid dynamic
contributions to the moduli. In general, 10 mm/min is used, corresponding
to a strain rate of @e/@t�4�10�3 s�1.

2.5
Dielectric Measurements

For dielectrical investigations, samples are prepared as cross-linked sheets
of a thickness between 1 and 2 mm. The dielectric measurements in a fre-
quency range from 10�1 to 107 Hz are performed using a frequency response
analysis system, e.g., the computer controlled Solartron SI 1260 Impedance/
Gain-Phase Analyzer and a Novocontrol broadband dielectric converter. The
high frequency measurements in the range from 106 to 109 Hz can be per-
formed in the wave reflection mode, e.g., with an Agilent 4291B RF Imped-
ance Analyzer.
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3
The Disordered Structure of Carbon Black

Reinforcement of elastomers by colloidal fillers, like carbon black or silica,
plays an important role in the improvement of mechanical properties of high
performance rubber materials. The reinforcing potential is mainly attributed
to two effects:

1. The formation of a physically bonded flexible filler network
2. Strong polymer filler couplings

Both of these effects refer to a high surface activity and specific surface of
the filler particles [26, 27, 47]. In view of a deeper understanding of such
structure-property relationships of filled rubbers it is useful to consider the
morphological and energetic surface structure of carbon black particles as
well as the primary and secondary aggregate structure in rubber more close-
ly.

3.1
Surface Roughness and Activity on Atomic Length Scales

3.1.1
Universality of Carbon Black Surface Roughness

For the characterization of surface roughness of carbon blacks, different ex-
perimental techniques have been applied in the past. Beside microscopic in-
vestigations, e.g., AFM that give an impressive but more qualitative picture
[90–92], scattering techniques such as SANS [93] and SAXS [94–96] as well
as gas adsorption techniques [79–84, 97–99] have been used for a fractal
analysis of surface roughness. The results discussed in the literature appear
somewhat controversy, since almost flat surfaces with ds�2 [98, 99] and also
rough surfaces with 2.2<ds<2.6 [79–84, 93–96] are found.

The reason for these discrepancies lies on the one hand in the restricted
resolution of SANS and SAXS, since the scattering data could only be evalu-
ated for wave vector qs<1 nm�1 in most cases. This corresponds to length
scales larger than about 6 nm, while the gas adsorption data typically were
obtained at length scales smaller than 6 nm. Recent investigations by SAXS
have been extended down to smaller length scales with qs>1 nm�1, where a
scattering from the graphitic layers at the carbon surface was observed. It
means that the surface scattering was shielded by that of sheet like struc-
tures [94]. On the other hand the discrepancies between the gas adsorption
results arise primary from the evaluation procedure of the effective cross-
sections s of the different gases, as far as the yardstick method in the mono-
layer regime is concerned. The estimation of surface fractal dimensions in
the multi-layer regime is complicated by the fact that contributions of two
different surface potentials have to be considered, resulting from van-der-
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Waals- and surface tension interaction, respectively. Dependent on the dom-
inance of one of the two potentials, remarkably different estimates of surface
roughness are obtained. For that reason a proper analysis of these factors is
necessary for getting reliable results.

In the present chapter we will summarize results of two different evalua-
tion procedures for the surface roughness of carbon blacks. In the mono-
layer regime we refer to the scaling behavior of the estimated BET-surface
area with the size of adsorbed probe molecules (yardstick method). On
smooth flat surfaces the BET-area is independent of the adsorbed probe or
applied yardstick, while on rough surfaces it decreases with increasing probe
(yardstick) size due to the inability of the large molecules to explore smaller
cavities. This is shown schematically in Fig. 5.

In the case of carbon black a power law behavior of the BET-surface area
with varying yardstick size is observed, indicating a self-similar structure of
the carbon black surface. Double logarithmic “yardstick-plots” of the BET-
mono-layer amount Nm vs cross-section s of the probe molecules are shown
in Fig. 6 for an original furnace black N220 and a graphitized (T=2500 �C)
sample N220g. It demonstrates that the roughness exponent or surface frac-

Fig. 5a,b Schematic presentation of a mono-layer coverage of a fractal surface with: a
small; b large gas molecules
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tal dimension ds differs for the two carbon black samples. By using the rela-
tion introduced by Mandelbrot [1, 2]:

Nm � s�
ds
2 ð1Þ

one obtains from the slopes of the two regression lines of Fig. 6a surface
fractal dimension ds�2.56 for the N220-sample and ds�2.32 for the graphi-
tized N220g sample. An extrapolation of both regression lines yields an in-
tersection at an ultimate cross-section that corresponds to a yardstick length
of about 1 nm, indicating that graphitization reduces the roughness of car-
bon black on small length scales below 1 nm, only. Figure 6 clearly demon-
strates that the reduction of BET-surface area during graphitization is length
scale (yardstick) dependent, proving that it is related to a change of surface
morphology and not, e.g., a result of reduced energetic surface activity (see
below).

An important point in the above evaluation of carbon black surface mor-
phology is the correct estimation of the cross-section s of the applied probe
molecules. This is done by referring to the mass density r of the probe mo-
lecules in the bulk liquid state that are considered as spheres in a hexagonal
close packing:

s ¼ 1:091
M

Na r

� �2=3

ð2Þ

Fig. 6 Yardstick-plot (Eq. 1) of N220 (triangle) and a graphitized N220g (filled circles)
with adsorption cross section s determined from the bulk liquid density r (Eq. 2); 1 ar-
gon, 2 methane, 3 ethane, 4 propane, 5 iso-butane, 6 n-butane; The slopes yield for
N220: ds=2.56€0.04, for N220g: ds=2.32€0.03. Adsorption temperatures and densities r
are chosen according to the evaporation points of the gases at 1000 mbar
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Here, M is the molar mass of the probe molecules and Na is the Avogadro
number. The crucial point now is the temperature dependence of r that dif-
fers for the different probe molecules, mainly due to variations in the char-
acteristic temperatures, e.g., the evaporation points.

We found that Eq. (2) can be applied without further corrections and high
correlation coefficients of the “yardstick-plots” in Fig. 6 and Fig. 7 are ob-
tained only if the temperature during the adsorption experiments of a chem-
ically similar, homological series of gases is chosen according to the same
reference state, as defined in the framework of the theory of corresponding
states. This is demonstrated in the “yardstick-plots” of Fig. 7, showing that
for the same carbon black (N220g) a different scaling factor is obtained
within one series of gases, if the adsorption temperatures are chosen with
respect to different reference pressures, i.e., the evaporation temperatures at
po=103 mbar and po=104 mbar, respectively.

As shown in Fig. 7, a different scaling factor is also observed for the two
different homological series of gases, i.e., the alkanes and alkenes, respec-
tively. However, the scaling exponent and hence the surface fractal dimen-
sion ds�2.3 is unaffected by the choice of the reference pressure or applied
series of adsorption gases.

An alternative approach to the characterization of surface morphology of
carbon blacks is the consideration of film formation of adsorbed molecules
in the multi-layer regime. In this case, the surface roughness is evaluated
with respect to a fractal extension of the classical Frenkel-Halsey-Hill
(FHH)-theory, where, beside the van der Waals surface potential, the vapor-
liquid surface tension has to be taken into account [100, 101]. Then the

Fig. 7 Yardstick-plots (Eq. 1) of the graphitized black N220g obtained with a series of
alkenes (ethylene, propylene, iso-butylene) (filled symbols) and alkanes (ethane, pro-
pane, iso-butane) (open symbols). Adsorption temperatures are chosen as evaporation
points at vapor pressures p0�103 mbar (lower curves) and p0�104 mbar (upper curves)
of the condensed gases, respectively

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 15



Helmholtz free energy of the adsorbed film is given as the sum of the van
der Waals attraction potential of all molecules in the film with all atoms in
the adsorbent, the vapor-liquid surface free energy and the free energy of all
molecules in the bulk liquid. This leads to the following relation between the
adsorbed amount N and the relative pressure p/p0 [100, 101]:

N � ln
po

p

� ��J

ð3Þ

with

J ¼ 3 � ds

3
FHH� regime ð3aÞ

J ¼ 3 � ds CC� regime ð3bÞ

The different exponents for the FHH- and capillary condensation (CC)-re-
gime consider the two cases where adsorption is dominated by the van der
Waals potential and the vapor-liquid surface tension, respectively. The two
cases are shown schematically in Fig. 8b,c, respectively. Note that in the CC-
regime a flat vapor-liquid surface is obtained due to a minimization of cur-
vature by the surface tension. In contrast, in the FHH-regime the vapor-liq-
uid surface is curved, since it is located on equi-potential lines of the van
der Waals potential with constant distance to the adsorbent surface.

At low relative pressures p/p0 or thin adsorbate films, adsorption is ex-
pected to be dominated by the van der Waals attraction of the adsorbed mo-
lecules by the solid that falls off with the third power of the distance to the
surface (FHH-regime, Eq. 3a). At higher relative pressures p/p0 or thick ad-
sorbate films, the adsorbed amount N is expected to be determined by the
surface tension g of the adsorbate vapor interface (CC-regime, Eq. 3b), be-
cause the corresponding surface potential falls off less rapidly with the first
power of the distance to the surface, only. The cross-over length zcrit. be-
tween both regimes depends on the number density np of probe molecules
in the liquid, the surface tension g, the van der Waals interaction parameter
a as well as on the surface fractal dimension ds [100, 101]:

zcrit ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

anp

ds�2ð Þ g

r
ð4Þ

Note that the cross-over length zcrit. decreases with increasing surface
fractal dimension ds, implying that the FHH-regime may not be observed on
very rough surfaces, i.e., the film formation may be governed by the surface
tension g on all length scales z>a (compare Fig. 10).

The film thickness z is related to the surface relative coverage N/Nm and
the mean thickness a�0.35 nm of one layer of nitrogen molecules [102] ac-
cording to the scaling law [1, 2]:
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N
Nm
¼ z

a

� �3�ds

ð5Þ

The monolayer amount Nm can be estimated from a classical BET-plot
and hence the film thickness z can be obtained directly from the adsorbed
amount N if the surface fractal dimension ds is known.

So-called FHH-plots of the nitrogen adsorption isotherms at 77 K of vari-
ous graphitized furnace blacks are shown in Fig. 9. The graphitized furnace
blacks have two linear ranges. Starting from low pressures (right side), the
first linear range is fitted by Eq. (3a), because the film is not very thick and
the van der Waals attraction of the molecules by the solid governs the ad-
sorption process (FHH-regime). With rising pressure, at a critical film thick-
ness of about zcrit�0.5 nm (Eq. 5), the vapor-liquid surface tension g be-
comes dominant and a step-like increase of the adsorbed amount is ob-
served. The fractal FHH-theory claims fractal dimensions of ds�2.3 up to a

Fig. 8a–c Schematic view of the coverage of: a a smooth; b,c a fractal surface according
to the fractal FHH-theory: (open circles) monolayer-regime, (gray circles) FHH-regime,
(filled circles) CC-regime; z: average film thickness, a: monolayer thickness
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length scale of z�1 nm, independent of grade number. At this length scale a
geometrical cut-off appears and the surface becomes rougher. In the final
linear regime, corresponding to z>1 nm, the surface fractal dimension takes
the value ds�2.6 (CC-regime). This linear range has an upper cut off length
of z�6 nm.

Figure 10 shows that contrary to the graphitized blacks the untreated fur-
nace blacks have only one linear range with a fractal dimension of ds�2.6
(CC-regime, Eq. 3b). Obviously the van der Waals attraction can be neglect-
ed and the surface tension g controls the adsorption process on all length
scales. This is due to the larger surface fractal dimension ds as compared to
the graphitized furnace blacks that shifts the cross-over length zcrit. to small-
er values (Eq. 4). Assuming that the number density np, the surface tension
g of the adsorbate and the van der Waals interaction parameter a are ap-
proximately the same for liquid nitrogen adsorbed on graphitized and un-
treated furnace blacks, a cross-over length of zcrit�0.35 nm can be estimated
from Eq. (4) with the experimental values of the fractal dimensions and the
crossover length zcrit.�0.5 nm on a graphitized carbon black. The value
zcrit.�0.35 nm is already in the range of the detection limit given by the layer
thickness a�0.35 nm. Hence, the nitrogen adsorption on furnace carbon
blacks is dominated by the vapor-liquid surface tension on all length scales
and a cross-over between the FHH- and the CC-regime does not appear.

The results for the surface fractal dimension of a series of furnace blacks
and graphitized blacks, obtained by nitrogen adsorption in the multilayer
regime, are summarized in Fig. 11. The cut off lengths are quite similar

Fig. 9 FHH-plot of nitrogen adsorption isotherms at 77 K on various graphitized fur-
nace blacks, as indicated. The dashed line characterizes the transition between the
FHH- and the CC-regime. The ds-values, listed in the insert, refer to the FHH-regime at
low pressures
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within both series of blacks and agree with those found in Fig. 9 and Fig. 10.
In Fig. 11 a weak trend of increasing surface fractal dimension with increas-
ing specific surface (decreasing primary particle size) is observed. This re-
sults from increasing curvature of the particle surface with decreasing size,
since crystallite structures with edges are present on the surface that lead to
a more pronounced roughness, if arranged on a strongly curved surface. We
will see in the next section that the amount of crystallite edges and slit
shaped cavities increases slightly with increasing specific surface, leading to
a more pronounced energetic surface activity for the fine carbon blacks.
This relatively small effect correlates well with the weak trend of the surface
fractal dimension observed in Fig. 11.

The observed almost universal value of the surface fractal dimension
ds�2.6 of furnace blacks can be traced back to the conditions of disordered
surface growth during carbon black processing. It compares very well to the
results evaluated within the an-isotropic KPZ-model as well as numerical
simulations of surface growth found for random deposition with surface re-
laxation. This is demonstrated in some detail in [18].

3.1.2
Energy Distribution of Carbon Black Surfaces

The energy distribution f(Q) of carbon black surfaces is calculated by as-
suming that the measured overall isotherm consists of a sum of generalized
Langmuir isotherms of various interaction energies Q, implying that the en-
ergy distribution can be identified with the numerically obtained weighting

Fig. 10 FHH-plots of nitrogen adsorption isotherms at 77 K of various furnace blacks,
as indicated. The surface fractal dimension appears to be universal, i.e., it varies be-
tween ds=2.55 and ds=2.59 for the depicted furnace blacks

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 19



function [103, 104]. For a continuous distribution function f(Q) the overall
isotherm Q(p,T) is given by

Qðp;TÞ ¼
Z1

0

qðp;T;QÞ � f ðQÞ dQ ð6Þ

The integral in Eq. (6) is normalized to unity. This has to be taken into
consideration if solid samples with different specific surface areas are com-
pared.

For an evaluation of the local model isotherm q(p,T,Q) with constant in-
teraction energy Q, the effects of multi-layer adsorption and lateral interac-
tions between neighboring adsorbed molecules are considered by applying
two modifications to the Langmuir isotherm: (i) a multi-layer correction ac-
cording to the well known BET-concept and (ii) a correction due to lateral
interactions with neighboring gas molecules introduced by Fowler and
Guggenheim (FG) [105]:

qðp;T;QÞ ¼ b2
BET �bFG �bL �p

1 þ bBET �bFG �bL �p
ð7Þ

with

bBET ¼
1

1 � p
p0

ð8Þ

bFG ¼ e
zncq

RT ð9Þ

bL ¼
Na st0ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2pMRT
p � e

Q
RT ð10Þ

Fig. 11 Surface fractal dimensions ds on atomic length scales of furnace blacks and
graphitized blacks in dependence of specific surface. The data are obtained from nitro-
gen adsorption isotherms in the multilayer regime
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Here, zn is the number of neighboring adsorption sites, c is the contribu-
tion of the lateral interaction to Q, and q is the probability that the neighbor-
ing sites are occupied by a gas molecule. R is the gas constant, T is tempera-
ture, t0 is Frenkel�s characteristic adsorption time, s is the adsorption cross-
section of the gas molecules, Na is Avogadro�s constant, and M is molar
mass. Note that the probability that the neighbor sites are occupied with
other gas molecules is taken to be the local surface coverage q and not the
overall surface coverage Q. This means that sites with the same interaction
energies Q are assumed to be arranged in patches, which is in accordance
with the picture of graphite like micro crystallites on the surface of the car-
bon black particles [26]. A probability Q stands for a random distribution of
sites with Q.

By referring to adsorption isotherms of ethylene down to very low surface
coverings (10�3 to 1 mono-layers), the energy distribution function of ad-
sorption sites on different furnace blacks was estimated with Eqs. (6) to (10)
by applying a numerical iteration procedure. This is described in some de-
tail in [20, 79]. For a test of the evaluation procedure, the resulting energy
distribution functions obtained from four different isotherms (three differ-
ent temperatures) of ethylene on N220 are compared in Fig. 12. It becomes
obvious that the isotherms measured at different temperatures lead to the
same result for the energy distribution function, approximately, confirming
the applied procedure.

An analysis of the energy distribution function of ethylene on N220 is
shown in Fig. 13, where the distribution function is fitted to four different
Gauss-functions. Obviously, the good fit indicates that four different types
of adsorption sites can be distinguished on the N220 surface. We relate the
low energetic peak (I) to the basaltic layers and peak (III) to the edges of
carbon crystallites. Peak (II) is referred to amorphous carbon and peak (IV)
results from a few highly energetic slit like cavities between carbon crystal-
lites. This is shown schematically in Fig. 14.

Fig. 12 Adsorption isotherms (Q=N/Nm) and corresponding energy distribution func-
tions of ethylene on N220 at various temperatures; ((1) T=177 K; (2),(3) T=223 K; (4)
T=233 K)

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 21



The attachment of peak (II) to the amorphous carbon is concluded from
the observation that this peak does not appear in the case of the graphitized
black N220g and graphitic powder. The corresponding isotherms and energy
distribution functions are depicted in Fig. 15. A comparison to the above an-
alyzed N220 and a strongly reinforcing channel gas black demonstrates the
relatively large amount of highly energetic sites of these blacks (Fig. 15).

A comparison of the adsorption isotherms and the resulting energy distri-
bution functions of three different furnace blacks is shown in Fig. 16. Corre-
sponding to the difference in level and shape of the isotherms the amount of
highly energetic sites varies significantly. The black N115 has a large fraction
of highly energetic sites, while the N550 shows a small fraction of highly en-

Fig. 13 Fitting of the energy distribution function of ethylene on N220, already shown in
Fig. 12 (T=223 K), to four Gaussian-peaks (I–IV)

Fig. 14 Schematic view of the association between morphological arrangements of car-
bon crystallites and energetic characteristics of carbon black surfaces. Four different
types of adsorption sites are distinguished that refer to the de-convolution shown in
Fig. 13
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ergetic sites. The results of the peak analysis for the examined blacks and
the graphitic powder are quantified in Table 1. A more detailed representa-
tion of the energetic surface heterogeneity of carbon blacks is found in [20,
79].

Summarizing we can conclude from the analysis of the surface energy dis-
tribution of carbon blacks that four different energetic sites can be distin-
guished. The fraction of highly energetic sites decreases significantly with
grade number and disappear almost completely during graphitization. It in-
dicates that the reinforcing potential of carbon black is closely related to the
amount of highly energetic sites that can be well quantified by the applied
gas adsorption technique. Theoretical investigations on the effect of mor-
phological as well as energetic surface roughness on the polymer-filler inter-

Fig. 15 Adsorption isotherms and evaluated energy distribution functions of ethylene
on four different colloidal fillers at T=223 K; (1) channel gas black; (2) graphitic pow-
der; (3) N220; (4) graphitized N220g

Fig. 16 Adsorption isotherms and evaluated energy distribution functions of ethylene
on three different furnace blacks at T=223 K; (1) N115; (2) N220; (3) N550
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action strength confirm this finding [64, 65, 106, 107]. The combination of
two types of disorder, given by the pronounced morphological roughness
(ds=2.6) and the inhomogeneous energetic surface structure of carbon
blacks, enhances the polymer filler coupling, significantly. It represents an
important reinforcing mechanism on atomic length scales associated with
the required strong phase binding in high performance elastomer compos-
ites.

3.2
Morphology of Carbon Black Aggregates on Nanoscales

Carbon blacks for the rubber industry are produced in a variety of classes
and types, depending on the required performance of the final product. In
general they consist of a randomly ramified composition of primary parti-
cles that are bonded together by strong sinter bridges. Significant effects of
the different grades of carbon blacks in elastomer composites result from
variations in the specific surface and/or “structure” of the primary aggre-
gates [26, 27]. The specific surface depends strongly on the size of the pri-
mary particles and differs from about 10 m2/g for the very coarse blacks up
to almost 200 m2/g for the fine blacks. The “structure” of the primary aggre-
gates describes the amount of void volume and is measured, e.g., by oil
(DBP) absorption. It typically varies between 0.3 cm3/g and 1.7 cm3/g for
furnace blacks.

The characteristic shape of carbon black aggregates is illustrated in
Fig. 17, where transmission electron micrographs (TEM) of three different
grades of furnace blacks (N220, N330, N550) are shown. The variation in
size of the primary particles, increasing from left to right, becomes appar-
ent. It implies a decline of the specific surface from 116 m2/g for N220,
81 m2/g for N330, up to 41 m2/g for N550.

The “structure” or amount of specific voids of the three grades is almost
the same and differs between 1 cm3/g and 1.2 cm3/g, only. Since the specific
weight of carbon black is almost twice that for DBP, this corresponds to a
factor of 2 for the void volume as compared to the solid volume of the aggre-
gates. It means that about 2/3 of the aggregate volume is empty space, i.e.,
the solid fraction Fp of the primary aggregates is relatively small (Fp�0.33).

Table 1 Estimated fraction [%] of the four different types of energetic sites (I–IV) for ad-
sorption of ethylene on various colloids

I II III IV

Channel-gas-black 61 2 31 6
N115 69 13 15 3
N220 84 7 7 2
N550 93 6 1 <1
Graphitic powder 94 0 4 2
Graphitized N220g 99 0 <1 <1
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It is shown below that Fp fulfills a scaling relation which involves the size
and mass fractal dimension of the primary aggregates. Due to significant de-
viations of the solid fraction Fp from 1, the filler volume fraction F of car-
bon black in rubber composites has to be treated as an effective one in most
applications, i.e., Feff=F/Fp (compare [22]).

3.2.1
Fractal Analysis of Primary Carbon Black Aggregates

For a quantitative analysis of the structure of carbon blacks as shown in
Fig. 17 it is useful to consider the solid volume Vp or the number of primary
particles Np per aggregate in dependence of aggregate size d. In the case of
fractal objects one expects the scaling behavior [1, 2]

Vp �Np � ddf ð11Þ

The exponent df is denoted mass fractal dimension or simply fractal di-
mension. It characterizes the mass distribution in three dimensional space
and can vary between 1<df<3. This kind of fractal analysis of furnace blacks
was performed, e.g., by Herd et al. [108] or Gerspacher et al. [109, 110]. The
solid volume Vp of primary aggregates is normally determined (ASTM:
3849) from the cross-section area A and the perimeter P of the single carbon
black aggregates by referring to a simple Euclidean relation [108]:

Vp ¼
8 A2

3 P
ð12Þ

However, it is not quite clear whether this relation can be applied for
non-Euclidean, ramified structures. Simulation results of carbon black for-
mation under ballistic conditions by Meakin et al. [14] indicate that a scaling
equation is fulfilled, approximately, between the number of particles Np in a
primary aggregate and the relative cross section area A/Ap:

Np ¼ 1:51 ðA=ApÞ1:08 ð13Þ

Here, Ap is the cross section area of a single primary particle. Dependent
on the application of Eqs. (12) or (13), respectively, significantly different
values for the mass fractal dimension are obtained.

Fig. 17 Transmission electron micrographs (TEM) of three different grades of furnace
blacks N220, N330, and N550 (dry state). (Bar length: 100 nm)
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This discrepancy is demonstrated in Fig. 18 and Fig. 19 by considering an
example of a fractal analysis of primary carbon black aggregates. Figure 18
shows a TEM-micrograph of the furnace black N339 prepared from a ready
mixed composite of S-SBR after removing of the unbounded polymer as ex-
plained in Sect. 2.3 (in-rubber state). A double logarithmic plot of the solid
volume Vp and the particle number Np, estimated from Eqs. (12) and (13),
vs aggregate diameter d is shown in Fig. 19a,b, respectively. The aggregate
average diameter d is estimated as the mean value from 16 measurements on
a single aggregate with a 15% variation in the angle of rotation. The obtained
fractal dimensions differ significantly for the two evaluation procedures.

Fig. 18 TEM-micrograph of carbon black aggregates (N339) prepared from ready mixed
S-SBR-composites with 60 phr filler (in-rubber state)

Fig. 19 a Fractal analysis according to Eq. (11) of primary carbon black aggregates
(N339) prepared from S-SBR-composites with 60 phr filler (in-rubber state). Vp is evalu-
ated from Eq. (12). b Fractal analysis according to Eq. (11) of the same set of primary
carbon black aggregates (N339) as shown in Fig. 19a. Np is evaluated by using Eq. (13)
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From the slope of the two regression lines one finds df=2.45 and df=1.94, re-
spectively.

In view of a discussion of this discrepancy, we consider the conditions of
primary aggregate growth during carbon black processing in some detail.
Figure 20 shows a schematic representation of carbon black formation in a
furnace reactor, where a jet of gas and oil is combusted and quenched, after-
wards. Beside the aggregate growth, resulting from the collision of neighbor-
ing aggregates, surface growth due to the deposition of carbon nuclei on the
aggregates takes place during the formation of primary carbon black aggre-
gates. The surface growth leads to the universal surface roughness, analyzed
by gas adsorption technique in Sect. 3.1.1 and investigated from a theoretical
point of view in [18]. Obviously, the surface growth is also responsible for
the strength of the primary aggregates, since it proceeds in the contact range
of the collided aggregates implying a strong bonding by sinter bridges
(Fig. 20).

Due to the high temperature in the reactor, aggregate as well as surface
growth take place under ballistic conditions, i.e., the mean free path length
of both growth mechanisms is large compared to the characteristic size of
the resulting structures [14–16]. Then the trajectories of colliding aggregates
(or nuclei) can considered to be linear. Numerical simulations of ballistic
cluster-cluster aggregation yield a mass fractal dimension df�1.9–1.95 [11,
12, 17]. This compares to the above TEM-result df�1.94 evaluated with
Eq. (13). It means that the assumption of ballistic cluster-cluster aggregation
during carbon black processing, used already in the derivation of Eq. (13), is
confirmed by the TEM-data of the relatively fine black N339. For the more
coarse blacks, with a typically small primary particle number, finite size ef-
fects can lead to a more compact morphology that differs from the scaling
prediction of ballistic cluster aggregation. A further deviation can result
from electrostatic repulsion effects due to the application of processing
agents (alkali metal ions) for designing the coarse blacks (compare [22]).
Note that a similar relation as Eq. (13) was derived in the 1960s by Medalia
and Heckman [111, 112]. The value df=1.94 also agrees fairly well with other
estimates obtained, e.g., by electric force microscopy [113], TEM [114], or
SAXS [95, 96].

Therefore, it appears likely that the approach considering the solid vol-
ume of primary aggregates, as evaluated from the two-dimensional cross-
section area by Eq. (12), leads to an overestimation of the mass fractal di-
mension. A more realistic estimate is obtained with Eq. (13). By referring to
Eq. (12), the data obtained by Herd et al. [108] show a successively increas-
ing value of the mass fractal dimension from df�2.3 to df�2.8 with increas-
ing grade number (or particle size) of the furnace blacks. As expected, they
fit quite well to the above estimate df�2.45 for the black N339. A summary
of these data and a discussion including other fractal parameters is found in
[22].
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3.2.2
Effect of Mixing on In-Rubber Morphology of Primary Aggregates

It is well established that the specific properties of carbon black filled elas-
tomers, e.g., viscoelasticity or electrical conductivity, are strongly affected
by the disordered, ramified structure of the primary aggregates [26, 27]. On
the one hand, this structure is characterized by the mass fractal dimension
considered above. On the other hand, it is determined by a lower and upper
cut-off length, i.e., primary particle size and aggregate size, respectively. In
the following we will focus on the upper cut-off length or, more precisely, on
the size distribution of primary aggregates in ready mixed composites. We
will see that this quantity depends on the conditions of sample preparation,
since aggregate rupture can take place if high shear stresses are applied dur-
ing the mixing procedure.

In the literature it has been found that during mixing aggregate break-
down occurs for a number of carbon blacks in highly viscous rubbers [115–
118]. Recently, the aggregate breakdown was also attributed to classes of spe-
cific shapes of individual carbon blacks [108]. The opinion about the me-
chanical consequences of this process is quite different. On the one side, no
obvious relationship to reinforcement is conjectured [116]. On the other
side, improvements of the mechanical performance, due to the creation of
new, active carbon surface, is assumed, which participates in formation of a
strong filler-rubber coupling [118].

Figure 21 shows results obtained from TEM-analysis of primary aggregate
size distribution of E-SBR/N330-samples at various mixing levels. With in-
creasing mixing time, a shift in aggregate size distribution to smaller values
is observed. The maximum of the distribution of aggregate cross section
area shifts from about 0.03 �m2 to about 0.02 �m2. The shift of the maxi-
mum can be related to a breakdown of aggregates into smaller pieces as mix-
ing time increases. It can also be referred to an improved micro-dispersion

Fig. 21 Aggregate size distribution obtained from TEM-analysis (in-rubber state) of E-
SBR-samples filled with 50 phr N330 at various mixing times, as indicated [115]
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with specific influences on the mechanical property spectrum [85]. A char-
acteristic effect of increasing mixing time on aggregate size is the reduction
in the shoulder, occurring in the case of aggregate cross section areas greater
than 0.05 �m2, in favor of smaller aggregates. This is indicative for the rup-
ture of single aggregates into two pieces.

The observed aggregate breakdown during mixing can be understood on
a more fundamental level, if the above discussed two simultaneous growth
mechanisms, surface- and aggregate growth, during carbon black processing
are considered again (Fig. 20). Obviously, the surface growth implies a
strong bonding between adjacent primary particles by rigid sinter bridges
that keep the primary aggregates together. However, this process goes on
during the aggregate growth leading to a hierarchy of bonding strengths.
The bonds formed in the beginning of aggregate growth become stronger
than the final ones, because the time for stabilization by sinter bridges de-
creases with increasing time in the reaction zone. The bonds formed be-
tween collided aggregates just at the end of the reaction zone, before the
quenching process takes place, remain relatively weak. This also becomes
apparent in the upper scheme of Fig. 20.

For that reason we expect that increasing mixing severity during com-
pounding with highly viscous polymer melts leads to aggregate breakdown
and changes in aggregate size distributions. According to Fig. 22, this is also
observed for an increased filler loading.

As shown in Fig. 22, the maximum of the size distribution is shifted to
smaller values with rising filler concentration from 40 phr N339 to 80 phr
N339 in E-SBR-composites. This results from the increased viscosity, since
shear forces during mixing are enhanced with rising viscosity of the com-
posite. A comparison of the morphology of N339 in E-SBR- and S-SBR-com-
posites with increasing carbon black concentration is summarized in Table 2.
It emphasizes the successive decrease of the mean primary aggregate size
with increasing filler loading for both systems. The composites with E-SBR
have a slightly larger aggregate size in the range of higher filler concentra-
tions compared to those with S-SBR. On the one hand this can be assumed
to result from a lower viscosity, especially under elongation deformations,
which is of high relevance for filler dispersion during mixing. On the other,

Fig. 22 Aggregate size distribution obtained from TEM-analysis (in-rubber state) of E-
SBR-samples filled with 40 and 80 phr N339, respectively, at fixed mixing time of 4 min
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it may also be related to a weaker polymer-filler coupling between the car-
bon black surface and the E-SBR-chains [119].

The observed effect of mixing on aggregate size distribution has a pro-
nounced influence on the mechanical properties of the composites. This can
be quantified by considering the solid fraction Fp of primary aggregates that
represents a measure for the “structure” of carbon blacks. It is given by the
ratio between the solid volume and the overall aggregate volume. Then, with
Eq. (11) one finds the following scaling relation with respect to the average
diameter d of the aggregates:

Fp ¼
Vp
p
6 d3
� d df �3 ð14Þ

A fractal analysis according to Eq. (14) of carbon black aggregates (N339)
in ready mixed E-SBR-composites is depicted in Fig. 23. The predicted scal-
ing behavior of the aggregate solid fraction with diameter can be observed,
though there is a larger scattering of the data as compared to those in
Fig. 19. The slope of the solid regression line yields df�2.33. Note that this
differs significantly from the above estimate (Fig. 19a), which is mainly due
to the different averaging procedures. An analysis of the solid fraction FP,
calculated according to Eq. (14), indicates that for a constant aggregate di-
ameter d there is a distribution of FP, as well as for a constant FP there is a
scatter of the average diameter. The limiting value of the solid fraction Fp=1,
corresponding to spherical particles, fits very well to the size of the primary
particles of the carbon black N339 given by about 30 nm (dashed lines).

As argued above, aggregates are efficiently diminished in size and partly
broken due to the higher shear forces with increasing carbon black loading.
This is emphasized in Fig. 24 by the increasing value of the mean solid frac-

Table 2 Characteristic parameters from TEM-analysis for primary aggregates of N339 in E-
SBR- and S-SBR-composites, respectively, at various filler concentrations and fixed mixing
time (4 min)

N339 [phr] <A> [nm2] <P> [nm] <VP> [nm3]

E-SBR
20 21,600 777 1,750,230
40 14,570 600 1,009,400
60 12,090 534 838,779
80 12,170 516 780,592

S-SBR
20 22,900 857 1,711,680
40 15,820 639 1,113,475
60 12,580 539 839,255
80 8,060 399 482,050

<A>: mean cross section area
<P>: mean perimeter
<Vp>: mean solid volume (Eq. (12))
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tion <FP> as the carbon black loading changes from 0.1 to 0.3 volume frac-
tion. The different extent of aggregate breakdown in E-SBR- and S-SBR com-
posites, summarized in Table 2, again becomes apparent. It is indicated by
the two regression lines that show a slightly steeper increase in the case of S-
SBR-composites (dashed line).

A technologically important advantage of a high primary aggregate
“structure” (low solid fraction) is the improved dispersion behavior of the
“high structure” blacks [26, 119]. In particular, the very fine blacks can
hardly be dispersed by mechanical mixing due to the large number of attrac-
tive contacts between adjacent primary aggregates in a more or less close

Fig. 23 Fractal analysis according to Eq. (14) of primary carbon black aggregates (N339)
prepared from E-SBR-composites with 60 phr filler (in-rubber state). Vp is evaluated
from Eq. (12)

Fig. 24 Mean aggregate solid fraction vs filler volume fraction of N339 in E-SBR- and S-
SBR-composites, respectively, as obtained from TEM-analysis (in-rubber state)
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packing before mixing, e.g., in the pelletized state. With increasing “struc-
ture” (decreasing solid fraction), the number of attractive contacts per unit
volume decreases and the force, necessary to separate the aggregates in a
pellet, is reduced. In comparison, for the coarse blacks the number density
of contacts between neighboring aggregates in a pellet is relatively small and
therefore also “low structure” grades are quite easily dispersed.

Summarizing we conclude that the primary aggregate “structure” can be
well analyzed by TEM-techniques. It is readily described by a fractal ap-
proach that refers to a cluster-cluster aggregation mechanism of primary
particles during carbon black processing. During compounding of carbon
blacks with highly viscous rubbers, rupture of primary aggregates takes
place depending on the mixing severity. This leads to a reduced aggregate
size and an increased solid fraction with increasing mixing time or filler
loading, which has a significant influence on the mechanical properties of
the composites. This will be considered in a micro-mechanical model of
rubber reinforcement in Sect. 5.

4
Carbon Black Networking on Mesoscopic Length Scales

4.1
Microscopic and Scattering Analysis

A key factor for a deeper understanding of structure-property relationships
of high performance elastomers is the morphological arrangement of filler
particles on mesoscopic length scales due to secondary aggregation, also re-
ferred to as filler flocculation, cluster formation or networking. Even though
the presence of such secondary network structures is often used in dis-
cussing filler specific mechanisms as the Payne effect, its morphology, as de-
picted in Fig. 25, is rarely studied on a quantitative level in comparison to
that of the primary aggregates.

In particular, the morphology of secondary filler networks is of high rele-
vance for micro-mechanical models of rubber reinforcement, involving the
original relaxed network structure as well as its stress-induced breakdown
during deformations. Such models have been developed by assuming, e.g., a
percolation structure for the filler network [56] with a characteristic mass
fractal dimension df=2.5 [6, 7]. Investigations of carbon black network
structure in polyethylene (HDPE) by electric force microscopy confirm this
value, approximately, delivering df=2.6 on length scales between 0.8 and
2 mm [113]. However, recent studies of carbon black (N330) network struc-
ture in rubber (EPDM) by scanning electron microscopy found significantly
smaller values for the mass fractal dimension in the intermediate length
scale range between about 200 nm and 2 mm, increasing from df=1.9 to
df=2.4 with increasing filler concentration [120]. The variation of the fractal
dimension was referred to a spatial inter-penetration of spanning cluster
arms in three-dimensional space that does not allow for a proper estimation
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of df. The value df=1.9 for low filler concentrations was conjectured to lie
close to the characteristic value df=1.8 expected for cluster-cluster aggrega-
tion (CCA) [6, 7]. The CCA-morphology has been considered by Witten et
al. in modeling the quasi-static stress-strain behavior of filler reinforced
rubbers [21]. Furthermore, based on the assumption of a CCA-filler net-
work, the scaling behavior of the small strain elastic modulus with filler con-
centration could be well described [22, 23, 48, 85], though there is no unique
experimental evidence for this particulate morphology (see below).

So far, scattering techniques fail to provide reliable information on the
connectivity of the filler network on larger length scales. This is again due to
the spatial inter-penetration of the filler network in three-dimensional space,
since labeling techniques, as considered, e.g., for polymer networks, cannot
be applied. SAXS-studies on carbon black (N330) filled polyethylene have
demonstrated that inter-penetration of primary aggregates in dense pellets
causes the fractal domain to vanish due to a loss of correlation between pri-
mary particles [95]. A well defined scaling behavior of the scattering curves
could only be obtained if a vanishing inter-penetration of neighboring ag-
gregates was insured, i.e., spatially well separated aggregates, obtained from
de-pelletized or fluffy black at sufficiently low filler concentrations, were re-
alized. The same effect of inter-cluster correlation causes difficulties in ob-
taining information on the structure and connectivity of filler networks in
elastomers, since inter-penetration cannot be avoided. This is also obvious
in the TEM-micrograph shown in Fig. 25, where the three-dimensional, in-
ter-penetrating connectivity of the carbon black network structure becomes
apparent.

Fig. 25 TEM-micrograph of a carbon black network obtained from an ultra-thin cut of a
filled rubber sample
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4.2
Investigations of Electrical Properties

4.2.1
Percolation Behavior of the d.c.-Conductivity

An important tool for analyzing the structure of carbon black networks in
elastomers is provided by investigations of the electrical percolation behav-
ior and the dielectric properties in a broad frequency range [22, 23, 121–
139]. This is evident from the fact that, in an isolating polymer matrix, the
charge carriers follow the conducting paths given by the connectivity of the
filler network. In particular, the electrical percolation threshold decreases
with increasing specific surface and/or “structure” of carbon black primary
aggregates and decreasing compatibility between polymer and filler [121–
125]. This emphasizes the role of mean aggregate distance or gap size be-
tween primary aggregates or clusters. It refers to a thermally activated hop-
ping or tunneling of charge carriers across the gaps that governs the con-
ductivity of carbon black filled polymers above the percolation threshold.
The non-universal value of the percolation exponent of the d.c.-conductivity
gives a further hint on the role of charge carrier tunneling in the conduction
mechanism of filled polymer composites [126, 127].

The electrical percolation behavior for a series of carbon black filled rub-
bers is depicted in Fig. 26 and Fig. 27. The inserted solid lines are least
square fits to the predicted critical behavior of percolation theory, where
only the filled symbols are considered that are assumed to lie above the per-
colation threshold. According to percolation theory, the d.c.-conductivity sdc
increases with the net concentration F�Fc of carbon black according to a
power law [6,128]:

Fig. 26 D.c.-conductivity vs carbon black volume fraction of E-SBR samples filled with
various furnace blacks. The solid lines are least square fits according to Eq. (15). Experi-
mental data are taken from [124]
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sdc ¼ so
F � Fc

1 � Fc

� �m

for F>Fc ð15Þ

The critical concentration Fc denotes the percolation threshold, so is the
limiting d.c.-conductivity for F=1 and the exponent m is called percolation
exponent. As outlined in [23], percolation theory predicts a universal value
m�2 for all types of 3-D-lattices. However, the fitted lines in Fig. 26 and
Fig. 27 yield a non-universal behavior of m, i.e., significantly larger values
that depend on the carbon black grade and on the type of rubber. This is ap-
parent from the data shown in Table 3, where the fitting parameters Fc, m,
and s0 are listed together with the correlation coefficients r2 for all sample
series. Obviously, there is a clear trend that the critical concentration Fc as
well as the percolation exponent m increase with increasing grade number of
carbon black and, apart from the very coarse blacks, the limiting conductiv-
ity so decreases. Furthermore, these parameters are found to be highly af-
fected by the microstructure of the rubber matrix.

This behavior can be understood if a superimposed kinetic aggregation
process of primary carbon black aggregates in the rubber matrix is consid-
ered that alters the local structure of the percolation network. A correspond-
ing model for the percolation behavior of carbon black filled rubbers that
includes kinetic aggregation effects is developed in [22], where the filler con-
centrations F and Fc are replaced by effective concentrations. In a simpli-
fied approach, not considering dispersion effects, the effective filler concen-
tration is given by:

Feff ¼
F
Fp

1 þ b
F�Fþ

Fp

� �B
( )

ð16Þ

Fig. 27 D.c.-conductivity vs carbon black volume fraction of various rubber samples
filled with the furnace black N660. The solid lines are least square fits according to
Eq. (15). Experimental data are taken from [124]
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In Eq. (16), FP is the solid fraction of the primary aggregates, which takes
into account that carbon blacks are “structured” (compare Sect. 3.2.). F+ is
a critical concentration (aggregation limit), where secondary aggregation
starts and b and B are characteristic growth exponents of secondary aggre-
gation. These three parameters are governed by the mean primary aggregate
distance and their mobility in the rubber matrix, i.e., they depend on the
specific surface and “structure” of carbon black grade and on the type of
rubber. In particular, it is shown in [22] that the cluster growth function
Eq. (16) allows for a quantitative description of the dependence of the Young
modulus on filler concentration in the case of spherical, mono-disperse
model fillers (micro-gels). In [48] it is demonstrated that the ability of sec-
ondary aggregation of filler particles in highly viscous polymers is reduced
with increasing polymer-filler interaction. The same effect is described in
the literature for the case of surface modified as well as graphitized carbon
blacks [61, 129, 130].

The consideration of kinetic aggregation of “structured” filler particles by
an effective filler concentration Feff, as given by Eq. (16), instead of F and
Fc in the percolation model Eq. (15), allows for a consistent interpretation
of the observed variation of fitting parameters listed in Table 3. A first effect
on Fc results from the “structure”, as described by FP, that generally tends
to larger values for the coarse blacks with large grade number. Since TEM-
data for FP, shown, e.g., in Fig. 23 and Fig. 24, are not available for all sam-
ple series, the values FP(CDBP)=(1+rCB CDBP/100)�1 are inserted in Table 3.
They are given by the amount of di-butylphthalate absorption per 100 g of
carbon black after mechanical treatment (compressed DBP number (CDBP)
according to ASTM D3493-90) and the mass density rCB=1.8 g/cm3 of car-

Table 3 Fitting parameters of Eq. (15) for the data shown in Figs. 26 and 27

Sample series N2SA
[m2/g]

FP(CDBP) Fc m so

[S/cm]

r2

E-SBR/N110 138 0.36 0.091 3.7 3.9�10�3 0.966
E-SBR/N220 116 0.36 0.090 3.4 1.3�10�2 0.920
E-SBR/N299 106 0.35 0.105 3.2 4.2�10�3 0.938
E-SBR/N339 95 0.35 0.110 2.7 2.0�10�4 0.989
E-SBR/N358 85 0.34 0.109 3.4 4.8�10�4 0.985
E-SBR/N550 41 0.41 0.162 4.0 8.0�10�4 0.998
E-SBR/N650 38 0.40 0.162 7.1 0.36 0.994
E-SBR/N774 29 0.45 0.185 10.6 17.2 0.960
EPDM/N660 36 0.43 0.129 6.3 122 0.994
NR/N660 36 0.43 0.143 7.8 1078 0.998
L-SBR(18)/N660 36 0.43 0.159 6.2 0.43 0.992
L-SBR(23)/N660 36 0.43 0.178 4.6 0.026 0.986
L-SBR(35)/N660 36 0.43 0.191 5.2 0.093 0.997
E-SBR/N660 36 0.43 0.193 5.5 1.02 0.999

N2SA: Nitrogen surface area
FP(CDBP): Primary aggregate solid fraction from CDBP-absorption with data from [26]
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bon black. Obviously, a single factor, e.g., the numerically estimated value of
the percolation threshold in a simple cubic lattice, Fc,eff�0.31 [6], gives no
correlation between FP(CDBP) and the experimental values of Fc, indicating
that the external bracket term of Eq. (16) differs from one. It means that the
power law term, considering kinetic aggregation, must be significant. Ac-
cordingly, the percolation threshold Fc increases with increasing grade num-
ber mainly due to the restriction of mobility with decreasing specific surface
of the primary aggregates.

The impact of rubber type on Fc (Fig. 27) can also be related to the varia-
tion of particle mobility, since a strong polymer-filler coupling in a more
compatible polymer matrix reduces the particle mobility. Accordingly, be-
side the effect of “structure” considered by FP(CDBP), the enhanced poly-
mer-filler interaction in the series from EPDM via NR to the SBRs [124] as
well as the decreasing specific surface area (N2SA) with rising carbon black
grade number lead to an increase of the percolation threshold Fc, since both
effects hinder the kinetic aggregation process. A reduced aggregation corre-
sponds to higher values of the growth exponent B in Eq. (16), which can be
related to the increase of the percolation exponent m with increasing grade
number, observed in Table 3. This is realized on a qualitative level, when the
percolation Eq. (15) is rewritten with effective volume fractions as given by
Eq. (16). Then, if for sufficient large filler concentrations the one in the first
bracket term of Eq. (16) is neglected and if furthermore F+ is approximated
by Fc, one obtains an approximative scaling equation for the conductivity
with respect to the net concentration F�Fc with an effective exponent
m(B+1) that can be significantly larger than m. This explains the non-univer-
sal value of the conductivity exponent that increases with the cluster growth
exponent B.

Consequently, the consideration of a superimposed kinetic aggregation in
the framework of percolation theory allows for a qualitative understanding
of the variation of Fc and m for the different sample series. We finally note
that for a proper quantitative description of the percolation behavior of car-
bon black composites it is also necessary to consider the effect of primary
aggregate breakdown more closely, i.e., the dependence of FP on filler con-
centration and mixing conditions entering Eq. (16) (compare Sect. 3.2.2).
This is beyond the scope of the present chapter. A quantitative description
of percolation including a full characterization of in-rubber morphology of
primary carbon black aggregates will be a task of future work.

4.2.2
Dielectric Analysis of Carbon Black Networks

The dielectric properties of carbon black filled rubbers are closely related to
the morphological structure of filler networks, providing an important anal-
ysis tool on mesoscopic length scales. On the one hand, the tunneling or
hopping of charge carriers over conductive gaps provide information on the
specific morphology of filler-filler bonds on nanoscopic length scales [121,
122, 131–134]. On the other hand, the scaling behavior of the conductivity
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in the high frequency regime is indicative for anomalous diffusion of charge
carriers on fractal carbon black clusters on mesoscopic length scales [23,
134–139]. In the following, both of these effects will be analyzed by referring
to exemplary results.

Fig. 28 shows the real part of the a.c.-conductivity s0 of a highly filled
NR/N339 sample in the frequency- and temperature range 10�1 to 107 Hz
and �100 to 150 �C, respectively. At low frequencies, below around 105 Hz,
the conductivity is almost independent of frequency but shows a pro-
nounced temperature dependence. At high frequencies, a relaxation transi-
tion is observed leading to a step-like increase of the conductivity. In the
low frequency regime, the conductivity first decreases slightly with increas-
ing temperature, when the glass transition temperature, Tg�-60 �C, is ex-
ceeded. This can be related to an enhanced thermal expansion of the rubber
above Tg. It increases the size of conducting gaps between adjacent, highly
conducting carbon black aggregates somewhat, implying that the gap size is
the dominating factor for the conductivity. Since no thermal activation of
the conductivity is observed at low temperatures, the conduction mecha-
nism can be concluded to be due to tunneling across gaps. Consequently,
the gap size is of the order of 1 nm, i.e., the typical tunnel distance of quan-
tum particles [121, 122]. It can be related to the presence of a thin polymer
film in the contact area between flocculated primary carbon black aggre-
gates.

Fig. 28 A.c.-conductivity s0 vs frequency and temperature of a NR-sample filled with
80 phr carbon black (N339)
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With rising temperature, above around 0 �C, the conductivity shown in
Fig. 28 increases significantly. A closer analysis indicates a characteristic Ar-
rhenius behavior in the temperature regime between 20 and 60 �C. Recently,
such behavior has also been observed for other carbon black filled elas-
tomers [133]. Obviously, the conduction mechanism in this temperature re-
gime changes, implying a thermally activated hopping of charge carriers
across the gaps between adjacent carbon black aggregates [121, 122]. For
temperatures larger than about 60 �C the conductivity levels out. This can be
related to the impact of an increasing gap size on the conductivity, i.e., the
strong exponential decrease of the conductivity with increasing gap size due
to a more pronounced thermal expansion. Investigations of highly filled
composites with various rubbers show that a qualitative similar behavior of
the temperature dependence of the conductivity as in Fig. 28 is realized, but
the temperature where the conductivity levels out seems to be roughly corre-
lated with the glass transition temperature of the polymer. In particular, for
BR-composites with a relatively low glass transition temperature, the con-
ductivity levels out around room temperature and shows a pronounced drop
by orders of magnitude at higher temperatures. For these systems a conduc-
tor-isolator transition is observed at about 130 �C, which must be related to
a strong increase of the gaps beyond a distance where hopping or tunneling
of charge carriers can take place.

For a deeper understanding of structure-property relationships it is useful
to consider the effect of carbon black grade and concentration as well as
polymer type on the dielectric properties more closely. In Fig. 29 the real
part of the a.c.-conductivity s0 at 20 �C of a series of rubber composites,
consisting of the more polar statistical co-polymer NBR and the fine black
N220, is depicted for various filler concentrations in the high frequency re-
gime up to 1 GHz. For the lower carbon black concentrations, a power law
behavior with exponent around 0.6 is observed, while the highly filled com-

Fig. 29 A.c.-conductivity s0 vs frequency at 20 �C of NBR-samples filled with various
amounts of N220, as indicated. The solid lines correspond to the scaling behavior
Eq. (17), obtained in the high frequency range up to 1 GHz
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posite exhibits a cross-over from a plateau value to a power law behavior.
Obviously, the characteristic cross-over frequency increases with rising filler
concentration.

This behavior becomes more transparent in Fig. 30a,b, where the a.c.-con-
ductivity s0 and relative dielectric constant (permittivity e0), respectively, for
a series of less polar S-SBR-samples filled with various amounts of the coarse
black N550 are show at 20 �C in a broader frequency range up to 107 Hz. For
filler concentrations below the percolation threshold (F�0.15), the conduc-
tivity behaves essentially as that of an isolator and increases almost linearly
with frequency. Above the percolation threshold (F�0.2), it shows a charac-
teristic conductivity plateau in the small frequency regime. Since at low fre-
quencies the value of the conductivity s0 agrees fairly well with the d.c.-con-
ductivity, the plateau value exhibits the characteristic percolation behavior
considered above. In the high frequency regime the conductivity depicted in

Fig. 30 a Conductivity s0 vs frequency at 20 �C of S-SBR-samples filled with various
amounts of N550, as indicated. b Permittivity e0 vs frequency at 20 �C of the same S-
SBR-samples
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Fig. 30a behaves similarly to that of the NBR/N220-samples shown in
Fig. 29, i.e., above a critical frequency wx it increases according to a power
law with an exponent n significantly smaller than one. In particular, just be-
low the percolation threshold for F=0.15 the slope of the regression line in
Fig. 30a equals 0.98, while above the percolation threshold for F=0.2 it
yields n=0.65. This transition of the scaling behavior of the a.c.-conductivity
at the percolation threshold results from the formation of a conducting car-
bon black network with a self-similar structure on mesoscopic length scales.

The reduced value of the scaling exponent, observed in Fig. 29 and
Fig. 30a for filler concentrations above the percolation threshold, can be re-
lated to anomalous diffusion of charge carriers on fractal carbon black clus-
ters. It appears above a characteristic frequency wx, when the charge carriers
move on parts of the fractal clusters during one period of time. Accordingly,
the characteristic frequency wx for the cross-over of the conductivity from
the plateau to the power law regime scales with the correlation length x of
the filler network.

For a quantitative analysis of the scaling and cross-over behavior of the
a.c.-conductivity above the percolation threshold we refer to the predictions
of percolation theory [128, 136, 137]:

s0 ðwÞ � wn for w>wx ð17Þ

and

wxðFÞ ffi wx;o
x
do

� ��dw

ffi wx;o
F � Fc

1 � Fc

� �m

ð18Þ

For the evaluation of the front factor the Einstein equation for the con-
ductivity so can be used. It yields

wx;o ¼ t�1
x;o ¼

6so kBT
e2 no d2

o
ð19Þ

Here, e is the electron electric charge, no is the charge carrier density, and
do is the size of the lattice units, i.e., the primary aggregates. The two critical
exponents n=(dw-df+1)/dw�0.6 and m=ndw�3.3 are given by the characteris-
tic structure parameters of percolation in three dimensions, i.e., the fractal
dimension df�2.5, the anomalous diffusion exponent dw�3.8, and the corre-
lation length exponent n�0.87 [128, 137]. The experimental value n=0.65
found in Fig. 30a is in fair agreement with this prediction, indicating that for
sufficient high carbon black concentrations a percolation structure of the fil-
ler network is realized in the systems. However, the experimental value
n=0.65 lies also not far away from the predicted value n�0.74 for a kinetical-
ly aggregated CCA-network structure, obtained with a fractal dimension
df�1.8 and an anomalous diffusion exponent dw�3.1. A more detailed dis-
cussion of the scaling behavior of the conductivity in the framework of the
two models, percolation and kinetic aggregation, is presented in [23].

The permittivity shown in Fig. 30b characterizes the polarization of the
samples in an alternating field. At low carbon black concentrations, the per-
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mittivity is relatively small (e0ffi10) and almost independent of frequency. At
higher carbon black concentrations, above the percolation threshold
(F�0.2), relatively high values of the permittivity (e0ffi103) are found in the
low frequency regime, but with increasing frequency a relaxation transition
takes place and the permittivity e0 falls off drastically. The location of the re-
laxation transition on the frequency scale, wR, is shifted to higher frequen-
cies with rising carbon black concentration. Note that the corresponding re-
laxation current leads to the step-like increase of the conductivity in the
high frequency regime, observed for the system NR/N339 in Fig. 28. For the
present sample series S-SBR/N550, shown in Fig. 30a,b, this relaxation cur-
rent is not significant on the chosen logarithmic scale. Obviously, it is hid-
den by the relatively high conduction plateau. In this sense, conductivity
and permittivity are decoupled, allowing for a proper analysis of the anoma-
lous diffusion- and polarization transitions, separately.

An explanation of the observed relaxation transition of the permittivity
in carbon black filled composites above the percolation threshold is again
provided by percolation theory. Two different polarization mechanisms can
be considered: (i) polarization of the filler clusters that are assumed to be
located in a non polar medium, and (ii) polarization of the polymer matrix
between conducting filler clusters. Both concepts predict a critical behavior
of the characteristic frequency wR similar to Eq. (18). In case (i) it holds that
wRffiwx, since both transitions are related to the diffusion behavior of the
charge carriers on fractal clusters and are controlled by the correlation
length x of the clusters. Hence, wR corresponds to the anomalous diffusion
transition, i.e., the cross-over frequency of the conductivity as observed in
Fig. 30a. In case (ii), also referred to as random resistor-capacitor model,
the polarization transition is affected by the polarization behavior of the
polymer matrix and it holds that [128, 136, 137]

wRðFÞ ffi
1

RoCo

F � Fc

1 � Fc

� �q

ð20Þ

Here, Ro is the resistance of the occupied lattice units and Co is the capac-
itance of the non-occupied lattice units. In a first attempt, not considering
anomalous diffusion effects, the exponent has been evaluated as q=m+s�2.7,
where s�0.7 and m�2.0 are the conductivity exponents (in three dimen-
sions) below and above the percolation threshold, respectively. However, by
including anomalous diffusion effects one obtains q=m=ndw�3.3 [136, 137].

For a quantitative analysis of the percolation behavior of wR, considered
in Eq. (20), the permittivity data shown in Fig. 30b have been fitted to an
empirical Cole-Cole function [131, 132]. The fits are quite good, yielding rel-
atively small broadness parameters between 0.36 and 0.5. The obtained re-
laxation times tR=wR

�1 are depicted in Fig. 31 in dependence of filler con-
centration F. Furthermore, the cross-over times tx=wx

�1 and the limiting
low frequency plateau values of the conductivity s0 (w!0), obtained from
the data in Fig. 30a, are represented in Fig. 31. They have been evaluated by
a simple shifting procedure for constructing a conductivity master curve, as
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applied, e.g., in [135]. The solid lines depicted in Fig. 31 are fitted curves for
the characteristic composite parameters s0 (w!0)=sdc, tx, and tR according
to Eqs. (15), (18) and (20), respectively. Thereby, a common exponent
q=m=10.1 and a single value of the percolation threshold Fc=0.165 have
been assumed, providing best fits to the experimental data with correlation
coefficients r2 between 0.978 and 0.996. The conductivity exponent corre-
sponding to Eq. (15) is found as m=7.4 and the limiting conductivity for
F=1 yields so=12.4 S/cm. For the two front factors of Eqs. (18) and (20) one
obtains tx,o=1.4�10�14 s and tR,o=6.3�10�13 s.

If the estimated fitting parameters are compared to the predicted values
of percolation theory, one finds that all three exponents are much larger than
expected. The value of the conductivity exponent m=7.4 is in line with the
data obtained in Sect. 3.3.2, confirming the non-universal percolation behav-
ior of the conductivity of carbon black filled rubber composites. However,
the values of the critical exponents q=m=10.1 also seem to be influenced by
the same mechanism, i.e., the superimposed kinetic aggregation process
considered above (Eq. 16). This is not surprising, since both characteristic
time scales of the system depend on the diffusion of the charge carriers
characterized by the conductivity.

The front factors obtained from the fittings in Fig. 31 can be used for a
dielectric characterization of the network units, e.g., for an evaluation of the
charge carrier density no of the primary carbon black aggregates as given by
Eq. (19). Therefore, the electric charge e2=2.3�10�28 Jm and the conductivity
so=1.1�1013 s�1 have to be inserted with respect to Gaussian units. The
mean diameter of primary aggregates in S-SBR composites (50 phr N550)
has been obtained from TEM analysis as do=157 nm. With T=293 K and
kB=1.38�10�23 J/K this yields for the reduced charge carrier density no

Fig. 31 Characteristic parameters of the S-SBR/N550 composites, s0 (w!0), tx, and tR,
for various carbon black concentrations F obtained from Fig. 30a, b. The solid lines are
adapted to Eqs. (15), (18), and (20), respectively

44 Manfred Kl�ppel



do
3=2.6, i.e., the number of charge carriers per primary aggregate is of order

one. This relative small number of charge carriers can be related to the tun-
neling or hopping conductivity mechanism between conducting nanoscopic
islands (primary aggregates) with a high Coulomb exclusion energy. The ex-
clusion energy for a single electron can be roughly estimated from the limit-
ing relaxation time tR,o=RoCo, if the resistance Ro of the lattice units is ex-
pressed by the conductivity so via Roffi(sodo)�1=5.1�103 W. This yields for
the capacitance of the lattice units Co=1.2�10�16 F, or in Gaussian units
Co=1.1�10�6 m. Hence, the exclusion energy of a single electron results as
EC=e2/2Co=10�22 J. This value is more than one order of magnitude smaller
than the thermal energy kBT=4�10�21 J, which has to be exceeded for insur-
ing the dominance of the Coulomb exclusion energy. Accordingly, from this
estimates it appears that the charge carrier density is not limited by the ex-
clusion energy but governed by thermal fluctuations. However, note that this
calculation is not very precise, since the local geometrical structure of the
lattice units is not considered properly. A more fundamental study of charge
transport mechanisms in carbon black filled rubbers should take into ac-
count that the lattice units are fractal objects (primary carbon black aggre-
gates), which are separated by small gaps not larger than a few nanometers.

4.3
Flocculation Dynamics and the Nature of Filler-Filler Bonds

For a deeper understanding of filler networking in elastomers it is useful to
monitor structural relaxation phenomena during heat treatment (annealing)
of the uncross-linked composites. This can be achieved by investigations of
the time development of the small strain storage modulus G00 that provides
information about the flocculation dynamics [140–143]. Figure 32a shows
the time development of G00 of S-SBR melts of variable molar mass filled
with 50 phr carbon black (N234), when a step-like increase of the tempera-
ture from room temperature to 160 �C is applied. Figure 32b shows a strain
sweep of the same systems after 60 min annealing time. Dependent on the
molar mass Mw, as indicated, a pronounced increase of G00 is observed in
the first minutes that levels out more or less to a plateau value at larger an-
nealing times. In agreement with recent studies of Wang et al. [143], the lar-
gest plateau value is observed for the lowest molar mass, indicating that the
increase of the modulus results from flocculation of primary aggregates to
form secondary aggregates (clusters) and finally a filler network. It appears
that a weakly bonded superstructure develops in the systems during heat
treatment that stiffens the polymer matrix. With increasing dynamic strain
amplitude, as depicted in Fig. 32b, a stress-induced breakdown of the filler
clusters takes place and the storage modulus decreases by about one order
of magnitude (Payne effect). With respect to the variable molar mass of the
systems, Fig. 32b shows a cross-over of the moduli with increasing strain,
indicating that a larger molar mass stabilizes the filler-filler bonds more ef-
fectively. This can be related to the overlapping action of tightly bound poly-
mer chains in the contact area between adjacent filler particles.
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Inspired by the above flocculation analysis and the dielectric investiga-
tions described before, a model concerning the structure-property relation-
ships of filler-filler bonds in a bulk rubber matrix can be developed as illus-
trated in Fig. 33. According to this model, the stiffness of filler-filler bonds
is governed by the remaining gap size between contacting particles. This, in
turn, depends on the ability to squeeze out the bound polymer chains from
the contact area under the attractive action of the van der Waals force be-
tween the filler particles. This process leads to a stiffening of filler-filler
bonds. It is favored by several factors, e.g., a high ambient temperature, low
molar mass, small particle size, weak polymer-filler- and strong filler-filler
interaction.

The mechanical connectivity between the filler particles is provided by a
flexible, nanoscopic bridge of glassy-like polymer, resulting from the immo-
bilization of the rubber chains in the confining geometry close to the gap.

Fig. 32 a Time development of the small strain storage modulus of uncross-linked S-
SBR composites with 50 phr N234 during heat treatment at 160 �C for various molar
masses, as indicated (0.28% strain, 1 Hz). b Strain dependency of the storage modulus
of the samples depicted in a after heat treatment for 60 min at 160 �C
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Since the stiffness of the bonds transfers to the stiffness of the whole filler
network, the small strain elastic modulus of highly filled composites is ex-
pected to reflect the specific properties of the filler-filler bonds. In particu-
lar, the small strain modulus increases with decreasing gap size during heat
treatment as observed in Fig. 32a. Furthermore, it exhibits the same temper-
ature dependence as that of the bonds, i.e., the characteristic Arrhenius be-
havior typical for glassy polymers. Note however that the stiffness of the fil-
ler network is also strongly affected by its global structure on mesoscopic
length scales. This will be considered in more detail in the next section.

In the case of carbon black filled diene-rubber composites the polymer-
filler interaction is generally quite strong due to the high affinity between
the p-electrons at the carbon surface and those in the double bonds of the
chains. According to the site energy distribution function estimated in
Sect. 3.1.2, the typical interaction energy between carbon black and ethylene,
representing a single double bond, lies between 10 and 35 kJ/mol and de-
pends on the grade number. A more practical procedure for characterizing
the polymer-filler interaction in elastomer composites is the estimation of
bound rubber, i.e., the amount of polymer tightly bound to the filler surface
after mixing [144]. It is well known that this amount increases with the mo-
lar mass of the polymer and the specific surface area of the filler particles,
but is also affected significantly by the surface activity, given, e.g., by the site
energy distribution function of the filler obtained with polymer analogous
gases [144–147]. A further effect comes in from the preparation conditions
of the composites, e.g., mixing time [148], since the formation of bound rub-
ber is a slow dynamical process that requires time.

Figure 34 shows the result of bound rubber estimates at room tempera-
ture for variously mixed S-SBR composites filled with 50 phr of four differ-
ent carbon blacks. The furnace blacks were mixed for 3 and 6 min in an in-

Fig. 33 Schematic view considering the structure of filler-filler bonds in a bulk rubber
matrix. The impact of gap size on the stiffness of filler-filler bonds becomes apparent
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ternal mixer, respectively, while the graphitized black N220g was mixed for
20 min on a roller mill. The dispersion rating was found to be larger than
90% for all systems. It becomes obvious that the amount of bound rubber
increases with increasing mixing time from 3 to 6 min. This results from an
exchange of shorter chains, already bound to the filler surface, by longer
chains during the ongoing mixing process. The longer chains are bound
more tightly to the surface due to a higher number of adhesive contact spots
per chain [144–146]. Beside the effect of mixing time the estimated bound
rubber reflects the difference in specific surface of the furnace blacks that
increases from N550 (41 m2/g) via N220 (116 m2/g) to N115 (143 m2/g). A
deviation from this correlation is observed for the graphitized black N220g
that shows a significantly smaller amount of bound rubber as compared to
its relatively large specific surface (88 m2/g). This effect can be attributed to
the lower surface activity of the graphitized black that results from the
marked reduction of highly energetic sites during graphitization (compare
Fig. 15 and Table 1). From this observation it appears that the highly ener-
getic sites are the dominating factor for strong polymer-filler couplings.

The different interaction strength between polymer and filler leads to
characteristic implications for the structural relaxation behavior (floccula-
tion) of filler particles in highly entangled polymer melts. Figure 35 shows
the strain dependency of the storage modulus G0 for the two composites S-
SBR/N220g and S-SBR/N220 (mixing time 6 min) before and after heat treat-
ment (annealing) of the samples for 20 min at 160 �C. Obviously, a signifi-
cant increase of the small strain modulus of both systems results during heat
treatment, referring to the flocculation of filler particles. With increasing
strain the moduli decrease significantly due to a stress-induced successive
breakdown of filler clusters. A comparison of the two systems filled with the
furnace black N220 and the graphitized black N220g shows a stronger in-
crease of the moduli for the system with the graphitized black, indicating a

Fig. 34 Results of bound rubber estimates at room temperature for various carbon black
filled S-SBR composites, as indicated
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more pronounced flocculation during heat treatment. According to the mod-
el of filler-filler bonds considered in Fig. 33, the lower amount of tightly
bound polymer around the graphitized black N220g supports the floccula-
tion. It implies smaller contact gaps, because the polymer between the con-
tacting particles can be squeezed out more readily by the attractive van der
Waals forces. This leads to stiffer filler-filler bonds and hence to a higher
modulus of the filler network. From principal reasons it is also possible that
the global structure of the filler network of the two systems prepared with
the furnace and graphitized black after heat treatment is generally different,
e.g., the arrangement of the graphitized carbon particles is more compact.
However, we will argue below that the formation of the filler network is gov-
erned by a diffusion controlled cluster-cluster aggregation (CCA)-process
that leads to a universal CCA-network structure. Under this condition the
difference in stiffness of the two systems has to be related to a change of the
local stiffness of the filler-filler bonds.

The impact of bound rubber on the spacing of filler-filler contact gaps
during annealing of carbon black composites at elevated temperature is af-
fected by the amount of bound rubber estimated at this particular tempera-
ture. However, the values listed in Fig. 34, obtained at room temperature,
may not be representative, because the amount of bound rubber depends on
the extraction temperature. In general, the amount of bound rubber is also
affected by the solvent used for extraction and decreases with increasing ex-
traction temperature [150–153]. In earlier studies a linear decrease in bound
rubber with temperature was observed, extrapolating to zero at 375 �C
[150]. Other authors found a much more dramatic decrease with minimum
bound rubber at about 100 �C [151]. Subsequent studies of Chapman et al.
[152], comparing extraction in vacuum, nitrogen, and air, respectively,
found a moderate decrease of bound rubber of about 30% at 100 �C in vacu-

Fig. 35 Strain dependency of the storage modulus (G0 at 60 �C) of uncross-linked S-SBR
composites filled with 50 phr N220 and N220g, respectively, before and after heat treat-
ment for 20 min at 160 �C
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um as compared to room temperature and a much more pronounced de-
crease in air and also in nitrogen atmosphere. They concluded that oxidative
chain scission reduces the bound rubber content at elevated temperature if
determined in air and also in nitrogen. Similar results were obtained by Kida
et al. [153]. They concluded from NMR-relaxation measurements that only
the content of the outer, most mobile rubber phase is reduced while the
highly immobilized phase close to the carbon black surface remains almost
constant up to 113 �C. From these results we can expect that for an annealing
temperature of about 160 �C, which is also applied during vulcanization,
bound rubber is still present at the carbon black surface and hinders the ag-
gregation of neighboring particles. Note that this is also expected from sim-
ple energetic arguments, since the above estimated adsorption energy of eth-
ylene on N220, Q�10–35 kJ/mol, is almost one order of magnitude larger
that the thermal energy RT=3.6 kJ/mol at 160 �C.

The effect of bound rubber on the stiffness of filler-filler bonds is essential
for the small strain modulus G00. It allows for a qualitative explanation of
various well known phenomena described, e.g., in the pioneering papers of
Payne [28–35]. In particular, the observed decrease of G00 with increasing
mixing time [33, 148] can be related to a softening of the bonds due to a suc-
cessive increase of bound rubber. Furthermore, the variation of G00 with
polymer type [30, 154] can be related to the impact of bound rubber on the
spacing of filler-filler bonds, implying that a strong polymer-filler coupling
or high molar mass lowers the value of G00. Note that this interpretation can
also explain the more or less significant correlation between the small strain
modulus and the electrical conductivity level obtained, e.g., in [154]. This
kind of correlation is also found, if composites with graphitized and non-
graphitized carbon blacks of the same grade number are compared. The
higher stiffness of composites with graphitized blacks is typically accompa-
nied by a higher conductivity level [121]. Both effects refer to a smaller gap
size between contacting primary aggregates in the case of graphitized
blacks.

Beside the stiffness of filler-filler bonds, the amount of bound rubber im-
pacts also the strength of the bonds between interacting filler particles. Due
to the overlapping action of the tightly bound polymer chains close to the
contact area of neighboring filler particles, the mechanical stability of filler-
filler bonds increases with increasing amount of bound rubber. This ex-
plains the cross-over behavior of the moduli (after heat treatment) as ob-
served in Fig. 32b and Fig. 35: The systems with the lower amount of bound
rubber, i.e., the composites with graphitized blacks and the low molar mass
of the polymer, respectively, show the largest values of the small strain mod-
ulus G00, but the drop of the moduli with increasing strain appears at signifi-
cantly smaller strain amplitudes. The stabilizing bound rubber layer can be
considered to act like a spanning net around the filler clusters, implying a
high flexibility of the filler network. We will see that this kind of reinforcing
action is responsible for the pronounced hysteresis and high strength of re-
inforced rubbers in the dynamic strain regime up to around 100%. Further
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significant effects of the bound rubber layer result in the quasi-static high
strain regime. This will be considered in the next section.

In conclusion, the investigations of electrical properties of carbon black
filled rubbers, presented in Sect. 4.2, indicate that a percolation structure for
the filler network is realized on mesoscopic length scales, if a critical filler
concentration is exceeded. This structure seems to be modified by a super-
imposed kinetic aggregation process that refers to the non-universal value of
the percolation exponent and the impact of specific surface on the percola-
tion threshold. Further experimental evidence for a kinetic aggregation
mechanism of colloidal particles dispersed in a rubber matrix is given by
the mechanical response of the uncross-linked composites during heat treat-
ment (annealing), demonstrating that a relative movement (flocculation) of
the particles takes place that depends on particle size, molar mass of the
polymer as well as polymer-filler and filler-filler interaction. It has been ar-
gued that the mechanical stiffness of filler-filler bonds is governed by the re-
maining gap size between adjacent filler particles that develops during an-
nealing (and cross-linking) of filled rubbers. Based on the model of filler-fil-
ler bonds depicted in Fig. 33, a qualitative explanation of the observed floc-
culation effects is possible by referring to the amount of bound rubber and
its impact on the stiffness and strength of filler-filler bonds.

5
Rubber Reinforcement by Fractal Filler Networks

In the last decades, remarkable progress has been obtained in understanding
filler networking and its implications on the mechanical response of dynam-
ically excited and highly strained rubber composites. This is summarized in
a recent review of Heinrich and Kl�ppel [57]. According to this paper, two
fundamental micro-mechanical concepts of non-linear viscoelasticity, which
are based on fractal approaches of filler networking, have been developed:
the (L-N-B)-model [56] and the cluster-cluster-aggregation (CCA)-model
[21–23, 85]. They consider the arrangement of filler particles in clusters with
well defined fractal structure and the elasticity or fracture of such clusters
under external strain. The two models refer to different geometrical arrange-
ments of filler particles in particulate fractal network structures, described
by percolation theory or kinetic cluster-cluster aggregation, respectively.

We will focus here on the CCA-model of filler networking, since the inves-
tigations of flocculation and electrical properties considered in the last sec-
tion provide strong evidence for a kinetic aggregation mechanism of filler
particles in elastomers. A further strong indication for the CCA-mechanism
is given by the predicted scaling behavior of the small strain modulus con-
sidered below. We will see that this scaling behavior is well fulfilled for dif-
ferent elastomer systems with various fillers. On the contrary, the corre-
sponding scaling prediction of percolation theory clearly fails if applied for
filler reinforced rubbers, since experimental data result in much smaller ex-
ponents than the predicted one [57].
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5.1
Structure and Elasticity of Filler Networks at Small Strain

5.1.1
Cluster-Cluster Aggregation (CCA) in Elastomers

The kinetic cluster-cluster-aggregation (CCA)-model is based upon the as-
sumption that nanoscopic filler particles, like carbon blacks, are not fixed in
space but can perform random movements, i.e., the particles are allowed to
fluctuate around their mean position in a polymer matrix. Upon contact of
neighboring particles or clusters they stick together, irreversibly. This refers
to the fact that the thermal energy of colloidal particles is in general much
smaller than their interaction energy. Due to the high viscosity of the poly-
mer, the mobility of the particles is restricted, but it increases significantly
with decreasing particle size and increasing temperature because the viscos-
ity decreases. For sufficient high temperature, small filler particles and high
filler concentrations, above the gel point (F>F*), the mean distance of the
particles becomes smaller than the fluctuation length, implying that the ag-
gregation mechanism is no longer influenced by the restricted mobility of
the particles. Under this condition, diffusion limited cluster by cluster aggre-
gation leads to a space-filling configuration of CCA-clusters, similar to col-
loid aggregation in low viscosity media [21–23, 25, 85]. A schematic view of
this situation above the gel point F>F* is shown in Fig. 36. For filler con-
centrations just below the gel point, an irregular configuration of partly sep-
arated clusters results as shown in the center of Fig. 36. Note that the global
connectivity of such systems, as experienced, e.g., by the electrical conduc-
tivity measurements in Sect. 4.2, is similar to a percolation structure, since
the clusters are “randomly connected” by small conducting gaps. This re-
flects the fact that the mechanical gel point is generally larger than the elec-
trical percolation threshold (F*>Fc). A discussion of this point is found in
[22].

Fig. 36 Schematic view of kinetically aggregated filler clusters in rubber below and
above the gel point F*: the left side characterizes the local structure of carbon black
clusters, build by primary particles and primary aggregates; accordingly, every black
disc on the right side represents a primary aggregate
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Due to the characteristic self-similar structure of the CCA-clusters with
fractal dimension df�1.8 [3–8, 12], the cluster growth in a space-filling con-
figuration above the gel point F* is limited by the solid fraction FA of the
clusters. The cluster size is determined by a space-filling condition, stating
that, up to a geometrical factor, the local solid fraction FA equals the overall
solid concentration F:

FAðFÞ ¼N�1
F F for F>F� ð21Þ

The proportionality constant NF in Eq. (21) is a generalized Flory-Number
of order one (NFffi1) that considers a possible interpenetrating of neighbor-
ing clusters [22]. For an estimation of cluster size in dependence of filler
concentration we take into account that the solid fraction of fractal CCA-
clusters fulfils a scaling law similar to Eq. (14). It follow directly from the
definition of the mass fractal dimension df given by NAffi(x/d)df, which im-
plies

FA ðxÞ �
VA

ðp=6Þx3 ¼
NA ðxÞ d3 Fp

x3 ffi d
x

� �3�df

Fp ð22Þ

Here, VA is the solid volume and NA is the number of particles or primary
aggregates of size d in the clusters of size x. Fp is the solid fraction of prima-
ry aggregates considered in Sect. 3.2.2. For spherical filler particles it equals
Fp=1.

From a combination of Eqs. (21) and (22) one finds that the cluster size x
decreases with increasing filler concentration F according to a power law.
This reflects the fact that smaller clusters occupy less empty space than larg-
er clusters (space-filling condition). It means that the correlation length of
the CCA filler network, i.e., the size of the fractal heterogeneity, decreases
with increasing filler concentration. This is similar as in percolation theory,
though the scaling behavior is generally different.

5.1.2
Elasticity of Flexible Chains of Filler Particles

In view of a micro-mechanical characterization of the elasticity of fractal
CCA-filler networks it is sufficient to consider the elastic properties of a sin-
gle unit cell, because the system is homogeneous on length scales larger than
the correlation length x. This implies that the elastic modulus GA of a single
CCA-cluster is representative for the whole network. It can be evaluated by
referring to Kantor and Webman�s model of flexible chains of filler particles
that is based on a vectorial Born-lattice model with a tension- and bending
energy term between contacting particles [155]. Thereby, we use an approxi-
mation of the CCA-cluster backbone as a single spanning arm, i.e., we de-
scribe it as a tender, curved rod [21–23]. This is possible, because the CCA-
cluster backbone has almost no branches [3, 12], implying that the energy of
a strained cluster is primary stored in filler-filler bonds along the connecting
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path between the backbone particles. A schematic representation of this ap-
proach is depicted in Fig. 37.

According to this model, the clusters act as molecular springs with end to
end distance x, consisting of NB backbone units of length d. The connectivity
of the backbone units is characterized by the backbone fractal dimension
df,B. Due to the fractal nature of CCA-clusters it holds that

NB ffi
x
d

� �df ;B

ð23Þ

In the present approximation, df,B is identified with the minimum fractal
dimension, i.e., df,B=dmin�1.3 for CCA-clusters [3, 12].

Following the line of Kantor and Webman�s two-dimensional model, the
strain energy H of a chain composed of a set of NB singly connected units
{bi} of length d under an applied force F at the two ends of the chain is given
by [155]

H ¼ F2 N B S2
?

2 G
þ F2 Lll d

2 Q
ð24Þ

where

S2
? ¼

1
F2 NB

XNB

i¼1

F 	 zð Þ Ri�1 � RNBð Þ½ 
2 ð25Þ

is the squared radius of gyration of the projection of the chain on a two di-
mensional plane and

Lll ¼
1

F2 d

XNB

i¼1

F �bið Þ2 ð26Þ

Fig. 37 Schematic view of the decomposition of a CCA-cluster in elastically active back-
bone particles and inelastic dead ends. Energy is stored along the connecting path of
the backbone particles, indicated as the curved line
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Here, G and Q are local elastic constants corresponding to the changes of
angles between singly connected bonds and longitudinal deformation of sin-
gle bonds, respectively. The vector z is a unit vector perpendicular to the
plane. For long chains the second term in Eq. (24) can be neglected and the
major part of the strain energy H results from the first term, i.e., the bending
term of the chain. Then, the force constant k of the chain, relating the elastic
energy to the displacement squared of the end of the chain, is well approxi-
mated by the bending force constant kS [155]:

k� kS¼G=ðNBS2
?Þ ð27Þ

The mathematical treatment of a three-dimensional generalization of this
linear elastic model is more complex. In this case the angular deformation is
not limited to the on-plane bending, but also off-plane twisting takes place.
This model is depicted schematically in Fig. 38.

In a simplified approach introduced by Lin and Lee [56], the contribu-
tions from the two different kinds of angular deformation, bending and
twisting, have been taken into account by an averaged bending-twisting de-
formation. This is obtained by replacing the elastic constant G, in the first
term of Eq. (24), through an averaged elastic constant G of different kinds of
angular deformations. Then, by using the relation S?ffix and Eq. (23), one
obtains for the force constant k�kS of the cluster backbone:

kS ¼
k G
d2

d
x

� �2þdf ;B

ð28Þ

where k is a geometrical factor of order one. The elastic modulus of the clus-
ter backbone is then found as

Fig. 38 Illustration of Kantor and Webman�s model of flexible chains with tension-,
bending-, and twisting energy terms [155]
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GA � x�1 kS¼
kG
d3

d
x

� �3þdf ;B

ð29Þ

Equation (29) describes the modulus GA of the clusters as a local elastic
bending-twisting energy term G times a scaling function that involves the
size and geometrical structure of the clusters. Note that in the case of a lin-
ear cluster backbone with df,B=1, Eqs. (28) and (29) correspond to the well
know elastic behavior of linear, flexible rods, where the bending modulus
falls off with the fourth power of the length x. The above approach repre-
sents a generalization of this behavior to the case of curved, flexible rods.
Experimental evidence for the elastic response of filler clusters of nano-par-
ticle chain aggregates is given by Friedlander et al. [156, 157], who showed
by TEM analysis that aggregates of inorganic metal oxides stretch under ten-
sion and contract when the tension is relaxed.

5.1.3
Scaling Behavior of the Small Strain Modulus

The small strain viscoelastic behavior of filler reinforced rubbers is well
known to be strongly affected by the properties of the filler network. This
refers to the fact that the elastic modulus GA of the filler network units, i.e.,
the CCA clusters, is generally much larger than the elastic modulus GR of the
rubber and a rigidity condition GA>>GR is fulfilled. However, from Eq. (29)
it is clear that the rigidity condition cannot be fulfilled in all cases, because
the modulus GA of the clusters decreases rapidly with increasing size of the
clusters. It means that only relatively small filler clusters can reinforce a rub-
ber matrix with GRffi0.1 MPa, since large clusters are too soft. In the present
linear viscoelastic model of the small strain behavior of elastomer compos-
ites, only this case is considered, i.e., the rigidity condition GA>>GR is as-
sumed to be fulfilled.

For filler concentrations above the gel point F*, where a through-going
filler network is formed, stress between the (closely packed) CCA-clusters is
transmitted directly between the spanning arms of the clusters that bend
substantially. In this case, the strain of the rubber is almost equal to the
strain of the spanning arms of the clusters (eR�eA). It means that, due to the
rigidity condition, GA>>GR, the overwhelming part of the elastic energy is
stored in the bending arms of the clusters and the contribution of the rubber
to the small strain modulus G00 of the sample can be neglected, i.e., G00�GA.
Accordingly, the stored energy density (per unit strain) of highly filled elas-
tomers can be approximated by that of the filler network. This in turn equals
the stored energy density of a single CCA-cluster, due to the homogeneity of
the filler network on length scales above the cluster size x.

In the framework of the approximation given by the rigidity condition, a
simple power law relation can be derived for the dependency of the small
strain modulus G00 of the composite on filler concentration F. It is obtained,
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if GA in Eq. (29) is expressed by the solid fraction Eq. (22) and the space-fill-
ing condition Eq. (21) is used:

G0o ffi
G
d3

FA

Fp

� �ð3þdf ;BÞ=ð3�df Þ
ffi G

d3

F
Fp

� �ð3þdf ;BÞ=ð3�df Þ
ð30Þ

Accordingly, we expect a power law behavior G00~(F/Fp)3.5 of the small
strain elastic modulus for F>F*. Thereby, the exponent (3+df,B)/(3�df)�3.5
reflects the characteristic structure of the fractal heterogeneity of the filler
network, i.e., the CCA-clusters. The strong dependency of G00 on the solid
fraction Fp of primary aggregates reflects the effect of “structure” on the
storage modulus.

The predicted power law behavior G00~F3.5 for filler concentrations above
the gel point is confirmed by the experimental results depicted in Fig. 39
and Fig. 40, where the small strain storage modulus of a variety of filled rub-
bers is plotted against filler loading in a double logarithmic manner. Fig-
ure 39 shows the scaling properties for carbon black composites, i.e., for the
low structure black N326 in NR and S-SBR, respectively, and the classical
butyl/N330-data of Payne [28], already depicted in Fig. 2a. Within the frame-
work of experimental errors, Eq. (30) is found to be fairly well fulfilled for
all systems. Note however that the 3.5-power law is in general not fulfilled
for high structure blacks, since for such systems Fp cannot be considered to
be independent of filler concentration, but increases due to an enhanced ag-
gregate fracture with increasing filler loading (compare Sect. 3.2.2).

Figure 40 demonstrates that the 3.5-power law also holds for NR compos-
ites with inorganic- and polymeric fillers, respectively. Beside a technical sil-

Fig. 39 Double logarithmic plot of the small strain storage modulus vs filler volume
fraction for a variety of carbon black filled composites, as indicated. The solid lines with
slope 3.5 correspond to the prediction of Eq. (30). Data of butyl/N330 composites are
taken from [28] (compare Fig. 2a)
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ica filler, polystyrene (PS)- and poly-methoxy-styrene (PMS) microgels are
applied as model fillers of definite size (d=100 nm) with a very narrow dis-
tribution width. Since these model fillers consist of spherical particles with
Fp=1, no disturbing influence of mixing severity on Fp, as found, e.g., for
the SBR/N339 composites in Sect. 3.2.2, can appear. The scaling factors of
the solid lines allow for an approximate estimation of the front factors of
Eq. (30). It yields a typical apparent energy density Ḡ/d 3 of filler-filler bonds
of the order of 1 GPa, corresponding to an energy �Gffi 10�12J.

The predicted scaling behavior Eq. (30) is also found to be well fulfilled
for carbon black suspensions in ethylene-vinyl-acetate copolymers [51]. Fur-
thermore, it is confirmed by viscoelastic data obtained for S-SBR composites
with highly cross-linked BR-microgels of various size [57].

Equation (39) describes the small strain modulus G00 as product of a local
elastic constant�G/d 3 of filler-filler bonds and a geometrical factor, consider-
ing the structure of the filler network. Accordingly, the temperature- or fre-
quency dependency of G00 is determined by the bending-twisting energy �G
of the filler-filler bonds, which is controlled by the bound rubber phase
around the filler clusters. Coming back to the model of filler-filler bonds de-
veloped in Sect. 4.3 and depicted in Fig. 33, the energy in a strained bond is
primary stored in a nanoscopic bridge of immobilized, glassy polymer be-
tween the filler particles, implying that the temperature- or frequency de-
pendence of G00 is given by that of the glassy polymer. Consequently, for
highly filled rubbers above the glass transition temperature, we expect an
Arrhenius temperature behavior typical for polymers in the glassy state.
This is in agreement with experimental findings [26–28].

We finally note that the decomposition of G00 into a local elastic constant
and a geometrical factor implies that the same form as Eq. (30) must also
hold for the loss modulus G000. This follows from the fact that in the linear

Fig. 40 Double logarithmic plot of the small strain storage modulus vs filler volume
fraction for a variety of NR composites, as indicated. The solid lines with slope 3.5 cor-
respond to the prediction of Eq. (30) [158, 159]
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viscoelastic regime any geometrical factor must act on the real and imagi-
nary part of the complex modulus in the same way. Otherwise, the Kramers-
Kronig relations, indicative for linear systems, cannot be fulfilled [160].
From experimental data this is not always obvious, since the relatively small
phase angle at small strain amplitudes can not be estimated as accurate as
the norm of the modulus. In particular, the viscoelastic data of Payne [28]
on butyl/N330-composites, depicted in Fig. 2b, show that the tan d at small
strain is almost independent of filler loading, implying that in the linear re-
gime storage and loss modulus transform with the same geometrical factor.

5.2
Stress Softening and Filler-Induced Hysteresis at Large Strain

5.2.1
Strength and Fracture of Filler Clusters in Elastomers

So far, we have considered the elasticity of filler networks in elastomers and
its reinforcing action at small strain amplitudes, where no fracture of filler-
filler bonds appears. With increasing strain, a successive breakdown of the
filler network takes place and the elastic modulus decreases rapidly if a crit-
ical strain amplitude is exceeded (Fig. 42). For a theoretical description of
this behavior, the ultimate properties and fracture mechanics of CCA-filler
clusters in elastomers have to be evaluated. This will be a basic tool for a
quantitative understanding of stress softening phenomena and the role of
fillers in internal friction of reinforced rubbers.

The failure- or yield strain eF of filler clusters in elastomers can be esti-
mated by referring to the elasticity model of flexible chains with tension-
and bending-twisting energy terms, introduced above. According to this
model, a single cluster corresponds to a series of two molecular springs: a
soft one, representing the bending-twisting mode, and a stiff one, represent-
ing the tension mode. This mechanical equivalence is illustrated in Fig. 41.
On the one hand, the soft spring with force constant kS~�G governs the elas-
ticity of the whole system, provided that the deformation of the stiff spring
can be neglected. On the other hand, the stiff spring impacts the fracture be-
havior of the system, since it considers the longitudinal deformation and,
hence, separation of filler-filler bonds. The cluster breaks down when a criti-
cal separation of bonded filler particles is exceeded, i.e., if the failure strain
eb of filler-filler bonds is reached. The failure strain eF of the filler cluster is
then determined by the stress equilibrium between the two springs, which
reads in the case of large clusters with kb>>kS:

eF ¼ 1 þ kb

ks

� �
eb �

Qeb

k G

x
d

� �2þdf ;B

ð31Þ

Here, kb=Q/d 2 is the force constant of longitudinal deformations of filler-
filler bonds and kS is the bending-twisting force constant of the cluster,
which is given by Eq. (28). From Eq. (31) one finds that the yield strain of a
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filler cluster depends on the ratio between the elastic constants Q/�G and in-
creases with the cluster size x according to a power law. Consequently, larger
clusters show a higher extensibility than smaller ones, due to the ability to
bend and twist around the bonds. This kind of elastic behavior of filler clus-
ters and the dependence of strength on cluster size implies a high flexibility
of filler clusters in strained rubbers. It plays a crucial role in rubber rein-
forcement even up to large strains. In particular, the Payne effect, shown,
e.g., in Fig. 2 and Fig. 42, can be modeled by referring to a specific size dis-
tribution of clusters in the filler network and assuming a successive break-
down of filler clusters with increasing strain [56]. Then, the broadness of the
transition regime of the storage modulus (about three decades of strain) re-
flects the width of the size distribution of clusters in the filler network.

Equations (29)–(31) allow for a qualitative analysis of the transition of
the elastic modulus from the small strain plateau value to the high strain
non-linear behavior. This transition becomes apparent in Fig. 42, showing
the strain dependent storage modulus of EPDM- and S-SBR composites
filled with the same amount of graphitized and non-graphitized N220, re-
spectively. Since in first approximation the morphology of primary carbon
black aggregates can be considered to be not much different, i.e., d=constant
and Fp=constant, Eqs. (29) and (30) imply with GA� G00 that the cluster size
x is roughly the same for all four systems. Hence, the differences observed
in the critical strain amplitude eapp, where non-linearity appears, and those
in the small strain modulus G00 have to be related to differences in the elastic
constants Q and �G. Due to Eq. (29), the higher values of G00 for the EPDM-
composites and the systems with the graphitized black, respectively, indicate
stiffer filler-filler bonds with larger values of the bending-twisting constant
�G. Equation (31) implies that the lower values of eapp for the systems with
the graphitized black can partly be related to the same effect, i.e., larger val-
ues of �G, provided eapp~eF is assumed. However, a closer analysis shows that
the shift factor describing the variation of eapp is significantly larger than
that of G00. This emphasizes that the systems with the graphitized black ex-

Fig. 41 Schematic view demonstrating the mechanical equivalence between a filler clus-
ter and a series of soft and stiff molecular springs, representing bending-twisting- and
tension deformation of filler-filler bonds, respectively
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hibit smaller values of the tension energy Q of filler-filler bonds, reflecting a
lower interaction strength between the particles.

These results can be well understood, if the model of filler-filler bonds de-
veloped in Sect. 4.3 is considered, again. It implies that the local elastic con-
stants Q and Ḡ are controlled by the rubber phase around fillers, i.e., they
are attributed to the amount of bound rubber and its influence on the spac-
ing of contact gaps. The elastic constant Q is also affected by the van der
Waals force between contacting filler particles, representing the driving
force of filler aggregation. A comparison of the S-SBR-systems shown in
Fig. 42 and the annealed systems in Fig. 35 makes clear that cross-linking
has no pronounced effect on the viscoelastic data, though the difference be-
tween both filler types decreases during cross-linking and the cross-over
point is shifted to somewhat smaller strain amplitudes. Note that, apart from
cross-linking, the systems have been prepared with respect to the same pro-
cedure, but the measurement temperature is different.

For analyzing the fracture behavior of filler clusters in strained rubbers, it
is necessary to estimate the strain of the clusters in dependence of the exter-
nal strain of the samples. In the case of small strains, considered above, both
strain amplitudes in spatial direction m are equal (eA,m=em), because the stress
is transmitted directly between neighboring clusters of the filler network.
For strain amplitudes larger than about 1%, this is no longer the case, since
a gel-sol transition of the filler network takes place with increasing strain
[57, 154] and the stress of the filler clusters is transmitted by the rubber ma-
trix. At larger strains, the local strain eA,m of a filler cluster in a strained rub-
ber matrix can be determined with respect to the external strain em, if a
stress equilibrium between the strained cluster and the rubber matrix is as-
sumed eA;mGAðxmÞ ¼ŝR;mðemÞ

� �
. With Eq. (29) this implies

Fig. 42 Strain dependency of the storage modulus at 20 �C of cross-linked S-SBR- and
EPDM composites filled with 50 phr N220 and graphitized N220g, respectively
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eA;mðemÞ ¼
d3

kG

xm
d

� �3þdf ;B

ŝR;m em
� �

ð32Þ

Here, xm denotes the cluster size in spatial direction m of the main axis
system and ŝR;mðemÞ is the norm of the relative stress of the rubber with re-
spect to the initial stress at the beginning of each strain cycle, where @em/
@t=0:

ŝR;mðemÞ � sR;mðemÞ�sR;mð@em=@t¼ 0Þ
��� ��� ð33Þ

The application of this normalized, relative stress in Eq. (32) is essential
for a constitutive formulation of cyclic cluster breakdown and re-aggrega-
tion during stress-strain cycles. It implies that the clusters are stretched in
spatial directions with @em/@t>0, only, since eA,m�0 holds due to the norm in
Eq. (33). In the compression directions with @em/@t<0 re-aggregation of the
filler particles takes place and the clusters are not deformed. An analytical
model for the large strain non-linear behavior of the nominal stress sR,m(em)
of the rubber matrix will be considered in the next section.

A comparison of Eqs. (31) and (32) makes clear that for large deforma-
tions, when the stress of the clusters is transmitted by the rubber matrix, the
strain eA,m of the clusters increases faster with their size xm than the failure
strain eF,m. Accordingly, with increasing strain the large clusters in the system
break first followed by the smaller ones. The maximum size xm of clusters
surviving at exposed external strain em is estimated by the stress equilibrium
between the rubber matrix and the failure stress sF,m=eF,mGA(xm) of the clus-
ters:

xmðemÞ ¼
Qeb

d2 ŝR;m ðemÞ
ð34Þ

This allows for an evaluation of the stress contribution of the stretched
filler clusters if the size distribution of the clusters in the system is known.
Note that for small deformations, where eA,m=em holds, the situation is differ-
ent, since eA,m is independent of cluster size. Then, the small clusters break
first followed by the larger ones.

5.2.2
Free Energy Density of Reinforced Rubbers

Starting from a particular size distribution of kinetically aggregated filler
clusters in a rubber matrix, we can now formulate the free energy density of
a highly strained sample by assuming the following microscopic scenario.
With increasing strain of a virgin sample, a successive breakdown of filler
clusters takes place under the exposed stress of the bulk rubber. This pro-
cess begins with the largest clusters and continues up to a minimum cluster
size xm,min in spatial direction m, which is given by Eq. (34) evaluated for the
maximum stress of the rubber matrix ŝR;mðem;maxÞ reached at maximum ex-
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ternal strain e�,max. During the back-cycle, complete re-aggregation takes
place, but the filler-filler bonds that are formed after once being broken are
significantly weaker and softer than the original annealed ones. For subse-
quent stress-strain cycles of a pre-conditioned sample, two micro-mechani-
cal mechanisms of rubber reinforcement are distinguished:

1. Hydrodynamic reinforcement of the rubber matrix by the fraction of hard,
rigid filler clusters with strong filler-filler bonds that have not been broken
during previous deformations.

2. Cyclic breakdown and re-aggregation of the residual fraction of fragile, soft
filler clusters with weaker filler-filler bonds.

The fraction of rigid filler clusters decreases with increasing pre-strain,
while the fraction of fragile filler clusters increases. The decomposition into
rigid and fragile filler cluster units is illustrated in Fig. 43. The fragile filler
clusters with soft bonds bend substantially in the stress field of the rubber,
implying that their contribution to hydrodynamic reinforcement is relatively
small. The mechanical action of the fragile filler clusters refers primary to a
viscoelastic effect, since any type of cluster that is stretched in the stress
field of the rubber stores energy that is dissipated when the cluster breaks.
This mechanism leads to a filler-induced viscoelastic contribution to the to-
tal stress that impacts the internal friction of filled rubber samples, signifi-
cantly. Note that this kind of viscoelastic response is present also in the limit
of quasi-static deformations, where no explicit time dependency of the
stress-strain cycles is taken into account.

According to these considerations, we assume that for quasi-static, cyclic
deformations of filler reinforced rubbers up to large strain the total free en-
ergy density consists of two contributions:

WðemÞ ¼WRðemÞþWAðemÞ ð35Þ

The first addend is the equilibrium energy density stored in the extensive-
ly strained rubber matrix, which includes hydrodynamic reinforcement by a

Fig. 43 Schematic view of the decomposition of filler clusters in rigid and fragile units
for pre-conditioned samples. The right side shows the cluster size distribution with the
pre-strain dependent boundary size xmin
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fraction of rigid filler clusters (see below). The second addend considers the
energy stored in the substantially strained fragile filler clusters:

WAðemÞ ¼
X_em>0

m

1
2d

ZxmðemÞ

xm;min

GA x0m
� �

e2
A;m x0m;em
� �

f x0m
� �

dx0m ð36Þ

where the dot denotes time derivative. Here, f(x�) is the normalized size dis-
tribution of the CCA-clusters in spatial direction � of the main axis system.
It can be evaluated by referring to Smoluchowski�s equation for the kinetics
of irreversible cluster-cluster aggregation of colloids [8, 161, 162]. In the case
of large clusters (and large times), one can obtain a reduced form of the size
distribution function [8]:

fðxmÞ ¼
4d

< xm>
xm

< xm>

 !�2W

exp �
ð1�2WÞxm
< xm>

 !
for m¼ 1;2;3

ð37Þ

For W<0, this distribution function is peaked around a maximum cluster
size (2W/(2W�1))<xm>, where <xm> is the mean cluster size. 2W=a+df

�1 is a
parameter describing details of the aggregation mechanism, where a0 is an
exponent considering the dependency of the diffusion constant D of the
clusters on its particle number, i.e., D~NA

a0. This exponent is in general not
very well known. In a simple approach, the particles in the cluster can as-
sumed to diffusion independent from each other, as, e.g., in the Rouse model
of linear polymer chains. Then, the diffusion constant varies inversely with
the number of particles in the cluster (D~NA

�1), implying 2W=�0.44 for
CCA-clusters with characteristic fractal dimension df=1.8.

The sum in Eq. (36) is taken over the stretching directions with @em/@t>0,
only, implying that the free energy density is anisotropic. This corresponds
to the assumption that clusters are strained and successively broken in
stretching directions, while healing of the clusters takes place in the com-
pression directions. It insures that a cyclic breakdown and re-aggregation of
clusters can be described. The integration in Eq. (36) is performed over the
fraction of fragile filler clusters that are not broken at exposed strain e� of
the actual cycle (Eq. 34). The clusters smaller than x�,min, representing the
fraction that survived the first deformation cycle, are not considered in
Eq. (36). Due to the stiff nature of their filler-filler bonds, referring to the
bonds in the virgin state of the sample, these clusters behave rigid and give
no contribution to the stored energy. Instead, they dominate the hydrody-
namic reinforcement of the rubber matrix. This is specified by the strain
amplification factor X, which relates the external strain em of the sample to
the internal strain ratio lm of the rubber matrix:

lm¼ 1þXem ð38Þ
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In the case of a pre-conditioned sample and for strains smaller than the
previous straining (em<em,max), the strain amplification factor is constant and
determined by em,max (X=X(em,max)). For the first deformation of virgin sam-
ples it depends on the external strain (X=X(em)). By applying a relation de-
rived by Huber and Vilgis [64, 65] for the strain amplification factor of over-
lapping fractal clusters, X(em,max) or X(em) can be evaluated by averaging over
the size distribution of rigid clusters in all space directions. In the case of
pre-conditioned samples this yields

X ðem;maxÞ ¼ 1 þ c
F
Fp

� � 2
3�df X3

m¼1

1
d

Zxm;min

0

x0m
d

 !dw�df

f x0m
� �

dx0m ð39Þ

where c is a constant of order one and dw�3.1 [23] is the anomalous diffu-
sion exponent on fractal CCA-clusters. For the deformation of a virgin sam-
ple, X(em) is obtained in a similar way by performing the integration from
zero up to the strain dependent cluster size xm(em) determined by Eq. (34).

An important role in the present model is played by the strongly non-lin-
ear elastic response of the rubber matrix that transmits the stress between
the filler clusters. We refer here to an extended tube model of rubber elastic-
ity, which is based on the following fundamental assumptions. The network
chains in a highly entangled polymer network are heavily restricted in their
fluctuations due to packing effects. This restriction is described by virtual
tubes around the network chains that hinder the fluctuation. When the net-
work elongates, these tubes deform non-affinely with a deformation expo-
nent n=1/2. The tube radius r� in spatial direction � of the main axis system
depends on the deformation ratio l� as follows:

rm¼rolnm ð40Þ

where ro is the tube radius in the non-deformed state. The assumption of the
non-affine tube deformation (n=1/2) is essential. It was initially derived
based upon fundamental molecular statistical calculations [24, 163, 164] and
later on confirmed by applying scaling arguments [77, 78, 165]. Experimen-
tal evidence of non-affine tube deformations according to Eq. (40) is provid-
ed by neutron scattering of strained rubbers [166] as well as stress-strain
measurements on swollen polymer networks [167].

An extension of the non-affine tube model for applications up to large
strains is obtained by considering that the network chains have a finite
length and the stress in the network becomes infinitely large, when the chain
sections between two subsequent trapped entanglements are stretched fully.
The trapping of chain entanglements by two cross-link points prevents the
sliding of the chains across each other under extension, implying that the
entanglement becomes an elastically effective network junction. The free en-
ergy density of the extended, non-Gaussian tube model with non-affine tube
deformation is then as follows [75–78, 168]:
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Here, ne is the number of statistical chain segments between two succes-
sive entanglements and Te is the trapping factor (0<Te<1), which character-
izes the portion of elastically active entanglements. The first bracket term of
Eq. (41) considers the constraints due to inter-chain junctions, with an elas-
tic modulus Gc proportional to the density of network junctions. The second
addend is the result of tube constraints, whereby Ge is proportional to the
entanglement density �e of the rubber. The parenthetical expression in the
first addend takes into account the finite chain extensibility by referring to a
proposal of Edwards and Vilgis [169]. For the limiting case ne/Te=

P
l�

2�3, a
singularity is obtained for WR. This happens when the chains between suc-
cessive trapped entanglements are fully stretched out. It makes clear that the
approach in Eq. (41) characterizes trapped entanglements as some kind of
physical cross-links (slip-links) that dominate the extensibility of the net-
work due to the larger number of entanglements as compared to chemical
cross-links. In the limit ne!1 the original Gaussian formulation of the
non-affine tube model, derived by Heinrich et al. [24] for infinite long
chains, is recovered.

The trapping factor Te increases as the cross-link density increases,
whereas ne and Ge—as terms that are specific to the polymer—are to a great
extent independent of cross-link density. For the cross-link and tube con-
straint moduli, the following relations to molecular network parameters
hold:

Gc ¼ AcnmechkBT ð42Þ

Ge ¼
r Na l2

s kBT

4
ffiffiffi
6
p

Ms r2
o

ð43Þ

Here, nmech is the mechanically effective chain density specified, e.g., in
[168], Ac�0.67 [170] is a microstructure factor which describes the fluctua-
tions of network junctions, Na the Avogadro number, r mass density, Ms and
ls molar mass and length of a statistic segment, respectively, kB the Boltz-
mann constant, and T absolute temperature.

From Eq. (41) the nominal stress sR,� that relates the force F� in spatial
direction � to the initial cross section Ao,� is found by differentiation,
sR,m=@WR/@lm. For uniaxial extensions of unfilled rubbers (X=1) with l1=l,
l2=l3=l�1/2 the following relation can be derived:
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sR;1¼Gc l�l�2
� � 1�Te=ne

1� Te
ne
ðl2þ 2=l�3Þ

� �2 �

8><
>:

� Te=ne

1� Te
ne
ðl2þ 2=l�3Þ

gþ2Geðl�1=2� l�2Þ ð44Þ

For equi-biaxial extensions with l1=l2=l, l3=l�2 one finds for the nomi-
nal stress:

sR;1¼Gc l�l�5
� � 1�Te=ne

1� Te
ne
ð2l2þl�4�3Þ

� �2 �

8><
>:

� Te=ne

1� Te
ne
ð2l2þl�4�3Þ

)
þ 2Geðl�l�2Þ ð45Þ

In the case of a pure-shear deformation with l1=l, l2=1, and l3=l�1 one
obtains

sR;1¼Gc l�l�3
� � 1�Te=ne

1� Te
ne
ðl2þl�2�2Þ

� �2 �

8><
>:

� Te=ne

1� Te
ne
ðl2þ l�2�2Þ

)
þ 2Geð1� l�2Þ ð46Þ

By fitting experimental data for different deformation modes to these
functions, the three network parameters of unfilled polymer networks Gc,
Ge, and ne/Te can be determined. The validity of the concept can be tested if
the estimated fitting parameters for the different deformation modes are
compared. A “plausibility criterion” for the proposed model is formulated by
demanding that all deformation modes can be described by a single set of
network parameters. The result of this plausibility test is depicted in Fig. 44,
where stress-strain data of an unfilled NR-vulcanizate are shown for the
three different deformation modes considered above. Obviously, the material
parameters found from the fit to the uniaxial data provide a rather good pre-
diction for the two other modes. The observed deviations are within the
range of experimental errors.

It should be pointed out that the material parameter Ge can be determined
in principle more precisely by means of equi-biaxial measurements than by
uniaxial measurements. This is due to the fact that the first addend of the
Ge-term in Eq. (45) increases linearly with l. This behavior results from the
high lateral contraction on the equi-biaxial extension (l3=l�2). It postulates
a close dependency of the equi-biaxial stress on the tube constraint modu-
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lus, since Gc and Ge contribute nearly equally to stress, also at larger exten-
sions. For the uniaxial extensions described in Eq. (44) this is not the case.
Here, the tube constraints lead to significant effects only in the region of
lower extensions, since the Ge-term in Eq. (44) approaches zero as the l val-
ues increase. Nevertheless, the experiments can be carried out more easily
in the uniaxial case, and as a result, more reliable experimental data can be
obtained.

For practical applications, the parameter Ge can also be determined from
the value of the plateau modulus GN

o, since the relationship Ge�1/2GN
o ap-

plies in accordance with the tube model. This implies that the parameter Ge
is not necessary a fit parameter but rather it is specified by the microstruc-
ture of the rubber used. Note that the fit value Ge=0.2 MPa obtained in
Fig. 44 is in fair agreement with the above relation, since GN

o�0.58 MPa is
found for uncross-linked NR-melts [171].

A comparison of the predictions of the extended tube model to stress-
strain data of unfilled rubbers offered good agreement for various polymers
and cross-linking systems [75–78, 167, 170, 172, 173]. Further confirmation
of the non-affine tube approach was obtained in recent investigations con-
sidering mechanical stress-strain data and a transversal NMR-relaxation
analysis of differently prepared NR-networks [168]. A representation of the
molecular statistical foundations of tube-like topological constraints in
strained polymer networks is found in [76], where the path integral formu-
lation of rubber elasticity is briefly reviewed. In the second part of [76], a
first attempt for considering stress softening phenomena of filled rubbers on
the basis of the extended tube model is formulated. Subsequent investiga-
tions have shown that a constitutive formulation of stress softening fulfilling
the “plausibility criterion” cannot be achieved in this simplified approach
[89]. In the following section we will see that the extended model, as devel-
oped above, passes the “plausibility test” fairly well also for filled rubbers.

Fig. 44 Stress-strain data (symbols) and simulation curves (Eqs. 44–46) of an unfilled
NR for three deformation modes. The model parameters are found from a fit to the uni-
axial data (Gc=0.43 MPa, Ge=0.2 MPa, ne/Te=68)
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The important point lies in the determination of the topological tube con-
straint modulus Ge according to its physical value Ge�1/2GN

o, which was not
realized in the first considerations.

5.2.3
Stress-Strain Cycles of Filled Rubbers in the Quasi-Static Limit

For filler reinforced rubbers, both contributions of the free energy density
Eq. (35) have to be considered and the strain amplification factor X, given
by Eq. (39) differs from one. The nominal stress contributions of the cluster
deformation are determined by sA,m=@WA/@eA,�, where the sum over all
stretching directions, that differ for the up- and down cycle, have to be con-
sidered. For uniaxial deformations e1=e, e2=e3=(1+e)�1/2�1 one obtains a
positive contribution to the total nominal stress in stretching direction for
the up-cycle if Eqs. (29)–(36) are used:

s up
0;1 eð Þ ¼ sR;1 eð Þ þ ŝR;1 eð Þ

ZQeb
d3 ŝR;1 eð Þ

Qeb
d3 ŝR;1 emaxð Þ

f x1ð Þ dx1 ð47Þ

with the abbreviations

ŝR;1 eð Þ ¼ sR;1 eð Þ � sR;1 eminð Þ
�� �� ð48Þ

and x1=x1/d. For the down-cycle in the same direction one finds a negative
contribution to the total stress:

sdown
0;1 eð Þ ¼ sR;1 eð Þ � 2~sR;1 eð Þ

ZQeb 1þeð Þ�3=2

2d3 ~sR;1 eð Þ

Qeb 1þeminð Þ�3=2

2d3 ~sR;1 eminð Þ

f x1ð Þdx1 ð49Þ

with the abbreviation

~sR;1 eð Þ ¼ sR;1 eð Þ � 1þ emax

1þ e

� �3=2

sR;1 emaxð Þ
�����

����� ð50Þ

The negative sign in Eq. (49) results from the norm, implying, e.g., for the
relative nominal stresses in direction 1 and 2:

ŝR;2 eð Þ ¼ 2 1þ eð Þ3=2 ~sR;1 eð Þ ð51Þ

This is in contrast to the transformation behavior of the nominal stresses
of the rubber matrix with a negative sign:

sR;2 eð Þ ¼ �2 1þ eð Þ3=2 sR;1 eð Þ ð52Þ
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Note that the different choice of the extrema with @em /@t=0 in Eqs. (48)
and (50) are due to the fact that an up-cycle begins at e=emin, but a down-
cycle begins at e=emax. As a rule, the relative stresses in the lower boundaries
of the integrals in Eqs. (47) and (49) have to be chosen in such a way that
they reach their maximum values, implying that all fragile clusters are bro-
ken and xm=xm,min. In deriving Eq. (49) we assumed an isotropic cluster size
distribution, i.e., f(x1)=f(x2)=f(x3). This appears reasonable since f(xm) re-
fers to the size distribution of clusters in the virgin, unstrained state. How-
ever, from the basic concept of cluster breakdown in the stretching direction
and re-aggregation in the compression direction, respectively, it is clear that
the size distribution of the filler clusters during the deformation cycles is
strongly anisotropic. It leads to the characteristic hysteresis of a pre-strained
sample, as given by Eqs. (47)–(50), even in the case of a quasi-static defor-
mation at infinite slow strain rates.

Figure 45a–c shows an adaptation of the developed model to uniaxial
stress-strain data of a pre-conditioned S-SBR-sample filled with 40 phr
N220. The fits are obtained for the third stretching cycles at various pre-
strains by referring to Eqs. (38), (44), and (47) with different but constant
strain amplification factors X=Xmax for every pre-strain. For illustrating the
fitting procedure, the adaptation is performed in three steps. Since the eval-
uation of the nominal stress contribution of the strained filler clusters by
the integral in Eq. (47) requires the nominal stress sR,1 of the rubber matrix,
this quantity is developed in the first step shown in Fig. 45a. It is obtained
by demanding an intersection of the simulated curves according to Eqs. (38)
and (44) with the measured ones at maximum strain of each strain cycle,
where all fragile filler clusters are broken and hence the stress contribution
of the strained filler clusters vanishes. The adapted polymer parameters are
Gc=0.176 MPa and ne/Te=100, independent of pre-strain. According to the
considerations at the end of Sect. 5.2.2, the tube constraint modulus is kept
fixed at the value Ge=0.2 MPa, which is determined by the plateau modulus
GN

o�0.4 MPa [174, 175] of the uncross-linked S-SBR-melt (Ge=1/2GN
o). The

adapted amplification factors Xmax for the different pre-strains (emax=1, 1.5,
2, 2.5, 3) are listed in the insert of Fig. 45a.

Figure 45b (upper part) shows the residual stress contribution of the
strained filler clusters for the different pre-strains, obtained by subtracting
the polymer contributions (solid lines) from the experimental stress-strain
data (symbols) of Fig. 45a. The resulting data (symbols) are fitted to the sec-
ond addend of Eq. (47) (solid lines), whereby the size distribution of filler
clusters Eq. (37), shown in the lower part of Fig. 45b, has been used. The size
distribution f(x1) is determined by the adapted mean cluster size
<x1>�<x1/d>=26 and the pre-chosen distribution width W=�0.5, which al-
lows for an analytical solution of the integral in Eq. (47). The tensile
strength of filler-filler bonds is found as Qeb/d3=24 MPa. The different fit
lines result from the different stress-strain curves sR,1(e) that enter the up-
per boundary of the integral in Eq. (47). Note that this integral, representing
the contribution of the strained filler clusters to the total stress, becomes
zero at e=emax for every pre-strain.
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Figure 45c shows the complete adaptation with Eq. (47) of the uniaxial
stress-strain data, i.e., the sum of the two contributions shown in Fig. 45a,b.
The fits for all pre-strained samples are very good in the large as well as the
small strain regime, which is separately shown up to 150% strain in the in-
sert of Fig. 45c. Furthermore, beside the third stretching cycles at various
pre-strains, the first stretching of the virgin sample is shown. It is compared
to a simulation curve given by Eq. (47) with the above specified material pa-
rameters and a strain dependent amplification factors X=X(e). Unfortunate-
ly, Eq. (39) cannot simply be applied for an estimation of X(e), since the up-
per boundary of the integral xm(e) depends on X(e) itself (Eq. 34) and a gen-
eral analytic solution of the integral is not known. For that reason an empir-
ical power law dependency of the amplification factor X on a scalar strain
variable E, involving the first deformation invariant I1(em), has been applied
[76, 89]:

X ðEÞ ¼ X1 þ ðXo � X1Þð1 þ EÞ�y ð53Þ

with

EðemÞ �
X3

m¼1

ð1 þ emÞ2 � 3

 !1=2

ð54Þ

Here, X1 and Xo are the strain amplification factors at infinite and zero
strain, respectively, and y is an empirical exponent. An adaptation of this
empirical function, Eq. (53), to the Xmax-values obtained for the pre-strained
samples shown in Fig. 45a delivers the parameters Xo=11.5, X1=�1.21, and
y=0.8, which are used for the simulation of the first stretching cycle shown
in Fig. 45c.

A comparison of the experimental data for the first stretching cycle of the
samples to the simulation curve in Fig. 45c shows no good agreement. Sig-
nificant deviations are observed especially in the low strain regime, shown
in the insert, where an extrapolation of the function X(E) is used. The reason
for the deviations may partly lie in the application of the power law approxi-
mation Eq. (53) for X(E), instead of the micro-mechanically motivated
Eq. (39). This may also lead to the unphysical negative value of X at extrapo-
lated infinite strain (X1=�1.21).

A better fit between simulation and experimental data of the first exten-
sion of the virgin sample is obtained if the same model as above is used, but
an empirical cluster size distribution is chosen instead of the physically mo-
tivated distribution function Eq. (37). This is demonstrated in Fig. 46a,b,
where the adaptation of the same experimental data as above is made with a
logarithmic normal form of the cluster size distribution function f(x1) with
x1=x1/d:

fðx1Þ ¼
exp � lnðx1=<x1>Þ2

2b2

� �
ffiffiffiffiffiffiffiffi
p=2

p
bx1

ð55Þ

The Role of Disorder in Filler Reinforcement of Elastomers on Various Length Scales 71



Fig. 45 a Uniaxial stress-strain data (symbols) of S-SBR samples filled with 40 phr
N220 at various pre-strains emax and simulation curves (lines) of the polymer contribu-
tion according to Eqs. (38) and (44). The set of polymer parameters is found as
Gc=0.176 MPa, Ge=0.2 MPa, and ne/Te=100. b Stress contributions of the strained filler
clusters for the different pre-strains (upper part), obtained by subtracting the polymer
contributions from the experimental stress-strain data of a. The solid lines are adapta-
tions with the integral term of Eq. (47) and the cluster size distribution Eq. (37), shown
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Figure 46a shows that a reasonable adaptation of the stress contribution
of the clusters can be obtained, if the distribution function Eq. (55) with
mean cluster size <x1>=25 and distribution width b=0.8 is used. Obviously,
the form of the distribution function is roughly the same as the one in
Fig. 45b. The simulation curve of the first uniaxial stretching cycle now fits
much better to the experimental data than in Fig. 45c. Furthermore, a fair
simulation is also obtained for the equi-biaxial measurement data, implying
that the “plausibility criterion”, discussed at the end of Sect. 5.2.2, is also ful-
filled for the present model of filler reinforced rubbers. Note that for the
simulation of the equi-biaxial stress-strain curve, Eq. (47) is used together
with Eqs. (45) and (38). The strain amplification factor X(E) is evaluated by
referring to Eqs. (53) and (54) with e1=e2=e and e3=(1+e)�2�1.

Similar well fitting simulation curves for the experimental stress-strain
data as those shown in Fig. 46b can also be obtained for higher filler concen-
trations and silica instead of carbon black. In most cases, the log-normal
distribution Eq. (55) gives a better prediction for the first stretching cycle of
the virgin samples than the distribution function Eq. (37). Nevertheless,
adaptations of stress-strain curves of the pre-strained samples are excellent
for both types of cluster size distributions, similar to Fig. 45c and Fig. 46b.
The obtained material parameters of four variously filled S-SBR composites
used for testing the model are summarized in Table 4, whereby both cluster

in the lower part. The obtained parameters of the filler clusters are Qeb/d 3=24 MPa,
<x1>=26, and W=�0.5. c Uniaxial stress-strain data (symbols) of the S-SBR samples with
40 phr N220 at various pre-strains emax and for the first stretching, as indicated. The in-
sert shows a magnification for the smaller strains. The lines are simulation curves with
parameters specified in a,b
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size distributions, Eq. (37) and Eq. (55), have been considered. The obtained
fit parameters for the polymer network, filler cluster morphology, and bond
fracture mechanics appear physically suitable. In particular, the value of the
cross-link modulus Gc increases with filler concentration due to the attach-
ment of polymer chains at the filler surface, implying an increased effective
cross-link density with rising filler loading. The Gc-values of the silica filled
systems are found to be somewhat smaller than the carbon black filled sys-
tems, indicating that a higher fraction of curatives is deactivated by adsorp-
tion at the silica surface as compared to the carbon black surface. The esti-
mated mean cluster size between <x>�20 to 30 times the particle diameter
d appears reasonable. With d�100 nm one finds <x> on the length scale of a
few micrometers. Note that, due to Eq. (34), the quantity Qeb/d 3 represents
the failure stress of filler-filler bonds, i.e., the limiting stress where all clus-
ters are broken and the cluster size equals the particle size (x=d). The ob-
tained fair agreement of the fitted values Qeb/d 3�24 to 28 MPa with the ten-
sile strength of the samples, which typically lies around 20 MPa, indicates
that the failure stress of filler reinforced rubber samples is closely related to
the failure stress of the filler-filler bonds. It demonstrates that the proposed
mechanism of rubber reinforcement by stress-induced filler cluster break-
down can be considered to be responsible for the strongly enhanced tensile

Fig. 46 a Stress contributions of the strained filler clusters for the different pre-strains
(upper part), obtained as in Fig. 45b. The solid lines are adapted with the integral term
of Eq. (47) and the log-normal cluster size distribution Eq. (55), shown in the lower
part. The obtained parameters of the filler clusters are Qeb/d 3=26 MPa, <x1>=25, and
b=0.8. b Uniaxial stress-strain data (symbols) as in Fig. 45c. The insert shows a magnifi-
cation for the smaller strains, which also includes equi-biaxial data for the first stretch-
ing cycle. The lines are simulation curves with the log-normal cluster size distribution
Eq. (55) and material parameters as specified in the insert of Fig. 45a and Table 4, sam-
ple type C40

Table 4 Material parameters obtained from adaptations of the model to uniaxial stress-
strain data of four S-SBR samples filled with 40 and 60 phr N220 (C40, C60) and silica (S40,
S60), respectively. Further polymer parameters are given as Ge=0.2 MPa and ne/Te=100, in-
dependent of sample type

Cluster distribution
Eq. (55)

Cluster distribution
Eq. (37)

X(E)
Eq. (53)

Sample
type

Gc

[MPa]
<x> b Qeb/d3

[MPa]
<x> W Qeb/d3

[MPa]
X1 Xo y

C40 0.176 25 0.8 26 26 �0,5 24 �1.209 11.52 0.803
C60 0.190 18 0.8 26 20 �0,5 24 �0.329 17.40 1.180
S40 0.120 19 0.8 24 27 �0,5 28 �0.165 14.12 1.094
S60 0.130 22 0.8 24 31 �0,5 28 �0.148 15.24 1.130

t
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strength of filled rubbers. Obviously, rupture of the whole sample appears
somewhat before the last filler-filler bonds break down.

The success of the developed model in predicting uniaxial and equi-biaxi-
al stress strain curves correctly emphasizes the role of filler networking in
deriving a constitutive material law of reinforced rubbers that covers the de-
formation behavior up to large strains. Since different deformation modes
can be described with a single set of material parameters, the model appears
well suited for being implemented into a finite element (FE) code for simula-
tions of three-dimensional, complex deformations of elastomer materials in
the quasi-static limit.

Beside the consideration of the up-cycles in the stretching direction, the
model can also describe the down-cycles in the backwards direction. This is
depicted in Fig. 47a,b for the case of the S-SBR sample filled with 60 phr N
220. Figure 47a shows an adaptation of the stress-strain curves in the
stretching direction with the log-normal cluster size distribution Eq. (55).
The depicted down-cycles are simulations obtained by Eq. (49) with the fit
parameters from the up-cycles. The difference between up- and down-cycles
quantifies the dissipated energy per cycle due to the cyclic breakdown and
re-aggregation of filler clusters. The obtained microscopic material parame-
ters for the viscoelastic response of the samples in the quasi-static limit are
summarized in Table 4.

A comparison of the simulation curves in Fig. 47a with experimental
stress-strain cycles, depicted, e.g., in Fig. 3, shows a significantly different
behavior of the down-cycles. Obviously, the evaluated stress contribution of
the strained filler clusters during the down cycle, i.e., the integral term of
Eq. (49), is too small to explain the difference between the experimentally
observed up- and down-cycles in the high strain regime, where the upturn
of the stress appears. The reason for this deviation can partly be found in
the pronounced set behavior of reinforced rubbers that shifts the remaining
strain at zero stress to increasing positive values with increasing pre-strain
(compare Fig. 3). So far, this set behavior is not considered in the developed
model. Concerning the measurement results, it has been compensated by
shifting the experimental stress-strain curves of the pre-strained samples
into the origin. This procedure is described more closely in [76].

In view of an illustration of the viscoelastic characteristics of the devel-
oped model, simulations of uniaxial stress-strain cycles in the small strain
regime have been performed for various pre-strains, as depicted in Fig. 47b.
Thereby, the material parameters obtained from the adaptation in Fig. 47a
(Table 4, sample type C60) have been used. The dashed lines represent the
polymer contributions, which include the pre-strain dependent hydrody-
namic amplification of the polymer matrix. It becomes clear that in the
small and medium strain regime a pronounced filler-induced hysteresis is
predicted, due to the cyclic breakdown and re-aggregation of filler clusters.
It can considered to be the main mechanism of energy dissipation of filler
reinforced rubbers that appears even in the quasi-static limit. In addition,
stress softening is present, also at small strains. It leads to the characteristic
decline of the polymer contributions with rising pre-strain (dashed lines in
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Fig. 47b), which impacts the slope of the stress-strain cycles. This softening
effect results from the drop of the strain amplification factor Xmax with in-
creasing pre-strain, which has been determined by an extrapolation of the
adapted values, shown in the insert of Fig. 47a, with the power law approxi-
mation Eq. (53).

It is important to note that stress softening is also present during dynamic
stress-strain cycles of filled rubbers at small and medium strain. In particu-
lar, this can be concluded from the dynamic mechanical data of the S-SBR
samples filled with 60 phr N 220 as shown in Fig. 48. In the framework of
the above model, the observed shift of the center point of the cycles to small-
er stress values with increasing strain amplitude or maximum strain and the
accompanied drop of the slope of the hysteresis cycles can be related to a de-

Fig. 47 a Uniaxial stress-strain data in stretching direction (symbols) of S-SBR samples
filled with 60 phr N 220 at various pre-strains emax and simulations (solid lines) of the
third up- and down-cycles with the cluster size distribution Eq. (55). Fit parameters are
listed in the insert and Table 4, sample type C60. b Simulation of uniaxial stress-strain
cycles for various pre-strains between 10 and 50% (solid lines) with material parameters
from the adaptation in a. The dashed lines represent the polymer contributions accord-
ing to Eqs. (38) and (44) with different strain amplification factors
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creasing strain amplification factor Xmax. It implies that a pronounced Payne
effect appears also for pre-strained samples that compares to the one ob-
served for dynamic excitations around the stress-strain origin. This has led
to some conceptual problems in relating the Payne effect to filler network
breakdown [176, 177], which is briefly reviewed in the introduction section
of [57]. The problems arise primary from the fact that the shifting of the
center points of the hysteresis cycles due to stress softening is ignored if the
concept of linear viscoelasticity is applied and only the dynamic storage and
loss moduli are considered.

The experimental stress-strain cycles shown in Fig. 48 are quite similar to
the simulation curves in Fig. 47b, though the stress level of the experimental
curves is somewhat larger. This can partly be related to the fact that the true
stress is shown, which is by a factor of about 1.25 larger than the apparent
stress. Nevertheless, it appears that the extrapolated strain amplification fac-
tors Xmax, used for the simulation, are too small and a separate adaptation
for the small strain regime is needed. However, at present an adaptation of
the developed model to the dynamic data is not possible, mainly for two rea-
sons. On the one hand, an explicit time dependency of the stress-strain cy-
cles is not considered so far. On the other, only full cycles from maximum to
minimum strain can be described, where all fragile clusters break down and
re-combine. A more general model must also consider the re-aggregation
mechanism in dependence of strain, in order to describe all kind of stress-
strain cycles. This will be a task of future work. Despite these limitations
there is strong evidence that the Payne effect can be described on the basis
of the derived model of stress softening and filler-induced hysteresis, which
allows for a proper simulation of quasi-static stress-strain curves, referred to

Fig. 48 Dynamic stress-strain cycles obtained from uniaxial harmonic excitations at
1 Hz of the S-SBR samples filled with 60 phr N 220 at fixed pre-strain and various strain
amplitudes, as indicated
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as Mullins effect. This demonstrates that both effects can be traced back to
the same micro-mechanical mechanism.

6
Summary and Conclusions

In the first part of the chapter (Sect. 3), the morphology and surface activity
of carbon black, the most important filler in the rubber industry, are ana-
lyzed. It is shown that, due to the disordered nature of carbon black forma-
tion during processing in a furnace reactor, the morphology of furnace
blacks is well described by referring to a fractal analysis. Investigations of
the surface roughness of carbon blacks by static gas adsorption point out
that all furnace blacks exhibit a pronounced surface roughness with an al-
most unique value of the surface fractal dimension ds�2.5–2.6 on atomic
length scales below 6 nm. This universality is related to a particular random
deposition mechanism of carbon nuclei on condensed carbon particles that
governs the surface growth of carbon blacks during processing. Graphitiza-
tion of carbon blacks diminishes the roughness of the surface on length
scales below z<1 nm, while on larger length scales the surface fractal dimen-
sion remains unchanged. The surface fractal dimension of all examined
graphitized blacks is found as ds�2.3 below 1 nm, independent of the ap-
plied evaluation procedure.

An analysis of the surface energy distribution of furnace blacks demon-
strates that four different energetic sites can be distinguished. They are
shown to be related to the characteristic surface morphology of carbon
blacks. The fraction of highly energetic sites decreases significantly with
grade number and disappears almost completely during graphitization. It
indicates that the reinforcing potential of carbon black is closely related to
the amount of highly energetic sites that can be well quantified by the ap-
plied gas adsorption technique at low pressure. According to the universal
surface roughness of furnace blacks independent of grade number, one ex-
pects that the reinforcing potential owing to the surface roughness of carbon
blacks is not much different. Nevertheless, the detected high energetic and
morphological disorder of the carbon black surface can considered to be re-
sponsible for a strong polymer-filler coupling and phase bonding. Beside
the specific surface, this is an important factor for obtaining adequate ulti-
mate properties of carbon black reinforced rubbers.

The morphology of the more or less ramified primary carbon black aggre-
gates, as analyzed by TEM techniques, is readily described by a fractal ap-
proach. This refers to the specific cluster-cluster aggregation mechanism of
primary particles under ballistic conditions, which is realized during carbon
black processing. It implies a mass fractal dimension df�1.9–1.95, which is
indeed found for the fine blacks. For the more coarse furnace blacks larger
values of df are obtained that increase with the grade number. This results
from electrostatic repulsive interactions between the aggregates due to the
application of processing agents. During compounding of carbon blacks
with highly viscous rubbers, rupture of primary aggregates takes place de-
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pending on the mixing severity and grade number. It implies that the aggre-
gate size decreases with increasing mixing time or filler loading, preferably
for the high structured coarse blacks. The resulting influence on the me-
chanical properties of the composites can be described on a quantitative lev-
el by considering the rising solid fraction of primary aggregates with in-
creasing mixing severity, which impacts the mechanically effective filler con-
centration.

In the second part of the chapter (Sect. 4), carbon black networking in
elastomer composites is analyzed by applying TEM-, electrical percolation-,
dielectric- as well as flocculation investigations. This provides information
on the fractal nature of filler networks as well as the morphology of filler-
filler bonds. It becomes obvious that TEM analysis gives a limited micro-
scopic picture of the filler network morphology, only, due to spatial inter-
penetration of flocculated neighboring filler clusters. Investigations of the
d.c.-conductivity demonstrate that no universal percolation structure for the
filler network is realized on mesoscopic length scales if a critical filler con-
centration is exceeded. Instead, the structure appears to be modified by a
superimposed kinetic aggregation process, which explains the detected non-
universal value of the percolation exponent and the impact of filler specific
surface and polymer micro-structure on the percolation threshold. Floccula-
tion studies, considering the small strain mechanical response of the un-
cross-linked composites during heat treatment (annealing), demonstrate
that a relative movement of the particles takes place that depends on particle
size, molar mass of the polymer, as well as polymer-filler and filler-filler in-
teraction. This provides strong experimental evidence for a kinetic cluster-
cluster aggregation mechanism of filler particles in the rubber matrix to
form a filler network. The a.c.-conductivity exponent in the high frequency
regime is shown to be related to an anomalous diffusion mechanism of
charge carriers on fractal carbon black clusters. This confirms the fractal na-
ture of filler networks in elastomers below a certain length scale, though it
gives no definite information on the particular network structure.

From the dielectric investigations it becomes obvious that charge trans-
port above the percolation threshold is limited by a hopping or tunneling
mechanism of charge carriers over small gaps of order 1 nm between adja-
cent carbon black particles. From this finding and the observed dependency
of the flocculation dynamics on the amount of bound rubber, a model of fil-
ler-filler bonds is developed. It relates the mechanical stiffness of filler-filler
bonds to the remaining gap size between the filler particles that develops
during annealing (and cross-linking) of filled rubbers. In this model, stress
between adjacent filler particles in a filler cluster is assumed to be transmit-
ted by nanoscopic, flexible bridges of glassy-like polymer, implying that a
high flexibility and strength of filler clusters in elastomers is reached. This
picture of filler-filler bonds allows for a qualitative explanation of the ob-
served flocculation effects by referring to the amount of bound rubber and
it is impact on the stiffness and strength of filler-filler bonds.

In the last part of the chapter (Sect. 5), a micro-mechanical model of rub-
ber reinforcement by flexible filler clusters is developed that allows for a
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quantitative analysis of stress softening and hysteresis of filler reinforced
rubbers up to large quasi-static deformations. It is shown that the kinetic
cluster-cluster aggregation (CCA) model of filler networking in elastomers
represents a reasonable theoretical basis for understanding the small strain
viscoelastic properties of reinforced rubbers. According to this model, filler
networks consist of a space-filling configuration of CCA-clusters with char-
acteristic mass fractal dimension df�1.8. The consideration of flexible
chains of filler particles, approximating the elastically effective backbone of
the filler clusters, allows for a micro-mechanical description of the elastic
properties of tender CCA-clusters in elastomers. The main contribution of
the elastically stored energy in the strained filler clusters results from the
bending-twisting deformation of filler-filler bonds. The predicted power-law
behavior of the small strain modulus of filler reinforced rubbers is con-
firmed by a variety of experimental data, including carbon black and silica
filled rubbers as well as composites with model fillers (microgels).

Beside the elastic behavior, the failure properties of filler-filler bonds and
filler clusters are considered in dependence of cluster size. This completes
the micro-mechanical description of tender but fragile filler clusters in the
stress field of a strained rubber matrix. By assuming a specific cluster size
distribution in reinforced rubbers, which is motivated by an asymptotic so-
lution of Smoluchowski�s equation for the kinetics of irreversible cluster-
cluster aggregation, a constitutive material model of filler reinforced rubbers
is derived. It is based on a non-affine tube model of rubber elasticity, includ-
ing hydrodynamic amplification of the rubber matrix by a fraction of rigid
filler clusters with filler-filler bonds in the unbroken, virgin state. The filler-
induced hysteresis is described by an anisotropic free energy density, con-
sidering the cyclic breakdown and re-aggregation of the residual fraction of
more fragile filler clusters with already broken filler-filler bonds. The model
assumes that the breakdown of filler clusters during the first deformation of
the virgin samples is totally reversible, though the initial virgin state of fil-
ler-filler bonds is not recovered. This implies that, on the one hand, the frac-
tion of rigid filler clusters decreases with increasing pre-strain, leading to
the pronounced stress softening after the first deformation cycle. On the
other hand, the fraction of fragile filler clusters increases with increasing
pre-strain, which impacts the filler-induced hysteresis.

It is demonstrated that the quasi-static stress-strain cycles of carbon black
as well as silica filled rubbers can be well described in the scope of the theo-
retic model of stress softening and filler-induced hysteresis up to large
strain. The obtained microscopic material parameter appear reasonable,
providing information on the mean size and distribution width of filler clus-
ters, the tensile strength of filler-filler bonds, and the polymer network chain
density. In particular it is shown that the model fulfils a “plausibility criteri-
on” important for FE applications. Accordingly, any deformation mode can
be predicted based solely on uniaxial stress-strain measurements, which can
be carried out relatively easily.

From the simulations of stress-strain cycles at small and medium strain it
can be concluded that the model of anisotropic cluster breakdown and re-
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aggregation for pre-strained samples represents a fundamental micro-me-
chanical basis for the description of non-linear viscoelasticity of filler rein-
forced rubbers. Thereby, the mechanisms of energy storage and dissipation
are traced back to the elastic response of the polymer network as well as the
elasticity and fracture properties of flexible filler clusters. For a time depen-
dent, complete characterization of non-linear viscoelastic stress-strain cycles
of filler reinforced rubbers, the dynamic-mechanical response of the poly-
mer matrix has to be considered as well. Furthermore, the re-aggregation
rate must be specified in dependence of strain, in order to describe any kind
of stress-strain cycles. This will be a task of future work.
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Abstract Beyond measuring the topography of surfaces, scanning force microscopy (SFM)
has proved to be valuable both for mapping of various materials properties and for modify-
ing surfaces via lithography techniques. Thus, SFM has gained relevance as a surface analy-
sis technique as well as a tool for nanoscale engineering purposes. Different kinds of tip-
sample interactions are exploitable, e.g. mechanical, thermal and electrical ones. Owing to
its versatility, SFM has found plenty of applications in polymer science. Among others, the
examples reported on in this review article encompass issues related to commodity poly-
mers, various polymer-based composites, polymer blends, or ferroelectric polymers. For
instance, stiffness imaging is elucidated as a technique for detecting interphases occurring
in composites with inorganic fillers. The described applications are mainly related to me-
chanical and electrical tip-sample interactions. The respective fundamentals are outlined as
well as some aspects of the measurement of materials contrasts. The presented techniques
of nano-scale modification are a dynamical sort of plowing lithography and electrical
poling, both performed by means of SFM-probes.
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1
Introduction

In scanning force microscopy (SFM) [1] microscopic cantilevers with a
sharp tip positioned close to the free end of the cantilever are employed.
Alongside with the piezoelectric transducers for high-resolution movement,
the cantilever represents one of the core elements of microscopes of the SFM
type. If not consisting of silicon nitride (Si3N4), which is an insulating ce-
ramic, in the vast majority of cases these cantilevers consist of silicon, which
belongs to the class of semiconducting materials. Hence, when investigating
surfaces of macromolecular materials by means of SFM, two different classes
of materials are involved, namely polymers and inorganic semiconductors.
Undoubtedly, these materials are ever-present in our daily lives and are play-
ing more and more an increasing role.

Among others, their great success can be traced back to a common trait,
namely a kind of versatility, that is the potential of a material to exhibit wide
ranges of different properties which are accessible technically by dedicated
but similar fabrication techniques and which can be exploited for manifold
applications. For instance, in the case of semiconductors the electrical and
optical properties can easily be changed by means of doping techniques.
Similarly, the stiffness for tensile loading of polymers can be enhanced sig-
nificantly by techniques such as blending of two or more polymers comple-
menting one another in their mechanical properties or by stretching. More-
over, electrical and optical properties of polymer materials are increasingly
being studied and are paving the way for polymers to be used as active ele-
ments, such as organic light emitting diodes (oLED). One trait that obvious-
ly seems to be common to the two materials classes, i.e. polymers and semi-
conductors, as well as to the microscopy technique SFM, is versatility. That
is, without significant changes to the basic experimental set-up of the SFM
type microscope, many different properties of the surface under investiga-
tion can be measured and recorded in the form of an image. Consequently,
based on the SFM principle, plenty of different measurement techniques
have been developed and have largely driven the widespread dissemination
of SFM-type microscopes one may find nowadays in many research labs. Re-
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ferring to the various existing modifications of the SFM principle as well as
to some techniques where microscopic probes are being employed which are
completely different from the cantilevers typical for SFM (namely in scan-
ning tunnelling microscopy, STM [2], and often also in scanning near-field
optical microscopy SNOM [3]), the more general term scanning probe
microscopy (SPM) has been coined. In the particular case of an SFM-type
microscope, the probe consists of a cantilever and a tip.

Essentially, the versatility of SFM results from the numerous tip-sample
interactions which can be exploited for characterising the surface under in-
vestigation. For instance, when operating in immediate mechanical contact
between tip and sample and when having applied an electrical voltage be-
tween an electrically conductive cantilever and an electrode at the backside
of the sample, the current flowing across the tip-sample contact may be used
for mapping variations of the electrical conductivity. In an analogue manner,
variations of the thermal conductivity of the surface under investigation
may be mapped. Whatever the particular set-up, material of the tip surface,
and sample material, the force acting between tip and sample can be used
for controlling the tip-sample distance. Simultaneously, other interactions
such as the electrical tip-sample current can be recorded and used for char-
acterising the sample surface. These kind of imaging techniques reflecting
the lateral variations of a particular physical property are often referred to
as materials contrasts. They may be used for contrasting different compo-
nents, differing in their composition or their structure. Similarly, a materials
contrast may be used for mapping changes of the measured physical quanti-
ty as occurring along a certain direction, but within the same material. Ob-
viously, careful interpretation of the gathered materials contrast requires
some knowledge on the tip-sample interaction being exploited. Owing to the
operation of the tip in the near-field of the sample, that is within rather
small a distance from the sample surface (<100 nm), the magnitude of the
effective tip-sample interaction area is affected generally by the surface to-
pography. Consequently, the potential cross-talk from topography via the
tip-sample interaction area should always be borne in mind when analysing
materials contrast images.

The ability to characterise various physical properties on a highly local
scale may provide valuable information not available by means of more con-
ventional microscopy techniques. Whatever the particular issue why a (mac-
romolecular) material is being investigated, imaging its structure is in many
cases a straightforward approach and may provide plenty of information on
its morphology, texture, the effects of the particular production technique,
or the mechanism of failure of a part made up of that material. Structure-
property relationships are being studied widely in order to learn how to de-
duce materials properties from the materials structure, and in what ways the
materials properties may be improved by well-aimed modifications to the
materials structure. Alongside with the spatial organisation of a material,
compositional heterogeneities are being present in most materials and can
play a major role for certain properties such as the mechanical strength.
Consequently, sampling of concentration profiles or concentration mapping
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are valuable techniques in materials science. The required spatial resolution
can be provided by scanning a focused probe across the area under investi-
gation, e.g. like in scanning electron microscopy (SEM). Since compositional
heterogeneities are in many cases related to corresponding variations in lo-
cal physical properties, the recorded concentration profiles can be translated
into property profiles provided that some knowledge of the respective con-
centration-property-relationship is given. For instance, this knowledge can
be gathered from reference measurements performed on materials with a
well-defined chemical composition, so-called reference materials. If per-
forming the reference measurements by means of a macroscopic measure-
ment technique, however, it should be borne in mind that the resulting mac-
roscopic concentration-property-relationship does not hold necessarily on
the length scale of the concentration gradient of interest. For instance, the
macroscopic tensional strength of a material may be impaired significantly
by the presence of mesoscopic flaws such as voids, whereas on the local scale
the probability of finding flaws within the sampling volume is reduced and
the tensional strength can be enhanced. Hence, microscopic measurements
are highly desirable which provide information on the physical property of
immediate interest.

For instance, when dealing with fibre-reinforced composites, in general,
there exists an interphase present between fibre and matrix with mechanical
properties deviating from those of the bulk matrix and of the bulk filler ma-
terial, respectively. The shape of the corresponding radial stiffness profile
shows some impact on the stress distribution occurring around the fibre
and, hence, on the overall mechanical performance of the composite materi-
al [4]. The stiffness profile may arise either from corresponding gradients of
the composition or from structural gradients. Instead of profiling these vari-
ations and translating them into a stiffness profile by means of reference
data or a model, it seems to be more straightforward to map the stiffness
variations themselves. Several examples of stiffness mapping as applied to
heterogeneous polymer systems are given in Sect. 4. An application of ther-
mal and combined mechanical SFM measurements as performed on a poly-
mer-matrix composite referring to brake pad materials is be elucidated in
Sect. 5. The potential benefits which can be taken from electrical materials
contrasts as well as particular measurement techniques and their limits are
described in Sect. 7.

Rather than aiming to sampling the sample surface in a non-destructive
manner, the directness of the tip-sample interactions may be exploited de-
liberately for modifying the sample surface. Thus, by addressing particular
tip-sample interactions promising for inducing surface modifications and
by variation of the strength of the tip-sample interaction, the transition from
�reading� to �writing� can be made. This capability has opened up new routes
towards manipulation of materials on the nanoscale. Alongside with the
need for small-scale lithography, this potential capability of SPM-based tech-
niques has propelled a now world-wide rush into nanotechnology. Beyond
the new tools for nanoscale modification of materials, operation of the SFM
in the �writing regime� may be used for studying the high-strain behaviour
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of polymers on a highly local scale. As, in general, physical laws holding on
the macroscale are implying some statistics, simple scaling down to sam-
pling volumes encompassing only a small number of molecules may lead to
erroneous results. �Small is different� and promising materials properties
may be expected on the nanoscale. Moreover, when considering future infor-
mation storage technologies based on nanoscale modifications of polymer
surfaces [5], issues related to the long-term stability of the nanostructures
seem to be of paramount interest. In general, it may be stated that the func-
tionality of polymers is being extended to micro- and nanoscale. These
kinds of approaches are expected to open up new ways to micro- or nanos-
cale devices and their future employment will increase even further the pres-
ent degree of versatility of macromolecular materials.

An SFM based lithography technique by means of mechanical interac-
tions as applied to surfaces of polystyrene (PS) and polymethylmethacrylate
(PMMA) is described in Sect. 6. Similarly, some results of SFM-based poling
experiments performed on a piezoelectric polymer are elucidated in
Sect. 7.6.

In the following Sects. 2 and 3 some fundamentals of SFM are outlined as
well as some basics of nanomechanics relevant to tip-sample interactions,
respectively.

2
Fundamentals of Scanning Probe Microscopy and Basic Instrumentation

The general principle of scanning probe microscopy (SPM) is to scan a very
sharp probe over the surface under investigation. With probe and sample
being so close to each other that their mutual interaction occurs via the
near-field instead of the far-field, the tip-sample interaction is very local and
a high lateral resolution can be achieved. In fact, atomic resolution was ac-
complished by means of scanning tunnelling microscopy (STM) and scan-
ning force microscopy (SFM) on metals and ionic crystals. Depending on
the particular tip-sample interaction being employed, different physical
properties of the sample surface can be mapped. In the case of STM, the cur-
rent tunnelling between a sharpened metal wire and the electrically conduc-
tive sample is measured. Owing to the pronounced distance dependence of
the tunnelling current, an extraordinary sensitivity for tip-sample distance
changes is given. Provided a finely adjustable actuator for movements in di-
rection vertical to the sample surface, the vertical probe position can be
adapted to the topography of the sample surface by using the magnitude of
the tunnelling current as control variable of a feedback loop. When scanning
the STM probe across the sample surface a topographic map can be record-
ed with the vertical displacements of the probe representing the height
changes of the sample surface. In a similar manner to STM, in SFM the me-
chanical forces acting between a sharp tip and the sample surface are being
exploited for recording topography images. Owing to the ever-present van
der Waals forces, SFM measurements can be performed on arbitrary materi-
als without special requirements for electrical conductivity. The total tip-
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sample interaction may also include other forces such as electrostatic or
magnetic ones, or solvation forces. The force sensitivity is achieved by
means of a microscopic cantilever the tip is attached to. Usually, the bending
of the cantilever upon attractive or repulsive tip-sample forces is sensed by
means of laser beam reflected off the rear side of the cantilever. The angle of
reflection of the focused laser beam changes with the bending of the cantile-
ver. A segmented photodiode may be used for detecting the position changes
of the reflected laser beam. Depending on the geometrical and electronic
amplification of this detection scheme, which is adapted from the operation
principle of a light pointer, a vertical resolution of the order of ~0.01 � can
be achieved. In a similar manner, the torsional flexure of the cantilever due
to lateral forces acting on the tip can be detected. This requires sensitivity of
the photodiode for positional shifts of the reflected laser beam along a sec-
ond axis aligned perpendicular to the first one. Hence, fourfold segmented
photodiodes are often used for accomplishing that.

Beyond imaging the sample topography, the SFM set-up can be exploited
for imaging further sample properties, such as local stiffness, adhesion, fric-
tion, or thermal conductivity. In principle, information related to the me-
chanical properties of the tip-sample contact are accessible without special
modifications of the cantilever. The force changes upon approaching the
cantilever to the sample surface and the subsequent retracting are generally
recorded in the form of force-distance curves and can provide a wealth of
information about the particular tip-sample interactions and the mechanical
properties of the tip-sample contact [6]. Measuring and analysing force-dis-
tance curves is a specialised field and discussing the details is beyond the
scope of this article. Essentially, the force-distance curve encompasses an at-
tractive range including the jump-to-contact in the approaching part, a non-
linear repulsive range in both the approaching and the retracting part, and a
pull-off range in the retracting part. Special-purpose set-ups were devised
for probing specific tip-sample interactions like electric, magnetic, thermal
or optical ones.

The basic set-up of SFM microscopes is depicted in Fig. 1a. The cantilever
is scanned across the surface along lines parallel to the x-axis (axis of fast
scanning). Successive scan lines are shifted along the y-axis (axis of slow
scanning). Usually, the axis of fast scanning is chosen perpendicular to the
length axis of the cantilever. The scan range may range from some nanome-
tres to some tens of micrometres. The tip-sample interaction can be sensed
in contact, in intermittent contact, or in non-contact mode. In contact mode
the tip touches the sample surface permanently and the overall force on the
tip is repulsive. The resulting bending of the cantilever is concave. The re-
pulsive tip-sample interaction changes fast with penetration depth which al-
lows a high z-resolution. During scanning lateral forces act between tip and
sample, either due to shear deformation of the tip-sample contact or due to
frictional forces. Both of them can be a matter of interest, but the shear
forces can result in some modification of the sample surface. In non-contact
mode no intimate contact between tip and sample is established but the tip
is close enough to the sample surface to sense the vertical gradient of surface
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forces. The stiffness of the free cantilever is diminished by the vertical gradi-
ent of attractive surface forces. The corresponding reduction of the reso-
nance frequency of the cantilever can be exploited for driving the topogra-
phy feedback. In intermittent contact mode the tip moves both in the attrac-
tive and the repulsive regime of the force-distance curve. At the lower point
of the vertical displacement modulation of the cantilever base the tip touch-
es the sample surface. In a more figurative way, this mode is also referred to
as tapping mode (TM). Pulling-off the tip from the adhesive surface requires
a certain minimum amplitude of displacement modulation. The closer the
cantilever approaches the sample surface, the more its oscillation amplitude
is diminished. Thus, the amplitude signal is generally exploited as input
variable to the topography feedback loop. The phase shift of the cantilever
oscillation to the driving signal can be related to stiffness and adhesion
properties of the surface under investigation.

Extensive research work has been performed in order to characterise the
potential and the limits of each of the three basic modes of operation. Since

Fig. 1 a Schematic representation of the basic components of a standard SFM detection
system. The sample surface under investigation is scanned by means of a very fine tip
which is located near the free end of a microscopic cantilever. The vertical forces acting
between tip and surface result in a bending of the cantilever which is detected by means
of an optical detection system strongly resembling a light pointer. b According to the
regime of the force-distance curve where the tip is operated during imaging, three basic
operation modes can be distinguished. In non-contact and in intermittent contact oper-
ation, the vertical cantilever position is subjected to a periodical displacement modula-
tion with a frequency close to the resonance frequency of the cantilever. In non-contact
mode the tip is moving solely in the regime of purely attractive forces, whereas in con-
tact mode the tip-surface forces are repulsive. In intermittent contact mode during each
modulation period the tip senses both attractive and repulsive forces with the time of
repulsive interaction being only a fraction of the modulation period
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these issues are beyond the scope of this article we may refer to some more
dedicated articles and the references given therein [7–15]. The intermittent
contact mode has gained great importance for studying thin films of compli-
ant materials and clusters only slightly adhered to the underlying substrate.
Since the tip is in contact with the sample surface only for a fraction of the
oscillation period (typically, ~6–20 ms) of the cantilever, the scanning-in-
duced shearing forces imposed onto the tip-sample contact are negligible
and even the most compliant polymers can be imaged in a non-destructive
manner. The interpretation of the phase signal, however, is still a matter of
vivid debate. Without claiming completeness, we may refer to some exem-
plary publications [8, 16–24]. Although the permanent tip-sample contact
imposes to some extent lateral forces on the sample surface upon scanning,
the contact mode operation is frequently used in studies where the film-sub-
strate adhesion is strong enough, or thick films or even bulk samples are be-
ing investigated [25–31].

Mapping a certain area of the sample surface by scanning with the topog-
raphy feedback being switched on essentially means that the total force
acting on the tip is kept rather constant. Presuming that the surface forces
acting between tip and sample do not exhibit significant changes, the adjust-
ments of the vertical cantilever position necessary for keeping the preset val-
ue of the cantilever bending are equal to the height changes of the scanned
topographic profile. Conversely, the scan velocity can be set to zero and the
whole force-distance curve can be driven through. For given environmental
conditions and a given cantilever, recording the whole force-distance curve
provides the maximum amount of information available on a certain site of
the surface under investigation. Frequently, the acquisition of force-distance
curves is referred to as point spectroscopy. Several approaches have been de-
veloped for combining these two opposing acquisition techniques. One obvi-
ous approach is to scan the same area several times with the setpoint of the
topography feedback being varied successively. However, only a rather limit-
ed force range is accessible by this method due to the instabilities of the
feedback occurring at small loads. Instead of scanning continuously, the
cantilever can successively be moved to different sites of an array and com-
plete force-distance curves can be driven through and recorded on each site
of the array. In this way a volume is mapped with each discrete lateral site
being represented by a force-distance curve. The lateral translation can be
performed either with tip and sample being in intimate contact or at the
point of maximum distance between tip and sample. Owing to the fact that
no lateral forces are imposed on the tip-sample contact, the latter approach
may considered advantageous. In an approach described by Cappella et al.
[32], the tip is moved towards the sample surface until a certain preset max-
imum total force (i.e. concave cantilever bending) is reached. All equidistant
points of the force-distance curve are referred to this point. The spatial vari-
ation of force-distance curves can be visualised by displaying for each site of
the array the force measured at some vertical distance from the reference
point. Thus a whole series of that kind of force slice is available with each
image representing a certain vertical distance from the point of maximum
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cantilever bending. However, the rigorous approach of recording complete
force-distance curves for an array of surface sites is rather consumptive both
in storage space and in time. Whilst storage space is nowadays no more an
issue of major concern, the acquisition time still matters. For instance, pre-
suming an acquisition time per force-distance curve of 1 s, the total acquisi-
tion time for a 60�60 array takes 1 h. Thus the achievable lateral resolution
is rather limited. In a more pragmatic approach the force-distance curve is
driven through comparatively rapid while the cantilever is being scanned
laterally in a continuous manner (pulsed force mode) [33, 34]. Instead of
saving the complete force-distance curve, only some characteristics such as
the slope of the contact branch and the pull-off force are being extracted. In
a similar approach the lateral translation is performed only when the tip is
retracted from the sample surface (jumping mode) [35].

Low-amplitude displacement modulation can be superimposed to either
the sample position or the position of the cantilever base; see Fig. 2. Via the
stiffness of the cantilever for bending and torsion, the displacement modula-
tion translates to force modulation. More precisely, out-of-plane (i.e. in the
z-direction) displacement modulation results in modulated compressive
loading of the tip-sample contact [36], whereas in-plane (i.e., in the x- or
y-directions) displacement modulation results in modulated shear loading

Fig. 2 Schematic representation of the basic detection elements of the scanning force
microscope and of the piezoelectric transducers generating the displacement modula-
tions for purposes of dynamic mechanical measurements. The dynamic components of
the tip-sample forces resulting from the normal/lateral displacement modulations are
detected via the torsion/bending of the microscopic cantilever and the deflection of the
laser beam reflected off the rear side of the cantilever. The positional shift of the latter is
registered by means of a segmented photo-diode
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[37]. Generally, these measurement techniques are called force modulation
microscopy (FMM) and modulated lateral force microscopy (M-LFM), re-
spectively. The dynamic response of the cantilever reflects the respective
stiffnesses of the tip-sample contact. The highly sensitive lock-in technique
can be employed for signal recovery. When using dual-channel lock-in am-
plifiers, both amplitude and phase of the response signal are available. More-
over, via variation of the modulation frequency, rate-dependent behaviour of
the surface material can be investigated. As an alternative to the amplitude
of dynamic cantilever deformation, the tip-sample stiffness can be calculated
from the shift of the resonance frequencies of the cantilever [38]. Instead of
indirect force modulation by means of displacement modulation, direct
force modulation was accomplished by applying alternating magnetic fields.
Producing a corresponding force on the cantilever requires a magnetisation
in the field direction which can be achieved by gluing an appropriately ori-
ented magnetic particle on its rear side [39]. Instead of the particle a mag-
netic film can be deposited [40]. Especially when operating in a liquid, the
systems response is much less obscured by mechanical interferences than in
the case of acoustic excitation [40]. By means of a set-up where the SFM can-
tilever is replaced, Syed Asif et al. [41] implemented a force-modulation
technique using a three-plate capacitive load-displacement transducer. The
transducer allows both electrostatic force actuation and displacement sens-
ing. Owing to the vertical arrangement of the tip, upon loading there should
not occur any appreciable lateral force component. Thus, the amplitude of
displacement modulations needs not to be kept small in order to avoid slip-
ping within the tip-sample contact. In SFM-based force modulation experi-
ments, however, the cantilever tilt of ~10–15� with respect to the horizontal
causes a lateral force component when loading the tip-sample contact. For
minimising this effect, the modulation amplitude should be limited to the
nanometre range [42].

When applying the modulation during scanning, amplitude and phase
maps can be recorded simultaneously to the image of topography. Alterna-
tively, on selected sites force-distance curves can be driven with simultane-
ous recording of the dynamic cantilever response signals [43]. With the
scanning velocity being set to zero, the tip-sample contact is not affected by
sliding. However, when applying in-plane displacement modulations, at high
modulation amplitudes sliding of the tip sets in and the lateral forces acting
on the tip are due to friction forces rather than shear deformation of the tip-
sample contact [44]. Owing to the anisotropy of most of the SFM-cantilevers,
the lateral displacement modulation is mostly applied in direction perpen-
dicular to the cantilever length axis, similarly to the scanning motion. Re-
cently, a symmetric probe design has been devised in order to allow measur-
ing lateral forces in arbitrary in-plane directions [45].

FMM was successfully applied in order to image local stiffness variations
occurring on surfaces of polymer samples. For instance, Overney et al. [46]
and Bar et al. [47] demonstrated by means of FMM that the frictional prop-
erties of lubricating monolayers not only depend on their adhesion proper-
ties but also on their compression stiffness. Consequently, stiffness should
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be considered as a major parameter, e.g. when performing friction experi-
ments with systematic variation of the adhesive forces by means of chemi-
cally modified tips (chemical force microscopy). Valuable information can
be gained from the combined measurement of properties complementing
one another. More recently, a combination of the pulsed force mode with
FMM was proposed [48]. Thus the low frequency and large amplitude mod-
ulation of the vertical cantilever position (responsible for driving through
the force-distance curve) is superimposed onto a second vertical modulation
of high frequency and low amplitude. In a similar manner pulsed force
mode can be combined with lateral vibrations of high frequency and low
amplitude, i.e. with M-LFM [48].

Yet another promising combination is studying changes of local mechani-
cal properties upon systematic variation of the sample temperature. Temper-
ature variation was combined with phase imaging in intermittent contact
mode [49], FMM [50], or pulsed force microscopy [34, 51]. When heating
the total sample, some complications arise due to thermal drift effects. In
particular, the stiffness of the cantilever may change upon temperature vari-
ation. Instead of applying a macroscopic heating stage, local heating can be
achieved by special-purpose micro-cantilevers (scanning thermal microsco-
py, SThM). A thin thermoresistive filament located at the very end of the mi-
cro-cantilever can be used both as a local heating element and a thermal
probe [52]. Instead of applying thin filaments, pronounced Joule heating
may also be induced at the locus of geometric restrictions of the cantilever
cross-section, where the electrical current density is increased [53]. The geo-
metric restrictions can be a part of the cantilever design. When the tip en-
counters material exhibiting high thermal conductivity, the heat flow into
the sample will increase and, consequently, for a given heating current the
temperature of the probe itself will decrease. In contrast, by means of a spe-
cial feedback loop, the probe temperature can be kept constant by adapting
appropriately the magnitude of the heating current. As in a standard SFM,
the bending of the cantilever upon topographic height changes is used as a
control variable of the topography feedback loop. Alternatively to a d.c.
heating current, application of a.c. heating currents allows use of the lock-in
technique. Beyond the gain in sensitivity, via the frequency of temperature
modulation the sensing depth can be varied in a systematic manner [54].
More detailed outlines of the emerging field of SThM can be found in the
dedicated reviews by Majumdar [55] and Pollock and Hammiche [56].

Essentially, the sensitivity of FMM for stiffness variations is governed by
the ratio of the cantilever stiffness to the stiffness of the tip-sample contact.
Moreover, for strong disproportions between these two stiffnesses, the dy-
namic cantilever response was shown to be affected by frictional forces [57].
For typical cantilevers with bending stiffness, kc, of ~0.1–50 N/m this condi-
tion is easily met when dealing with compliant polymers. In the case of iso-
tactic polypropylene (PP) with the Young�s modulus value E�1.5 GPa, a tip
radius of curvature R�10 nm and an imaging force of �50 nN, the effective
tip-sample stiffness is of the order of 30 N/m [26]. Accordingly, stiffness
measurements on stiff materials such as metals or ceramics require much
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stiffer cantilevers. On the other hand, a high cantilever stiffness is equivalent
to a low force sensitivity. Especially when investigating materials that are
very heterogeneous from the mechanical point of view, conflicting require-
ments on the cantilever stiffness arise from the presence of both stiff and
soft components. For instance, when investigating mechanically heterogene-
ous materials such as carbon fibre reinforced polymers (CFRP), rather soft
cantilevers are necessary for characterising the compliant polymer matrix
surface without inducing any unintended surface modification, whereas stiff
cantilevers are needed for characterising the stiff fibres. This dilemma can
be sidestepped when noting that, for a given cantilever, the range of suffi-
cient stiffness sensitivity can be extended to more stiff materials by operat-
ing at frequencies higher than its fundamental resonance frequency. In this
regime the cantilever mass behaves like an inertial mass, i.e. the mass of the
cantilever cannot move fast enough to keep up with the imposed ultrasonic
excitation [58]. Owing to this effect, the cantilever becomes dynamically ri-
gid and even on comparatively stiff materials a soft cantilever can induce
elastic surface deformations. For excitation frequencies just above the reso-
nance frequency where the amplitude response decreases like w�2 (where w
denotes the circular frequency of the imposed displacement modulation),
FMM was referred to as scanning local-acceleration microscopy (SLAM)
[58]. Similar experiments performed above the frequency of the fundamen-
tal eigenmode or higher ones are referred to as atomic force acoustic mi-
croscopy (AFAM) [59], ultrasonic force microscopy (UFM) [60] or overtone
SFM [61]. For operating in the frequency range between ~100 kHz and sev-
eral MHz and in the acoustic near-field, these techniques may be subsumed
under the term near-field acoustic microscopy. At sufficiently high excita-
tion amplitudes the non-linearity of the force-distance curve comes into play
and the force averaged over one modulation period is non-vanishing. In a
heterodyne approach both the cantilever and the sample were subjected to
vertical displacement modulations at adjacent ultrasonic frequencies. Owing
to mixing in the tip-sample contact, the cantilever vibrates at the beat (dif-
ference) frequency, and the corresponding detection signal can be analysed
in terms of amplitude and phase [62]. This approach allows one to monitor
phase shifts on the ultrasonic time scale. This feature may be exploited for
studying fast relaxation processes.

In the inertial regime the spatial distribution of the cantilever mass is of
major importance. Thus, simple spring-mass models where the total cantile-
ver mass is supposed to be concentrated within one point do not hold. In-
stead, the particular mass-distribution of the cantilever has to be taken into
account, e.g. by means of analytical continuum mechanics models [63, 64]
or by numerical finite element modelling [53, 61]. As demonstrated by Rabe
et al. [63], the continuum mechanical theory of flexural waves of elastic
beams applies quite convincingly to SFM-cantilevers made up of single-crys-
tal Si. One of the most striking discrepancies between the continuum me-
chanics model taking into account the particular shape of the cantilever and
the point-mass model is the change of the contact resonance upon increas-
ing stiffness of the tip-sample contact. Whilst the latter predicts diverging
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contact resonance frequencies, according to the continuum mechanics de-
scription the resonance frequencies are bound between the resonance fre-
quencies of the free and of the fully clamped cantilever [63]. Furthermore, in
the point-mass model there exists only one eigenmode, namely the reso-
nance of the harmonic oscillator. Consequently, excitations well above the
respective resonance frequency are strongly suppressed which is conflicting
with the pronounced system�s response observable at higher eigenmodes
[65]. With increasing amplitude of the ultrasonic excitation, a broader part
of the force-distance curve is being sensed, and new effects may be observed
owing to its non-linearity. The resonance peaks become increasingly asym-
metric, their maxima shift to lower frequencies, and the contact resonances
show a hysteresis when the direction of the frequency scan is inverted [66].
Moreover, depending on the adhesion hysteresis the time-averaged force ex-
hibits a discontinuity [60] which is generally referred to as mechanical diode
effect. Quantitative evaluation of the resonance spectra in terms of Young�s
modulus of tip and sample surface requires knowledge of the exact geometry
of the cantilever. However, the cross-section of the cantilever beam may not
be constant and the tip of the cantilever is quite often not located perfectly
symmetric to the central length axis of the beam [59]. As well as the beam
shape the shape of the apex of the tip also shows a non-negligible impact on
the resonant behaviour. As shown by Dinelli et al. [67], a blunt tip gives no
dependence of the contact stiffness on the normal force. Finally, a satisfying
description of the dynamics of the tip-sample contact requires the finite lat-
eral stiffness of the tip-sample contact to be taken into account [64, 68].

In general, when performing nanomechanical experiments using a tip-like
probe, the overall shape of the tip, its micro-roughness, its chemical compo-
sition, and its surface chemistry are as important for the measurement as
the topography, roughness, mechanics and surface chemistry of the surface
under investigation. Unambiguous characterisation of this surface requires
well-defined properties of the probing tip. Thus the conditions of tip prepa-
ration should be well-controlled and dedicated techniques are necessary for
characterising the tip itself. Essentially, this can be achieved either by em-
ploying high-resolution microscopic techniques, such as scanning electron
microscopy (SEM) and transmission electron microscopy (TEM), or by cali-
bration procedures. Usually, the latter rely on inert reference samples with
quite exactly known properties. Tip characterisation is rendered more and
more difficult when the size of the tip reaches nanoscale dimensions. There-
fore, despite the reduction in achievable lateral resolution, somewhat blunt
tips are often used where the discreteness of matter is considered negligible
and the essential parameters such as the radius of curvature of the apex can
be determined with sufficient precision. For instance, initially blunt tips
may be deliberately worn or covered with a thick coating. In a more rigorous
approach, instead of the tip a small sphere-shaped particle attached to the
cantilever may be employed for the nanomechanical experiments. This ap-
proach is generally referred to as colloidal probe microscopy (CPM) [69].
Micron-size beads of several materials such as glass [70], silica [71, 72], sili-
con nitride [73], polyethylene [74], polystyrene [75], cross-linked poly-
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dimethylsiloxane [76] or cellulose [77, 78] were applied for measuring spe-
cific interaction forces. For studying the influence of surfactants or bound-
ary layers, the bead may even be covered with a thin film [71]. Strongly devi-
ating from the sphere-like shape of the attached particle, more recently an-
other kind of nanosize probe technique was proposed, employing a multi-
wall carbon nanotube (MWNT) [79–81]. When being attached to the end of
an SFM-tip with its length axis more or less parallel to that of the tip, the
very end of the nanotube may serve as a well-defined nanosized probe
(diameter 2–20 nm). The technique is expected to benefit from the extraor-
dinary aspect ratio and the outstanding mechanical properties of carbon
nanotubes.

3
Nanomechanics

With increasing surface-to-volume ratio, surface forces play an increasing
role, whereas volume forces such as the gravitational force become rather
unimportant. In addition to the ever-present van der Waals force, hydrogen
bonding forces, capillary forces, or long-range electrostatic forces may give
further contributions to the total surface force. For instance, the different
surface forces were outlined by Lee [82] and Fr	berg et al. [83]. Owing to
the adhesive forces, the atoms of the nearby tip and sample may rearrange
and the contact area is nonzero even at vanishing external load. When being
in contact, the adhesion-driven increase of the contact area between SFM-tip
and sample impairs the achievable lateral resolution. Moreover, the SFM-
measurement may suffer from fluctuations of the atom positions. Given
strong interactions between tip and sample, nanoscale welding can be ob-
served [84]. Specifically, this is the case when bringing uncovered metals
into mutual contact. Due to cohesive bonding a connective neck is formed.
Upon retracting the tip, the connective neck elongates and finally disrupts at
some pull-off force. The neck deforms through a series of structural defor-
mations involving elastic and yielding stages [85]. Molecular dynamics sim-
ulations suggest that plastic yielding of nanometre sized contacts under ten-
sile stress involves a series of structural transformations between ordered
and disordered states of a small number of atomic layers adjacent to the con-
striction [86].

The adhesion forces are dramatically reduced when the surface is covered
by low-surface energy monolayers such as hydrocarbons and fluorocarbons.
Essentially, the coverage with a low surface energy film results in a kind of
passivation of the tip-sample contact. In micro-electro-mechanical systems
(MEMS) engineering, deposition of low surface energy coatings and chemi-
cal surface modification are considered as effective techniques for minimis-
ing plastic deformations as well as reducing friction forces and wear [87].
Furthermore, hydrophobisation of the surfaces allows one to alleviate the
problem of adsorption of moisture at narrow gaps [88, 89]. Liquid bridging
leads to stiction, the unintended sticking of moveable or bendable machine
parts to nearby surfaces. Originally, the term stiction was introduced to
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characterise the failures of hard disk drives in which the available accelerat-
ing force is insufficient to overcome local static friction due to adhesion
forces among disk, slider and intervening lubricant [90]. In addition to the
application of low surface energy coatings, the propensity for stiction may
be reduced by minimising the apparent contact area. This can be achieved
either by introducing regular microbumps/microdimples or by systematic
modification of the microscale surface roughness [88, 89]. Beyond MEMS
applications of molecular surface layers, biocompatibilisation of artificial
microelectronic interfaces in order to provide reliable operational conditions
for biochips under conditions of natural chemical or biological environment
is another issue of growing importance [87].

The finite size of nanoscale contacts has strong implications on their me-
chanical properties. Recalling that plastic deformation in macroscopic crys-
tals usually occurs by motion of dislocations, it is self-evident that the
probability of nanoscale plastic flow being affected by dislocations is quite
low. The concentration of dislocations in a crystal varies strongly, but even
in an annealed single crystal the average separation between two nearby
dislocations is small as compared to traditional engineering length scales,
namely ~1 mm [91]. In the case of nanoscale mechanical contacts, however,
(pre-existing) dislocations are rather unlikely to contribute to plastic defor-
mations and the yield stress, sc, may approach the ideal value G·(2p)�1,
where G=E(2(1+n))�1 is the shear modulus [91] with n denoting the Poisson
ratio, i.e. the negative ratio of the relative deformations as measured in lat-
eral and in normal direction. Similarly, the probability of the measurement
to be affected by flaws decreases with decreasing sampling volume. Experi-
mentally, the yield stress was found to be ~1/30 of the Young�s modulus,
which is ~80 times larger than the macroscopic yield stress [85]. As shown
by Bhushan [92], the hardness values decrease with increasing depth of in-
dentation. For a sliding interface exhibiting near-zero friction and wear,
surfaces should be free of nanoscratches and contact stresses should be be-
low the hardness of the softer material to minimise plastic deformation.
Consistently with the improved hardness, on the micro- to nanoscale the
wear rates were observed to be smaller [92]. Beyond the size of the sam-
pling volume, finite size effects may also affect the behaviour of the lubri-
cant. With increasing contact pressure the lubricant is squeezed out of the
contact up to several molecular layers. Structure and physical properties of
the lubricant molecules are governed by their specific interactions with the
confining rigid surfaces rather than by hydrodynamic quantities such as
bulk viscosity.

Owing to the predominance of surface forces and the finite size effects,
the mechanical behaviour of nanoscale junctions is in many aspects strongly
different from that of macroscopic contacts. The improved hardness and
wear characteristics are promising for nano- and microscale mechanical de-
vices. In contrast, nanomechanics and nanotribology cannot be predicted by
simple down-scaling of the respective laws known from the macroscopic re-
gime. Although the mechanical models neglecting the discrete structure of
matter must break down at the atomic scale, continuum mechanics models
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taking into account surface forces have proved to hold to rather small length
scales. Providing analytical expressions, the various classical contact models
have found widespread application in micro- and nanoscale mechanical ex-
periments. And being approved on the micrometre scale, it seems quite nat-
ural to apply them to some extent to downscaled experiments.

3.1
Fundamentals of Tip-Sample Interactions

Several well-established mechanical contact models are available that are
based on concepts from continuum elasticity. In general, the purpose of
these models is to describe the deformation of two contacting spheres upon
loading. Within the frame of these models, the case of a tip indenting a
plane can be considered when setting the radius of curvature of one of the
spheres to infinity and approaching the apex of the tip by a sphere of radius
R. Despite the fact that these models originate from traditional macroscopic
concepts, their use for describing the mechanical contact between SFM-tip
and sample surface is rather common and has delivered a considerable
number of reasonable results. Taking into account the nano-scale extension
of the tip-sample contact, this is somewhat surprising as effects such as
spontaneous rearrangements of single atoms are not contained in models
that start from averaging over atomic length scales. Results from molecular
dynamics simulations, however, corroborated the applicability of classical
contact mechanics to nanoscale contacts, at least in a semi-quantitative
manner [93]. Via contact mechanics the vital parameter �contact area� may
be estimated, which cannot be directly measured by SFM or related nanos-
cale indentation techniques. Rather detailed overviews of classical contact
mechanics were given in several review articles dealing with nanomechan-
ics [6, 94–96]. This review shall be restricted to the essentials of contact me-
chanics necessary for grasping the basic ideas and for understanding relat-
ed SFM experiments.

3.1.1
Normal Loading

Within the widely accepted Hertz-model [97] the mutual deformation of two
contacting spheres is described, but without considering attractive surface
forces. With increasing surface-to-volume ratio, however, surface forces play
an increasing role. Given the same external load, models allowing for surface
forces do provide different values of the contact area, the indentation depth
and the stored elastic deformation energy. The Johnson-Kendall-Roberts
(JKR) model [98] presumes short-range surface forces acting exclusively
within the contact area. Owing to these surface forces, the same contact area
is achieved for lower values of the external load than in the case of the Hertz
model. The area density, w, of the thermodynamic adhesion energy is given
by Dupr
�s equation:
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w¼ g¼ g1þ g2� g12 ð1Þ

where g1 and g2 denote the surface energies of the two contacting materials
and g12 is the respective interfacial energy. w represents the energy per unit
area necessary for separating the two materials and to increase their mutual
distance to infinity. In the limit w=0 the JKR equations are identical to those
of the Hertz model.

The reduced modulus K of the mechanical contact is given by

K ¼ 4
3

1� n2
1

� �
E1

þ
1� n2

2

� �
E2

� ��1

ð2Þ

Denoting the radius of curvature of the tip with R and the external load
with P, according to JKR theory the contact radius a is given by

a3¼ R
K

Pþ3pwRþ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
6pwRPþð3pwRÞ2

q� �
ð3Þ

With P=0 we get a3
0=6pwR2K�1. Hence a is finite even for zero external

load P, owing to the adhesion forces. The detachment of tip and sample, the
so-called pull-off, requires a tensile force Pad which characterises the adhe-
sion force Pad=�(3/2)pwR. With d denoting the deformation of the tip-sam-
ple contact as measured in the vertical direction, the corresponding stiffness
kts=@P/@d of the contact is given by

kts¼
3
2

aK (3a)

The presumption of short-range surface forces underlying the JKR model
is violated when dealing with comparatively stiff materials where the extent
of elastic surface deformations is small compared to the range of surface
forces. Instead the model according to Derjaguin, Muller and Toporow
(DMT) is valid in this case. Following the DMT model [99], surface forces
are limited to a ring-shaped area (annulus) enclosing the central contact
area where the compressive forces are acting. In the annulus a<r<c the sur-
faces separate slightly by a distance increasing from zero to a maximal
height in the order of the atomic equilibrium spacing. Ruling out deforma-
tions due to attractive forces, the resulting deformation profile is of Hertzian
nature. The amount of the negative pull-off force is by a factor of 4/3 larger
than in the JKR case. As pointed out by Pashley [100], the abrupt decrease of
the JKR contact area upon increasing tensional loading implies an according
drop in total surface force, finally resulting in the pull-off. Hence, the JKR
model predicts separation at a finite contact area, in contradiction to the
DMT model where separation occurs at point contact, i.e. the contact with
zero deformation. It should be borne in mind that the general presumptions
of these contact mechanics models are axisymmetric contacts between iso-
tropic elastic bodies in the absence of shear and in the limit a<<R [101].
The latter condition originates from the Derjaguin approximation of replac-
ing the force interaction between the curved surfaces by an equivalent inter-
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action between two parallel planar surfaces separated by the same distance.
In case of violation of the constraint a<<R, the particular shape of the probe
needs to be included in a more accurate manner [102].

As shown by Muller et al. [103] and Maugis [104], the transition between
the two opposite regimes can be described in terms of a single parameter.
Basically, this parameter represents the ratio of the elastic surface deforma-
tions to the range of the surface forces. In terms of the Maugis-Dugdale
(M-D) model where the Lennard-Jones potential is approximated by a
square well potential (Dugdale-potential), the transition parameter l (which
is sometimes also referred to as elasticity parameter) is given by

l¼ 2s0
R

pwK2

� �1=3

ð4Þ

where s0 denotes the adhesion force acting within the annulus a<r<c and is
constant according to the Dugdale type approximation. The M-D model en-
compasses both the JKR model and the DMT model (Fig. 3).

In the limit l!1 we get the JKR equations, whereas in the opposite limit
l!0 the DMT equations are obtained. In practice, the JKR regime may be
defined by the condition l>5 and the DMT regime by l<0.1 [105]. In the in-
termediate range, the transition region, the M-D model has to be applied.
The quasi-analytic M-D model, however, does not provide closed formulas
and its application for curve-fitting procedures is rather cumbersome due to
the fact that a system of equations has to be solved. This is why the develop-
ment of a direct relation between force and contact deformation is a matter
of current efforts [105–107].

Fig. 3a,b Dependence of the reduced contact area �Aand the reduced load�P on the re-
duced deformation �d, respectively, as calculated by means of the Maugis-Dugdale theory
for different values of the transition parameter l. The JKR, DMT and Hertz limits are
indicated. Negative deformations �d¯ occur only in the JKR limit.�A,�P and �d are dimen-
sionless parameters given by a(pwR2K�1)�1/3, P/pwR and d(p2w2RK�2)�1/3, respectively.
The JKR curves are characterised by nose-like regions; at the extremal point of the
nose-like region instability occurs. Adapted from [6]
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A map is commonly used for displaying the regimes of validity of the par-
ticular contact models (Fig. 4). The coordinates of the map are given by the
transition parameter l as given by Eq. (4) and the ratio �P¼ P=pwR. Here,
P denotes the external load and pwR denotes a representative adhesive pull-
off force Pad.

The Hertz model applies in the majority of engineering situations where
high loads allow for neglecting adhesive forces. In the rigid zone (Bradley
regime) all elastic deformation is small compared with the range of the sur-
face forces [108]. The force-deformation relation of the DMT model includes
the transition parameter l which indicates that the DMT model does not en-
compass the rigid Bradley limit [109]. The DMT model was shown to be va-
lid, in particular when a large meniscus of condensed liquid is present [110,
111].

Similar to Muller et al. [103], several authors performed self-consistent
numerical computations of the non-linear equations based on the Lennard-
Jones potential instead of dealing with analytical approaches. Greenwood
[108, 109] and Feng [112] calculated the dependence of the pull-off force on
the transition parameter l. For fixed g and R, softer spheres require less
force to separate, though they deform more significantly. At the extreme lim-
its of small and large values of l, however, the pull-off force becomes virtual-
ly independent of l. On a local scale, this is consistent with the prediction of
the JKR and the DMT model that the pull-off force is independent of elastic
moduli of spheres [112].

The errors made by using the Dugdale approximation may be assessed by
comparing with the Lennard-Jones potential [108] which embodies the es-
sential features absent in the Dugdale model, namely the finite repulsive
compliance and continuously decreasing attraction. As shown by Johnson
and Greenwood [108], the effect of the Dugdale approximation only be-
comes significant at low values of the transition parameter l. Similarly, nu-

Fig. 4 Map of the validity regimes of the several contact mechanics models (adhesion
map). Pad/P denotes the ratio between the adhesive component of the load and the total
one. d1 is the elastic compression, whereas dad is the deformation due to adhesion. h0 is
the effective range of action of adhesive forces (h0=0.97z0, whereby z0 denotes the equi-
librium interatomic distance). Adapted from [108]
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merical calculations by Barthel [113] indicate that the nature of the interac-
tion has a very moderate influence on the solution. The transition from
DMT to JKR is only slightly delayed if a very short-range interaction like a
linear one is replaced by a longer-range interaction like van der Waals. The
adhesion energy and the geometry of the contact are considered as the dom-
inant parameters.

The low modulus of elastomers generally ensures that l>80, so that such
materials fall well into the JKR regime [108]. In the case of the surface force
apparatus (SFA), the compliance of the glue along with high adhesion results
in l�40, indicating the applicability of the JKR equations. The SFM, howev-
er, employs stiff and sharp tips, providing in the case of UHV conditions
0.2�l�1.1 [114, 115] and meeting the condition for the transition region.
Upon variation of the vapour pressure, the pull-off force may change either
due to the adhesion energy w or due to the transition parameter l [113].
From their measurements with Si3N4 tips on high-density polyethylene,
Pi
trement and Troyon [106] receive from their data evaluation procedure
the l-values 0.045 and 0.143, respectively, measured both under ambient
conditions and in vacuum.

The models outlined above are based on the presumption of perfectly
elastic behaviour. When dealing with viscoelastic materials such as poly-
mers, however, the rate dependency of the Young�s modulus has to be taken
into account. Beyond the contact situation of dry viscoelastic materials,
some viscous dissipation occurs when tip or sample are covered by thin liq-
uid layers, e.g. thin lubricating films. Given the viscoelastic correspondence
principle, stresses and strains of the viscoelastic material can be calculated
by replacing the Young�s modulus with the creep compliance function J(t),
respectively, the stress relaxation function E(t). For very short times (t!0)
the value of E(t) is equal to the instantaneous value E0, whereas in the oppo-
site limit t!1 the relaxed value E1 is attained. The ratio E0/E1 is of the or-
der of �104 for elastomers. Furthermore, adhesion hysteresis is a major fea-
ture of indentation experiments performed on viscoelastic materials. The en-
ergy necessary for separation is larger than the energy returned when bring-
ing indenter and sample into contact. In general, adhesion hysteresis is gov-
erned by the deformation rate. The fundamental contributions to the de-
scription of contact mechanics of viscoelastic materials were made by Ting
[116], Roberts and Thomas [117], Schapery [118], Maugis and Barquins
[119] and Greenwood and Johnson [120]. Beyond the contact radius a the
second significant length is the length l along which the surface forces act.
The problem is usually described in terms of fracture mechanics and the ve-
locity of the advancing or receding circumferential line enclosing the contact
area pa2 is referred to as crack propagation velocity V=da/dt. Thus, the pe-
riphery of the contact is viewed as the tip of a crack. Essentially, the defor-
mation rates are given by V/a and V/l. They are the characteristic rates for
creep effects and crack effects, respectively. The latter will be dominant
when V/l is comparable to the characteristic relaxation rate of the viscoelas-
tic material. For l<<a the highest deformation rates occur in the region of
the crack tip. The length l increases with the velocity V. The rate dependence
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of the adhesion behaviour is governed by the creep compliance function
J(l/V). Glassy behaviour is expected in the limit of rapid tip-sample separa-
tion, i.e. in the limit l/V!0. At higher loading rates creep effects play an in-
creasing role and their being neglected is no longer justified. A continuum
mechanics model including both creep and crack effects was presented by
Hui et al. [121]. Essentially, the problem is broken down into an outer prob-
lem of viscoelastic contact mechanics and an inner problem of adhesion me-
chanics. Giri et al. applied this model for analysing their nanoindentation
experiments performed on films of tempered styrene-butadiene copolymer
latexes [122]. Similar data recorded under low-loading conditions [123],
however, were shown to be appropriately described by a model due to John-
son [124] where creep effects are neglected. Along with the loading rate
Vakarelski et al. [125] observed some increase of the adhesion force with the
holding time at the position of maximal load. Similar to the results of Deru-
elle et al. [126], as derived from macroscopic measurements, this result
suggests that it takes some time for interdiffusion of polymer chains or for
establishing bonds across the interface, especially in the case of rough sur-
faces.

3.1.2
Micro-Indentation Testing

When applying larger indentation depths the presumption d<<R is no lon-
ger justified. In particular, this condition may be violated when using sharp
SFM tips which owing to their low radius of curvature, R, easily undergo
elastic deformation [127]. Furthermore, considerable penetration may occur
either inevitably on very soft materials, such as biopolymers, or rather in-
tentionally if plastic deformation is of major concern. Under these circum-
stances the shape of the indenter needs to be taken into account more accu-
rately and the contact mechanics should be described in terms of the Sned-
don model instead of the Hertz model. Sneddon mechanics describes the de-
formation of an elastic surface as induced by a totally rigid spherical punch
[102]. As illustrated by Heuberger et al. [127], Sneddon mechanics and Hertz
mechanics converge in the limit of small deformations and large tip radii.
Indeed, blunt tips rather than sharp ones were employed deliberately in sev-
eral SFM indentation experiments [128, 129]. Moreover, the elastic recovery
of the indentation is higher for larger tip radii, due to the hydrostatic nature
of the deformation [130]. In contrast, plastic deformation is greater in the
case of smaller tip radii.

In a typical indentation experiment the indenter is pressed onto the sur-
face under investigation and the load is successively increased up to a cer-
tain maximum load. In the so-called compliance approach both load and in-
denter displacement are recorded and plotted as a load-displacement curve,
the so-called compliance curve. If the experiment is exclusively run in the
compressive load regime, the curve is also referred to as the load-penetra-
tion curve. Upon loading, elastic deformations occur succeeded by plastic
ones. Upon releasing the imposed stress, elastic strain recovers immediately.
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Additionally, when dealing with viscoelastic materials such as polymers
some time-delayed viscoelastic recovery occurs. The residual impression in
the sample surface indicates plastic deformation. Both loading and unload-
ing curves are recorded. From the slope of the initial elastic recovery, the
contact stiffness can be calculated. Evaluation of the compliance curve in
terms of moduli needs knowledge of the area of contact. Hence, tips with
rather well-defined geometry are used for performing indentation experi-
ments. The most important indenters are of the Berkovich-type (three-sided
pyramidal), Vickers-type (four-sided pyramidal), sphere-like indenters and
cone-like indenters. The basic features of compliance curves are depicted in
Fig. 5. The most frequently used method of analysis of depth-sensing inden-
tation testing was developed by Oliver and Pharr and is described in great
detail in [131]. More recently, a review of the different analysis methods was
given by Fischer-Cripps [132].

For any indenter geometry it has been found that the relationship be-
tween stiffness S and elastic modulus K may be defined as follows [133]:

S hmaxj ¼ @P
@h hmaxj ¼ 3

2
bffiffiffi
p
p

ffiffiffiffiffiffiffiffiffiffi
Amax

p
K ð5Þ

where Amax denotes the projection of the contact area between the indenter
and the material at Pmax, and K denotes the reduced modulus as defined in
Eq. (2). For distinguishing from purely elastic deformations, d, in the case of
high-strain indentation experiments exceeding the elastic limit, the penetra-
tion depth is referred to as h. b is a parameter dependent on the indenter

Fig. 5a,b Schematic representation of: a the tip-sample contact upon high loading; b the
according compliance curve. In the case of perfectly plastic response the unloading
curve is identical to the vertical line intersecting with the abscissa at hmax. In general,
some viscoelastic recovery occurs and the residual impression depth hg is smaller than
hmax. The difference hc�hg represents the extent of viscoelastic recovery. Ap and Ae de-
note the dissipated and the recovered work, respectively. Ap=0 for perfect elastic behav-
iour, whereas Ae=0 for perfect plastic behaviour. The viscoelastic-plastic properties of
the material may be described by the parameter Ap(Ap+Ae)�1. The contact strain in-
creases with the attack angle q. Adapted from [138]
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geometry (1<b<1.034). The hardness H may be defined by the ratio of Pmax
and the contact area A(hc):

H hcð Þ ¼
Pmax

A hcð Þ
ð6Þ

Here, hc denotes the vertical distance along which contact is made. For
soft metals, the hardness is directly proportional to the flow stress, with the
constant of proportionality being ~3. This constant is material-specific and
depends on the state of strain underneath the indenter. For a fully plastic in-
dentation, this constant is approximately equal to 2.8 for polymethyl-
methacrylate (PMMA) [134]. It is worth noting that hardness and elasticity
are rather unrelated to each other. Whilst the physical origin of elasticity is
the stretching/compression of bonds or it may have an entropic origin as for
rubber, plasticity has its origin in the creation and motion of imperfections.
Accordingly, the concentration of imperfections shows a rather small impact
on the Young�s modulus, but it affects the plastic flow stress [91].

The correlation between the cross-sectional area of the indenter and the
distance from its tip is given by the so-called indenter area function Ai(h).
Usage of Ai(h) is based on the observation that, at peak load, the material
conforms to the shape of the indenter to some depth hc [131]. From Fig. 5
the relation S=ePmax(hmax�hc)�1 is obvious. hc can be deduced from the load-
displacement data, and the projected area of contact can be estimated direct-
ly from the area function Ai(h). The constant e is related to the geometry of
the indenter. For perfect Berkovich indenters the area function Ai(h) is given
by Ai(h)=24.5·h2. The area function Ai(h) is usually calibrated from indenta-
tions on hard and plastic materials such as fused silica [131]. Alternatively,
corresponding images of the indenter may be recorded via scanning electron
microscopy (SEM) or SFM. Vickers and Berkovich pyramidal indenters are
presumed to have point-like tips, whilst usually tip regions are more or less
blunted due to fabrication tolerance and wear. These deviations play an in-
creasing role with decreasing indentation depths. Scanning of the indenter
tip by means of SFM was used for characterising changes of its shape due to
wear [135].

As shown by Oliver and Pharr [131] by careful examination of indentation
load-displacement data, the unloading curve can be accurately described by
the power law relation P=m(h�hr)n, where m and n are fitting parameters
and hr denotes the remaining plastic deformation at zero load. The initial
unloading slope is found by differentiating analytically this expression and
evaluating the derivative at the peak load and the corresponding displace-
ment. The procedure of data evaluation outlined above works well only
when the key quantities unloading stiffness, indenter area function and load
frame compliance are known with some precision. The latter is important
especially for large indentations made in high-modulus materials. Imaging
the residual impression is not required when applying the indenter area
function Ai(h). However, effects such as piling-up, sinking-in or cracking of
material around the indenter can occur which lead to inaccuracies in the
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evaluation scheme as outlined above. Thus imaging of the residual indent
seems to be useful for detecting such irregularities [134, 136]. Again, SEM or
SFM may be used for imaging the residual indent. SFM allows the recording
of a true topographic map with calibrated height data; however, it should be
borne in mind that the SFM topography image is a convolution of the true
topography with the shape of the SFM tip. This effect may only be neglected
if the tip used for imaging is considerably sharper than the tip used for in-
denting. Calculating the hardness from the ratio of maximum applied load
and the contact area as deduced from the image of the residual impression is
a more simple approach than the compliance method. However, this is not
applicable for materials exhibiting a considerable amount of viscoelastic re-
covery as no residual impression will be visible [137]. Micron-indentation
measurements on polymers revealed creeping effects, resulting in a round-
ing of the loading-unloading peak [138]. The rounding can be circumvented
by holding the maximum load for a certain time long enough to settle down
creeping. Moreover, a significant strain-rate hardening effect was observed
(e.g. for polymethylmethacrylate (PMMA)), that is, at higher strain rates
the polymer accommodates a lower displacement at a constant maximum
applied load [138]. Another effect to be borne in mind is work hardening,
either due to high strain rates imposed during the indentation experiment
or as a result of stresses imposed during the polishing procedure. Surface
oxidation or contamination may lead to deviations of the surface properties
from those of the bulk. As the regularity of the indenter-surface contact area
is impaired by surface roughness, flat surfaces are desirable for running
indentation experiments. Last but not least, indentation size effects are an
issue of concern. With increasing sampling volume the probability of en-
countering flaws rises [136]. When investigating thin films, the depth of in-
dentation should be no more than one-tenth of the film thickness in order
to avoid the measurement being influenced by the underlying substrate
[139]. Failure mechanisms and wear behaviour of thin coatings are increas-
ingly being studied by means of micro-/nanoindentation and micro-/nanos-
cale scratching [92, 140].

3.1.3
Shear Loading

The tip-sample contact will deform elastically if a lateral force smaller than
the force of limiting friction is applied. In fact, microslip occurs at the con-
tact periphery even for very small lateral forces, and upon increasing lateral
forces microslip spreads throughout the interface [141]. Consistently, con-
tact area measurements by Savkoor and Briggs [142] during the static fric-
tion phase revealed a decreasing contact size with increasing values of the
tangential force. When surmounting the force of limiting friction, the entire
contact slips and the tip begins to slide. For lateral forces well below the
force of limiting friction, however, microslip effects may be neglected [143].
Presuming a lateral force Qx acting on the contact, the lateral displacement
dx between different points in the tip and the sample may be written as
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Qx=8bG*·dx=klat
ts·dx [144]. Here, b denotes the effective radius of contact and

G* the reduced shear modulus of tip and sample:

G� ¼ 2� n1

G1
þ 2� n2

G2

� ��1

ð7Þ

klat
ts ¼ 8bG� ð8Þ

is the lateral stiffness of the tip-sample contact for small lateral forces. Ow-
ing to its definition b=a+n(c�a) with 0<n<1, the effective radius b over
which the frictional traction acts lies between a and c. For the case of UHV
conditions, the value n=0.4 was shown to be appropriate [141].

In analogy to indentation experiments, measurements of the lateral con-
tact stiffness were used for determining the contact radius [114]. For achiev-
ing this, the finite stiffness of tip and cantilever have to be taken into ac-
count, which imposes considerable calibration issues. The lateral stiffness of
the tip was determined by means of a finite element simulation [143]. As
noted by Dedkov [95], the agreement of the experimental friction-load
curves of Carpick et al. [115] with the JKR model is rather unexpected when
considering the low value of the transition parameter l(0.2�l�1.1). Further
work seems to be necessary in order to clarify the limits of validity of the
particular contact mechanics models, especially with regard to nanoscale
contacts.

In a dynamic approach the lateral displacement can by modulated, thus
allowing the use of highly sensitive lock-in amplifiers [37, 145]. This tech-
nique is also referred to as shear modulation. Upon increasing modulation
amplitudes the transition from static friction to sliding may readily be ob-
served from the out-of-phase component of the dynamic response signal
[44]. When running lateral displacement modulation experiments at MHz
frequencies, i.e. well above the fundamental resonance frequency of the can-
tilever, lift-off of the cantilever was observed [146]. This effect was explained
in terms of elastohydrodynamic lubrication, thus taking into account the
mechanical behaviour of the fluid film covering tip and sample surface.

Wahl et al. [147] applied SFM-based shear modulation in order to charac-
terise the viscoelastic response of polyvinylethylene (PVE) in terms of the
characteristic response time t. In their mechanical model the viscoelastic
component of the contact is described by means of a Voigt model, that is a
parallel configuration of a linear spring and a dashpot. Being only dependent
on the measured phase shift and on the ratio of measured amplitudes, the
calculation of t did not require knowledge of the cantilever torsional stiff-
ness, thus reducing considerably calibration-related uncertainties. The ex-
periments revealed dependency of t on frequency and a decrease of t upon
increasing storage time of the PVE sample, which are both characteristics of
viscoelastic behaviour.
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3.1.4
Sliding Friction

The lateral force necessary to initiate sliding motion (i.e. the static friction
force F s

fr) is closely related to the normal force. However, the lateral force
that must be continually applied to maintain sliding motion at a given veloc-
ity, F k

fr, was found to be related to the irreversible part of the adhesion ener-
gy (hysteresis) as measured during a loading-unloading cycle [148]. The
sliding of surfaces relative to each other in or very close to true molecular
contact is generally referred to as interfacial sliding. During interfacial slid-
ing, the friction depends critically on the precise distance between the two
smooth surfaces, the intermolecular forces between the surfaces, their area
of contact, and the sliding velocity [149]. At low loads the frictional force be-
tween an asperity and a counter-surface is described by an equation origi-
nally proposed by Bowden and Tabor [150]:

Fk
fr ¼ gcA ð9Þ

where A denotes the molecular contact area. gc is the critical shear strength
at the contacting interface, that is the shear force per unit area necessary for
causing slip in the stick-slip regime [151]. The dependence on the contact
area is in contradiction to Amonton�s law where the friction force is propor-
tional to the load instead of to the contact area (Fk

fr=mP). Amonton�s law
along with its related friction coefficient m is related to macroscopic friction,
that is when sliding occurs between rough surfaces in the presence of wear.
As shown by Greenwood [152], the laws of friction arise from the statistics
of surface topography. Whilst for single asperity contacts the Bowden and
Tabor relationship Eq. (9) seems to be appropriate, Amonton�s law is valid
when rough surfaces with some distribution of asperity heights and widths
slide past each other. Furthermore, when plastic deformations occur upon
increasing loading P, the area of contact will grow until the mean contact
pressure p=P/A in both materials does not surmount the yield pressure py .
With p�py, A/P and Amonton�s law holds with m�gc/py. To sum up, Amon-
ton�s law will be valid for multiasperity contacts in relative motion in both
the elastic and the plastic regime [153]. In a more general approach the fric-
tion force can be thought of as a superposition of the adhesion contribution
according to Bowden-Tabor and a load-dependent structural contribution
according to Amonton. The superposition exactly holds if the critical shear
strength, gc

0
, includes a term ap which is proportional to the pressure p:

g0c¼ gcþap ð10Þ

Equation (10) was shown to follow from a thermally activated model of
Eyring�s type, that is a stress-assisted thermally activated process for viscous
flow [154]. For rough surfaces the area of true molecular contact is very
small and, hence, the adhesion contribution to the total friction force is usu-
ally negligible, as manifested by a zero friction at zero load [148]. Yet in the
microscopic limit of the SFM experiment employing a comparatively sharp
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tip, a finite frictional force was observed at the pull-off point, thus indicating
a finite contact area [115]. This finding is in accordance with the JKR theory.
From the JKR equation Eq. (3), in the Hertzian limit w=0 we get A/a2/P2/3,
which along with Eq. (9) means Fk

fr/P2/3. For taking into account adhesive
forces, in a simplified approach the external load P may be replaced by the
sum of the external load and the adhesive force (Hertz-plus-offset model).
As shown by Putman and Kaneko [155], Meyer et al. [156] or Schwarz et al.
[153], the 2/3 power law holds rather precisely as long as the shape of the tip
apex is close to that of a sphere. Moreover, the observed consistency strongly
suggests the validity of contact mechanical theories down to tip radii of only
a few nanometres. For specific atomic scale friction models considering lat-
tice structures and particular tip-sample interactions we may refer to dedi-
cated reviews and the references therein [95, 151, 157–159].

When dealing with friction lubricated by a liquid, the regime of hydrody-
namic friction should be distinguished from that of boundary lubrication.
According to the so-called Stribeck plot, the latter occurs for low values of
viscosity or sliding velocity, and high values of the load. Under these condi-
tions the fluid will be squeezed out of the contact area except for some
monolayers. While the viscosity is the most important parameter in hydro-
dynamic lubrication, this parameter is irrelevant for boundary lubrication
where the nature of the direct interaction between the solid surfaces and the
lubricant molecules is of major importance [91]. As concluded by Carpick
and Salmeron [151] from an outline of several SFM friction experiments on
model lubricants (such as self-assembled monolayers (SAM) or Langmuir-
Blodgett (LB) monolayers), high friction is associated with high adhesion
and/or high compliance. Whilst adhesion is dominated by the interaction
between chemical groups, compliance is a property of the entire molecule
and of the packing of the chains on the substrate [87]. Poor packing allows
more energy dissipation modes, such as chain bending, tilting or rotations.
In general, longer chain molecules are more densely packed and the energy
dissipation modes are sterically hindered [151].

With the surfaces of the sliding counterparts being covered with lubricat-
ing films or just organic contamination layers, both the adhesion hysteresis
and the friction force exhibit significant changes with temperature and load-
ing rate. The adhesion hysteresis and friction forces were represented by
means of a so-called dynamical phase diagram [148]. The underlying ratio-
nale is similar to the glass transition known from viscoelastic polymers. In
fact, the glass transition is of kinetic rather than of thermodynamic nature,
essentially reflecting the temperature dependence of the characteristic relax-
ation times. The description of the boundary layer in terms of “aggregate
states” is convenient but does not refer to any fundamental difference in the
thermal equilibrium properties [91]. Rather the classification refers to the
ratio of the characteristic relaxation time of the boundary layer to the typi-
cal time scale involved in the experiment (Deborah number). Maximum val-
ues of adhesion hysteresis and friction are found around a certain chain
melting temperature. Instead of temperature, the bell-shaped curve can be
plotted as a function of relaxation time or degree of interdiffusion. In the
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solid-like limit the adhesion hysteresis and friction forces are rather low, ow-
ing to the low mutual interpenetration of chains across the interface. In the
opposite limit of liquid-like chains the degree of interdiffusion is very high
but the system is always close to equilibrium. Again, the adhesion hysteresis
and frictional force are low. In the intermediate regime of amorphous
chains, however, both the degree of interdiffusion and the relaxation times
are significant, resulting in high adhesion hysteresis and friction forces. In-
creasing the temperature generally shifts the system from the solid-like to-
wards the liquid-like regime. Beyond the dynamical phase transitions of
boundary layers, the formation of coherent spatiotemporal structures was
proposed as a mechanism for the occurrence of anomalous friction behav-
iour [160–162]. At the mesoscale coherent structures may appear in molecu-
larly thin films of liquid lubricant when being driven between two sliding
plates in the presence of stick-slip boundary conditions. Similar to the phe-
nomenon of stochastic resonances, induced density fluctuations are expect-
ed, owing to the cooperation between the external drive and the thermal
noise. In particular, at low velocities a reduction in friction may occur with
increasing thermal noise or temperature, respectively [161]. Somewhat relat-
ed, there exist experimental observations of friction reduction upon ultra-
sonic excitation of the tip-sample contact [146, 163], although the role of the
lubricant or the contamination layer in that studies is not yet quite clear.
Similar to the application of noise, randomness can be introduced by means
of spatial disorder. In agreement with numerical results, friction experi-
ments with krypton (Kr) films on ordered and disordered gold substrates
exhibited decreased friction for increased randomness [164].

The rate-dependent behaviour of many lubricating films is also consid-
ered as the origin of velocity-dependent stick-slip. Stick-slip transitions are
mostly described in terms of freezing-melting transitions of the lubricating
layer. Accordingly, the transition from stick to slip, respectively, from static
friction F s

fr to kinetic friction F k
fr, comes along with a transition of the lu-

bricant from the solid-like to the liquid-like regime. At the onset of slip, the
intrinsic friction decreases from Fs

fr in the solid-like state to Fk
fr in the liq-

uid-like state. The melting process during a slip takes a finite time but ap-
pears to be much faster than the freezing process in the stick regime [165].
The analytic model by Carlson and Batista [166] predicts a full range of ex-
perimental stick-slip records gathered by means of the surface force appara-
tus (SFA) [167]. A rate and state law was developed, where the rate variable
refers to the sliding velocity, and the state variable captures the shear melt-
ing of the lubricant. A boundary line in the dynamical phase diagram is de-
duced separating the regime of stick-slip motion from that of steady sliding.
Similarly, Persson [168] presented an analytic friction law, but for the fric-
tion between surfaces lubricated by grafted monolayer films with large sepa-
rations between the chains, leading to higher chain mobility and lower bar-
riers towards interdiffusion. As compared to the case of dense layers of hy-
drocarbon fluids or silicon oils having only a weak corrugation of the inter-
action with the substrate and exhibiting rather abrupt transitions from a sol-
id pinned state to a fluidised state, in the case of the grafted chain molecules
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having a strong corrugation of the adsorbate-substrate interaction potential,
no fluidisation occurs. Instead the sliding occurs at the plane where the
grafted chains from the two surfaces meet, and the amplitude of the stick-
slip spikes decreases continuously as the spring velocity approaches the crit-
ical velocity of steady sliding. As the spring velocity increases, the system
will spend less time in the pinned state before the critical stress necessary
for initiating the sliding has been reached, resulting in less interpenetration
and a smaller static friction force [168].

A particular lubricant playing an important role due to its ever-presence
under ambient conditions is water. Adsorption of water molecules from hu-
mid air or gas results in thin water films covering the surface of both sample
and tip. When measuring force-distance curves, the presence of water in the
tip-sample contact area is most obvious from the pull-off force. Since detach-
ment of the tip requires disruption of the water meniscus bridging tip and
sample surface, the measured pull-off force reflects mainly the capillary force
rather than the adhesion energy between the tip material and the material of
the surface spot under investigation. With increasing temperature the pull-off
force was found to decrease which indicates some structural changes of the
water layers [169]. Along with IR spectroscopy results, the temperature-de-
pendent experiments indicate two different kinds of water layers: beyond the
usual liquid layers which are removed up to 100 �C, more strongly bound wa-
ter layers exist which persist up to 150 �C and under vacuum conditions
[169]. The local thickness of the surface water layer depends on the chemical
properties of the sample surface. On hydrophobic spots the capillary forma-
tion is strongly reduced even at humidities close to saturation [170]. The sur-
face structure and its properties influence the affinity of the water meniscus
thus causing a varying capillary force. This may result in changing normal
and lateral forces when scanning the tip across the sample surface. The chang-
ing shape of the meniscus was nicely demonstrated by means of a hybrid set-
up with an SFM-head installed into the vacuum chamber of an environmental
scanning electron microscope [171]. However, for symmetric configurations
the Kelvin equation was shown to hold for water menisci as small as several
hundreds of nanometres [171]. Beyond the humidity and the chemical nature
of the sample the transport of water by the SFM-tip also depends on the mo-
tion of the tip as revealed by measurements on mica, PMMA and epoxy [172].
Acting as a kind of lubricant and reducing the shear strength of the tip-sample
junction, at low loads the action of the water layer is to reduce the friction
forces. In the case of NaCl(100) surface, the transition from reversible to hys-
teretic friction-load behaviour was observed for relative humidities larger
than a certain critical value [173]. The qualitative changes of the frictional
properties were related to capillary forces coming along with the completion
of a water monolayer. Beyond its meaning for SFM measurements performed
in mechanical contact or in intermittent contact mode, water deposits may
cause instabilities of the feedback when operating in non-contact mode using
a compliant cantilever. In general, imaging of water droplets requires operat-
ing in non-contact [174] or in intermittent contact mode [175]. Whereas nan-
odroplets were shown to be clearly mappable, homogeneous thin layers of wa-
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ter are detectable only indirectly, e.g. via height changes or adhesion changes
after having modified significantly the environmental conditions. Measure-
ments on hydrophobic graphite surfaces showed that water deposits appear
preferentially on scanned areas, thus indicating some tip-induced condensa-
tion of water [176]. One promising approach for reducing the capillary forces
is just to apply a hydrophobic film to the SFM tip. This was accomplished by
Wei et al. [177, 178] by coating their Si3N4 tips with silane based molecules.
While operating in contact mode they were able to perform friction measure-
ments on water islands condensed on mica. As shown in former studies [179],
given a certain threshold water coverage water molecules or clusters are pulled
together by capillary action upon tip contact. The resulting monolayer film
has an icelike structure induced by the epitaxial interaction with the mica
substrate.

4
Stiffness Mapping for the Characterisation
of Heterogeneous Polymer Systems

4.1
Characterisation of Crosslinked Polymer Films

In contradiction to UV radiation which is being absorbed efficiently only from
particular chemical groups, the so-called chromophores, vacuum- ultraviolet
(VUV) radiation can be absorbed from s-bonding electrons which are present
in all kind of organic molecules. Hence, surface modification by means of
VUV radiation is not limited to special functional polymers containing chro-
mophores (e.g. resist polymers as used in lithography) but can be applied to
commodities such as polyethylene (PE) or polypropylene (PP) [180]. VUV ra-
diation is a typical component of electrical discharges such as low-pressure
plasmas [181]. The energy of the photons is sufficient to excite efficiently C–C
and C-H s-bonds of organic compounds [182]. Depending on the absorption
spectrum, the electromagnetic radiation can penetrate only some 10 nm into
the surface. In case of polyethylene (PE), the penetration depth (95% absorp-
tion) of the 120 nm VUV radiation amounts to 52 nm [183]. The absorption
results in bond scission and the formation of C=C-double bonds and radicals
which undergo secondary reactions, e.g. crosslinking [184]. Considering its
typical wavelengths, the VUV radiation lies in between of those of UV-radia-
tion and of X-rays (l�(100–200) nm).

Besides spectroscopic techniques such as infrared-reflection-absorption
spectroscopy (IRRAS) and X-ray photoelectron spectroscopy (XPS), SFM-
based stiffness imaging was applied in order to detect radiation-induced vari-
ations of surface stiffness [180]. For that purpose, when exposing the PE-film
to the VUV-radiation, the film was covered with a Ni mesh. Thus, the PE-film
was partially masked and exposed to the VUV radiation only within the
square-shaped holes of the mesh. After having finished that treatment and
having removed the mesh, the sample surface was scanned in force modula-
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tion mode (FMM). Besides some slight differences in surface height as obvi-
ous from the topography image, the stiffness image exhibits contrast between
the square areas and the partition regions which were masked during the plas-
ma treatment (Fig. 6). Whilst the height changes can be related to some de-
composition of the irradiated PE, the increased stiffness within the square ar-
eas indicates some crosslinking of the PE chains. The FMM amplitude was
measured for a range of modulation amplitudes zdyn. The mean difference
bdyn

e�bdyn
m in the bending amplitude, respectively the corresponding differ-

ence Pdyn
e�Pdyn

m in the force amplitude, between the exposed and the masked
areas was deduced from the histograms of the amplitude images and plotted
vs the modulation amplitude zdyn. Within the given range, the stiffness con-
trast Pdyn

e�Pdyn
m rises linearly with the excitation zdyn.

Similar experiments on a PP-film revealed crosslinking as well as decom-
position, but with an extent of decomposition much higher than that ob-
served on PE.

4.2
Constant Dynamic Indentation Mode (CDIM) as Demonstrated
on a PS/PMMA Composite Sample

When performing FMM measurements by means of displacement modula-
tion, some amplification of the FMM stiffness contrast can be achieved by
adapting the modulation amplitude zdyn to the local sample stiffness. From
the point of view of contact mechanics this approach makes sense, as the
tip-sample contact stiffness kts is proportional to both the reduced modulus
K and to the tip-sample contact radius a (Eq. 3a). With decreasing values of
the Young�s modulus of the sample material, K decreases whereas a increas-
es. Since on soft materials the value of a is comparatively large, it provides a
correspondingly large contribution to kts. Recalling the correlation a/K�1/3

Fig. 6 Amplitude images of a series of FMM measurements performed on a PE-film
which was partially masked when exposing it to VUV radiation [185]. In successive
measurements, the modulation amplitude zdyn was varied. The irradiated areas exhibit
higher values of the FMM amplitude signal (lighter grey tones). Within the given range
of modulation amplitudes zdyn, the amplitude difference Pdyn

e�Pdyn
m increases linearly

with zdyn. The FWHM-widths of the amplitude distributions (see triangles) belonging to
the exposed and to the masked areas (as deduced from the zdyn=0.2 � image) are consis-
tent with the ordinate-section of the linear fit curve. Scan width 50.0 mm, scan velocity
15 mm/s, FMM-frequency 45 kHz
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from the JKR relation Eq. (3), we get kis/K2/3. Thus, the sensitivity @kts/@K
decreases for increasing values of K.

Hence, if keeping constant the contact radius a during the FMM measure-
ment, the tip-sample contact stiffness kts would be a direct measure of the re-
duced modulus K. The static part of a can be controlled be the static load Pstat,
and the dynamic part of a is given by the modulation amplitude zdyn. In fact,
the magnitude of a is not immediately accessible in SFM, but in reasonable
approximation the dynamic part of a can be controlled via the corresponding
deformation amplitude ddyn as measured in a direction normal to the sample
surface [185]. In the case of displacement modulation, ddyn is easily accessible
as the difference between zdyn and the bending amplitude bdyn of the cantilever
(ddyn=zdyn�bdyn). The decomposition of zdyn into bdyn and ddyn is valid when
working well below the resonance frequency of the cantilever. Both zdyn and
bdyn can be measured after having performed appropriate calibration proce-
dures. Given a certain value of bdyn, ddyn can be adjusted to its set-point value
by either increasing or reducing zdyn [186]. On soft sites, the indentation d of
the sample surface by the tip is increased. Consequently, the dynamic compo-
nent ddyn is also comparatively large. When operating in the mode of constant
dynamic indentation (CDIM), adequate lowering of zdyn is achieved by means
of a feedback loop which is working simultaneously to the topography feed-
back loop [185, 187]. As the response bdyn increases with both zdyn and kts, the
amplitude contrast between stiff and soft sites is increased. This is obvious
from the example given in Fig. 7, where FMM amplitude images are displayed
as measured with constant value of zdyn (Fig. 7a) and with locally adapted
values of zdyn (Fig. 7b,c).

The measurements were performed on a sample consisting of polystyrene
(PS) and polymethylmethacrylate (PMMA). After depositing a melt droplet
of each polymer on the freshly cleaved surface of an NaCl single crystal and

Fig. 7a–c FMM measurements performed on the surface of a polymer composite sample
consisting of polystyrene (left) and polymethylmethacrylate (right) [185]. The surface
under investigation was prepared by a replica technique: a,b amplitude images of the
FMM measurements, driven in constant dynamic displacement mode (CDDM) and in
constant dynamic indentation mode (CDIM), respectively. The higher amplitude is mea-
sured on PS. In CDI mode, the modulation amplitude zdyn is adapted to the local sample
stiffness as visible from the respective zdyn-image given in c. The corresponding image
of topography (not given) exhibits a maximal corrugation of 23 nm. Scan range
8.18 mm, scan velocity 9.1 mm/s, FMM frequency 45 kHz, cantilever type �FMR� (sup-
plied by Nanosensors)
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after cooling down, the latter was dissolved in deionised water and the repli-
ca surface of the polymer composite was investigated. The flatness of the
NaCl crystal surface is transferred to the replica surface. Hence, the FMM
measurements are not impaired by crosstalk from pronounced topographic
features. Furthermore, owing to the well-known location of the two polymer
droplets, the FMM contrasts can be attributed unequivocally to either PS or
PMMA. The higher FMM amplitude is measured on PS. Despite the rather
similar Young�s modulus of PS and PMMA, the amplitude images exhibit
clear contrasts. Obviously, the amplitude contrast is even increased for the
respective image measured in CDI mode (Fig. 7b). The contrast enhance-
ment may also be assessed from the gap of the corresponding histograms. In
Fig. 7c the image of modulation amplitude zdyn is given as measured in CDI
mode. zdyn is larger on the stiffer phase, namely PS.

4.3
Imaging the Surface Layer of Injection-Moulded Polymer Parts

Injection moulding is a widespread technique for producing polymer parts
by extruding polymer melt into a mould. The shape of the mould is defined
by the design of the part to be produced. During injection moulding, the
polymer melt is subjected to complex deformations and temperature chang-
es. When dealing with blends, such as polypropylene/ethylene-propylene
rubber (PP/EP), this complexity increases even further. Consisting of EP
rubber particles dispersed in the PP matrix, the PP/EP blend belongs to the
group of Thermoplastic Elastomeric (TPE) materials. Owing to the similar
chemical structure of PP and EP and to their different physical properties,
these blends combine the processing characteristics of plastics at elevated
temperatures with the physical properties of conventional elastomers at
service temperatures and play increasingly important roles in the polymer
materials industry [188]. During melt processing, the morphology of the
thermoplastic melt is influenced by the parameters of the flow field. Polymer
molecules in the flow front undergo stretching and are deposited on the
cooled mould where they solidify, thus forming a skin [189].

The FMM amplitude image given in Fig. 8 was measured on the cross-sec-
tional surface of an injection-moulded plate consisting of a PP/EP blend
[190]. The tilt angle between the cross-sectional surface and the surface of
the plate is �75�. The right-hand edge of the image coincides with the line
of intersection of both surfaces. The FMM amplitude image reveals an
�14.1 mm wide region exhibiting both a slightly increased FMM amplitude
and some structures differing from those farther away from the plate sur-
face. Inspection of the corresponding topography image (not shown) deliv-
ers a mean tilt angle ax

z of only �2.2�. Thus apparent amplitude variations
resulting from crosstalk with topography can be widely ruled out and the
observed amplitude changes can be attributed to true stiffness changes
(Sect. 4.5.1).

Within the skin region, the structures are rather fine and close and run
more or less parallel to the right-hand edge of the image, respectively, along
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the plate surface. From the stiffness profile a transition region �7.5 mm wide
can be identified where the transition between both stiffness levels occurs.
Taking into account the tilt of the cross-section with respect to the plate sur-
face, the widths of the skin region and of the transition region are �13.6 mm
and �7.2 mm, respectively. Both the morphology and the increased local
stiffness indicate structural features of the skin region resulting from shear
forces acting during injection moulding. The friction between the flowing
polymer melt and the comparatively cool mould surface results in strong
shear forces which in turn induce some alignment and stretching of the
polymer chains. The alignment may come along with an increased mean
density which, as well as the stretching, will lead to some stiffening.

Furthermore, the friction forces acting in the flow field can induce phase
segregation at the mould surface [189]. As pointed out by Cakmak and
Cronin [191], in PP/EP blends with a high content of EP particles even shear
amplification phenomena may occur due to the presence of the small rubber
particles. The shear amplification results from considerable shear fields oc-
curring in small gaps between rubber particles which in turn are subjected
to the macroscopic shear field extended over the whole width of the sample.

Fig. 8 FMM amplitude image as measured on the cross-sectional surface of an injection-
moulded PP/EP blend [190]. The tilt angle between the cross-sectional surface and the
surface of the plate resulting from injection-moulding is ffi75�. The right-hand edge of
the image is parallel and very close to the surface of the plate. Considering the image,
within a ffi14.1 mm wide region, the morphology of the polymer blend and its local stiff-
ness are different from that of the bulk. The skin region exhibits longish structures ex-
tended more or less parallel to the sample surface. From the cross-sectional profile the
mean changes in the stiffness-related amplitude signal can be deduced. The profile is
the average of the 30 successive horizontal lines marked in the amplitude image. The
transition region between the two stiffness levels is extended over ffi7.5 mm. Taking into
account the tilt of the cross-section with respect to the plate surface, the width of the
skin region and of the transition region is ffi13.6 mm and ffi7.2 mm, respectively. Scan
range 32.6 mm, scan velocity 25 mm/s, FMM frequency 58.88 kHz, diamond coated
�FMR�-type cantilever (nanosensors). Sample courtesy of Borealis AG, Linz, Austria
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Enrichment or depletion of EP rubber particles at the surface of injection-
moulded parts may modify the adhesion properties, either via the free sur-
face energy or via the plastic deformation behaviour. As shown by Tomasetti
et al. [192], the adherence improvement induced by the presence of EP nod-
ules can be explained by energy dissipation occurring during EP deforma-
tion. According to their findings, the magnitude of plastic deformation upon
paint debonding is dependent on the depth location of the nodules. This em-
phasises the important role played by the surface morphology on adhesion
properties.

4.4
The Sub-Macroscopic Diffusional Profile of OsO4 in Polyamide6 (PA6)

Given an unequivocal correlation between local stiffness and local concen-
tration of a chemical diffusing into a material, stiffness mapping may be
used for imaging the concentration profile of the penetrating chemical. For
instance, in the case of a bulk polymer the local stiffness may be increased
by interstitial heavy atoms or by crosslinking. For purposes of selective fixa-
tion and staining, treating polymer samples with certain heavy atoms is
quite a common procedure when preparing samples for electron microsco-
py. The desired effect of the heavy atoms is to act as a crosslinking agent for
nearby polymer chains. When dealing with semi-crystalline polymers, the
incorporation of heavy atoms occurs mainly in regions of reduced packing
density, namely the amorphous ones. Due to the presence of the heavy
atoms the electron density of the amorphous regions rises over that of the
crystalline ones.

Staining of rubber containing polymer blends is achievable by means of
osmium tetroxide (OsO4) which enriches within the rubber inclusions. Be-
yond the staining effect of the crosslinking reaction with two double bonds
of nearby polymer chains, some stiffening of the rubber inclusions occurs
which helps to avoid smearing when cutting the material. For example,
OsO4 was used for staining acrylonitrile-butadiene-styrene (ABS) and high-
impact polystyrene (HIPS) [193].

A series of six FMM amplitude images is given in Fig. 9a. Starting from a
scan area close to the sample surface (left-hand side in Fig. 9a), after each
scan the sample was translated towards its core region. Some overlapping of
successive scan regions was ensured for stitching the images afterwards. The
amplitude of dynamic cantilever bending decays monotonically along the in-
ward direction N. Considering the topographical gradients @z/@N and @z/@T
indicating the tilting of the surface compared to the plane of scanning, the
gradient along the normal N is much smaller than that parallel to the sample
surface (by the factor �1/10). The respective angles aN

z and aT
z of inclina-

tion are 0.1� and 1.2�, respectively. As the stiffness gradient in the latter di-
rection is negligible, the observed stiffness gradient in the N direction may
not be ascribed to the inclination of the sample surface. Hence, the stiffness
profile Pdyn as given in Fig. 9b can be attributed to the concentration profile
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of the penetrated OsO4. The given profile is the mean average of the horizon-
tal line profiles.

In the case of a linear stiffness vs concentration relation, the stiffness pro-
file S(N) reflects the concentration profile without any distortion. With c(N)
denoting the concentration profile, Es=k1c, and bdyn=k2Es, the amplitude pro-
file bdyn(N) may be written as

bdynðNÞ ¼ bdynðEsðcðNÞÞÞ ¼ k2k1cðNÞ � SðNÞ ð11Þ

In a first approximation, the profile bdyn(N) was fitted using a semi-Gaussian
diffusion profile with positive prefactor (v=1)

SðNÞ ¼ Sbpþ nSwe�
1
2

N�N0
lcð Þ2 ð12Þ

which is typical of a sample surface covered with a certain amount of diffus-
ing material [194]. Sbp denotes the stiffness measured far away from the in-
terface (bulk polymer stiffness) and Sw represents the amount of the stiffness
change as measured at the position N=N0. The resulting value of the charac-
teristic length lc is 203€29 �m; hence the total width of the stiffness profile
is �3lc=609 mm. Presuming a coefficient of diffusion DT being constant dur-
ing the diffusion process, for a temperature T the characteristic length lc is
given by

lc ¼
ffiffiffiffiffiffiffiffiffiffi
2DTt
p

ð13Þ

With t�24 h, we get DT=2.4·10�9 cm2/s (T�300 K). It should be noted,
however, that the above presumption of a semi-Gaussian diffusion profile
and a constant coefficient of diffusion is only a rough approximation for the

Fig. 9a,b FMM amplitude image of polyamide6 (PA6) subjected to a diffusion experi-
ment using OsO4 [185]: a composition of six images measured successively. After each
measurement the scan range was shifted along the N-axis which is pointing inwards the
PA6 grain. The lengths of the arrows representing the topographical slopes @z/@N and
@z/@T are proportional to the respective slope angles aN

z and aT
z which amount to 0.11�

and 1.16�, respectively. Scan range 100 mm, scan velocity 111.1 mm/s, FMM frequency
130 kHz, cantilever type �FMR�; b amplitude profile as resulting from a after averaging
over the whole width of the image. The continuous line is the result of fitting the ampli-
tude scatter plot by the semi-Gaussian stiffness profile Eq. (12) with a positive prefactor
(v=+1)
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rather complicated case of a diffusion superimposed on the OsO4 induced
crosslinking reaction which in turn results in the immobilisation of the
OsO4 molecules.

4.5
Interphases in Polymer Based Composites

Owing to the physico-chemical forces acting on the molecules of the poly-
meric matrix close to the interface, there exists a third phase differing in its
properties from both the reinforcing filler and the polymer matrix far away
from the interface. Considering the finite thickness of this intermediate lay-
er, it represents a non-vanishing volume. Thus, it is called interphase or less
frequently mesophase. The interphase has a major importance for the mac-
roscopic mechanical properties of the composite material, as high stresses
may occur close to the filler, depending on the geometry of the filler parti-
cles and on the differences in thermal expansion. Due to rapid cooling, the
latter may lead to significant initial stresses superimposed to the external
ones.

When modelling the mechanical properties of fibre-reinforced polymers,
the straightforward approach is presuming an axially symmetric geometry,
where the interphase is being represented by a cylindrical volume located
between the fibre and the matrix. The corresponding parameters such as
Young�s modulus, Poisson�s ratio or thermal expansion coefficient can be
either presumed as being constant (but deviating from the bulk values) or
described by certain profiles. For instance, Papanicolaou et al. [195] per-
formed calculations using both a linear and a parabolic profile for Young�s
modulus and Poisson�s ratio. Notwithstanding the specific profile, the gener-
al presumption is that the differing values of the parameters are adapted to
each other along the interphase. Thus, the radial profiles are supposed to be
monotonous.

The experimental verification of that kind of model is difficult to achieve
if only measurement techniques are available that deliver signals averaged
over regions comparable to or even larger than the total extension of the me-
chanical profiles. Usually, when dealing with macroscopic measurement
techniques, the profiles and the thickness of the interphase cannot be de-
duced from the measurements without additional presumptions. For the
thickness of the interphase of thermoplastic polymer matrices, values small-
er than 50 nm were given [196], whereas the interphase of thermosetting
polymers was estimated as several hundreds of nanometres [197, 198].

Taking into account the high surface-to-volume ratio of C-fibres (diame-
ter 7–10 mm) or thin glass fibres (diameter 8–15 mm), the relevance of the
interphasial volume becomes plausible. For composites with thermosetting
matrix and 60 vol.% of fibres, the relative amount of interphasial volume
was assessed as �50% [199]. Along with the high stress intensities typically
occurring near the ends of the fibres when the composite material is loaded
externally, and along with the micro-cracks frequently observable near the
interfaces, the relevance of the interphase is rather obvious. Moreover, the
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reliability of composite materials is often affected by the environmental con-
ditions. Characteristic parameters such as tensile or impact strength may
change significantly when storing the composite under high humidity condi-
tions. In many cases degradation of mechanical properties is attributable to
preferential diffusion of water molecules along the interfaces.

4.5.1
The Mesoscopic Stiffness Profile Characterising
the Interphase Between Copper(oxide) and Amine-Cured Epoxy

When dealing with polymer matrix composites (PMC) having a thermoplas-
tic matrix, the morphology of the polymer close to the interface with the re-
inforcing component is expected to deviate from that of the bulk polymer
due to interface-related effects such like reduction in segmental mobility, lo-
cal ordering, entropically induced segregation of molecular weight, or modi-
fied crystallisation behaviour.

In the case of PMCs based on thermoelastic polymer, during manufactur-
ing the mixture of curing agent and resin comes into contact with the sur-
face of the reinforcing components, e.g. carbon fibres. The crosslinking reac-
tion of the thermosetting system may be influenced by the presence of filler
particles, either chemically via functional groups attached to the filler sur-
face and modifying the crosslinking reaction, or physico-chemically via se-
lective adsorption of molecules of the thermosetting system on the filler sur-
face. As the structure of the resulting network depends on the conditions of
the curing reaction such like concentration, temperature, and kinetics, the
local mechanical properties which itself are mainly defined by the structure
of crosslinks, are expected to reflect the peculiarities of the curing reaction.

By means of infrared spectroscopy, Garton and Daly [200] detected a
200–300 nm thick layer near the polyacrylonitrile (PAN) substrate, where
the kinetics of the curing reaction of the epoxy system (epoxy resin
Epon828, Shell Chemicals Europe, and curing by means of anhydrides) is
different from that of the bulk epoxy system. The observed effect is depen-
dent on the amount of water adsorbed onto the substrate. From the results
of their dynamic-mechanical experiments with Epon828/metaphenylenedi-
amine(MPDA) reinforced with C-fibres, Ko et al. [201] conclude that the oli-
gomers of the epoxy resin (polyglycidylether of Bisphenol A) are adsorbed
preferentially onto the graphite base plane of the fibre surface. This is asso-
ciated with a gradient of the relative epoxy/MPDA concentration, which via
the local density of crosslinks, shows influence on the shear modulus and
the glass temperature.

When studying the morphology of amine-cured epoxies by means of
scanning electron microscopy (SEM) during the 1970s, Racich and Koutsky
[202] were able to distinguish a 100 nm layer close to the surface of polar
materials (glass, copper) differing from that of the bulk epoxy. The nodules
(regions where the crosslinking is finished earlier than the macroscopic ge-
lation) occurring near the interface are smaller and their area density is in-
creased. By comparing the morphology near the interface with that near the
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free surface of the epoxy, they correlate the density and size of the nodules
with the local content of curing agent. Accordingly, a smaller size and a
higher density of the nodules indicate an increased concentration of the cur-
ing agent. Hence, the concentration of the curing agent is increased nearby
the surface of the polar materials. Similarly, Fitzer et al. [203] realised a pre-
ferred wetting of high modulus (HM) C-fibres by the amine-based curing
agent Epikure113 (Shell Chemicals Europe) rather than by the epoxy resin
Epikote162 (Shell Chemicals Europe). This tendency was proved for several
states of oxidation of the C-fibre.

As pointed out by Palmese and McCullough [204], beyond the thermody-
namic driving force for surface-induced segregation of resin and curing
agent, the characteristic times of the crosslinking reaction, tr, and of the dif-
fusion, td, have to be taken into account. The increasing viscosity of the mix-
ture of resin and curing agent coming along with the crosslinking counter-
acts the diffusional motion of the component enriching at the filler surface.
In the limit of comparatively short diffusional times, td<<tr, surface-induced
concentration gradients may be adjusted even before the diffusion slows
down. In the opposite case of large diffusional times, td>>tr, the viscosity in-
creases too fast for establishing a concentration gradient. Thus, building up
a chemical gradient and freezing it necessitates comparable times of reaction
and diffusion. Owing to the local enrichment of the curing agent and the
slowing down of the diffusion, there should occur a complementary region
of reduced concentration (Sect. 4.5.3). Via the network structure the concen-
tration gradients should be detectable when studying the morphology or lo-
cal mechanical properties.

The SFM measurements on thermosetting matrix composites are given in
Figs. 10, 11, 12 and 13. With the aim of avoiding any surface modification
due to microtoming and polishing the measurements given in Fig. 10 were
performed in an alternative way [205]. A 180 nm thick Cu-film was evapo-
rated thermally onto the surface of freshly cleaved mica. By depositing small
droplets from the aerosol of an FeCl3 solution onto the free surface of the Cu
film, small holes with diameters of the order of several microns were etched
into the Cu film (thickness �180 nm). After cleansing and drying, a stoi-
chiometric mixture of epoxy resin and amine-containing curing agent was
poured onto the mica/Cu substrate. The epoxy resin and the curing agent
were Epikote828 and EpikureF205 (both supplied by Shell Chemicals Eu-
rope), respectively. After curing, the mica sheet was detached from the re-
sulting composite consisting of the holey Cu film with the epoxy layer on
top. Afterwards, the bare replica surface of the Cu film was investigated by
means of SFM, carried out in force modulation mode (FMM).

As observable from the SFM topography measurements, the surface of the
epoxy inside the holes of the copper film exhibits a slight convex curvature,
probably due to the surface tension of the epoxy formulation. Hence, the ep-
oxy surface nearby the Cu/epoxy interface was not in contact with the mica
substrate when curing the mixture of epoxy resin and curing agent, and any
interference on the curing reaction from the presence of the mica can be ru-
led out. On the other hand, the local slope of the curved epoxy surface is
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Fig. 10a–i SFM images of the Cu/epoxy interface of a replica sample [205] a topography;
b static load; c FMM amplitude (i.e. stiffness). The cross-sections along the white line
are shown in the diagrams. The grey-coloured reference line is the corresponding cross-
section of the image of tilt angles ax

z as given in d. This image was calculated from the
image of topography. The images e and f are identical with images b and c, respectively,
but are given in enhanced contrast (see grey tone bars). The direction normal to the line
of the Cu/epoxy interface (T) is denoted by the vector N. The white line in d indicates
the location of the cross-sections shown in g, whereas the white lines in e indicate the
boundaries of the region of data analysis defined by the condition ax

z<3�. Within the
region of analysis the profile of dynamic force amplitude was fitted by a semi-Gaussian
stiffness profile. The white line drawn in g represents the resulting fit curve. Thirty six
cross-sections along the normal direction N were analysed. The fit curves and the fit pa-
rameters are displayed in h and i, respectively
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rather low, even close to the Cu interface, which, in general, plays an impor-
tant role for the reliability of the SFM materials contrasts.

As visible from the topography image of Fig. 10, along the fast scan direc-
tion (from left to right in Fig. 10), at the edge of the Cu film the drop in
height level is �150 nm. The curve of local topographical slopes as calculat-
ed from the topography image (ax

z�arctan(@z/@x)) is given in the cross-sec-
tional diagrams of Fig. 10 in a grey colour. At the edge of the Cu film ax

z de-
creases to ��40�, rises steeply in the close vicinity of the Cu/epoxy border-
line and slightly decreases within the epoxy region from +4� to �0�. From
the respective cross-section of the static force image it is obvious that the
deviations of the normal load from the setpoint value of the topography
feedback scale quite exactly with the local slope of the surface under investi-
gation. This correlation explains the pronounced appearance of edges in the
image of static load. Along with the scan velocity, the local slope defines the
height changes per time unit necessary for adapting the vertical cantilever
position to the topographic height differences (@z/@t=(@z/@x)·nscan). Hereby,
nscan denotes the scan velocity.

Fig. 11a–g FMM measurement on the cross-sectional surface of a Cu/epoxy composite
sample [185]: a topography; b static normal force; c FMM amplitude; d region of analy-
sis as marked in c, given in enhanced (but linear) contrast of grey tones. Scan range
50 mm, scan velocity 55.6 mm/s, maximal corrugation Dz�1.7 mm, cantilever kcffi20–
40 N/m, FMM frequency 130 kHz. Within the region of analysis as marked in c with a
white boundary line, the slope angle ax

z is <3�. The white lines drawn in d indicate the
boundary of the region where each second cross-section along N was fitted by a semi-
Gaussian stiffness profile (Eq. 12, v=�1). Exemplary, one of these cross-sections along
with the corresponding topography profile is given in e. The peaks visible in e are due
to the marked white boundary layers; f pseudo-3D-representation of the fitting curves; g
display of the values of the fit parameters
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Generally speaking, in regions with high local slopes and slope changes,
the geometry of the tip-sample contact is ill-defined, both concerning the
size of the tip-sample contact area and its position on the very end of the
tip. The tip may contact the sample surface more with its flank rather than
with its apex and considerable lateral forces may occur which will induce
some severe torsion of the cantilever. As the signals related to the modula-
tion modes (FMM or M-LFM) are strongly related to the tip-sample contact
area, they reflect more the topographic features than true changes in materi-
als properties.

On average, the image of dynamic cantilever bending given in Fig. 10c is
darker in the region of the steep edge than on the rather flat surface of the
Cu film but still much brighter than on the epoxy surface. Hence, the steep
edge can be attributed to the Cu film. The peak (indicated with an arrow) in
the amplitude signal coincides more or less with the maximal change of sur-
face slope, @ax

z/@x.

Fig. 12a–d FMM measurement on the cross-sectional surface of a Cu/epoxy composite
sample [185]; a topography; b static normal force; c FMM amplitude; d FMM phase
shift, as measured within the border region between Cu (left) and epoxy (right). Scan
width 50 mm, scan velocity 55.6 mm/s, maximal corrugation Dz�1.6 mm, cantilever
kcffi20–40 N/m, FMM frequency 130 kHz. A bulge-like structure along the Cu/epoxy bor-
derline is visible which may not be attributed to the Cu component. Epoxy resin/curing
agent: L180/H181 (both supplied by Scheufler)

Fig. 13a–d Images of FMM amplitude as measured within the boundary region of Cu
and epoxy (a and d), and far away from the Cu edge (b and c) [185]. From the amplitude
images a, b and c globular structures with reduced local stiffness are recognisable. These
need to be distinguished from the structures visible from d which exhibit more diffuse
shapes and correspond to vein-like structures only visible from the static force image
(not shown) belonging to d. Hence, the structures of d may be attributed to plastic de-
formations. Epoxy resin/curing agent: L180/H181 (both supplied by Scheufler)
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Within the epoxide region, the slope angle ax
z has values between 0

and 4�. As recognisable from the images depicted in enhanced contrast
(Fig. 10d–f), the slope angle ax

z and the static load decrease slightly when
moving away from the borderline, whereas the amplitude of dynamic canti-
lever bending increases. The white lines drawn in Fig. 10e in a direction per-
pendicular to the local tangent of the Cu/epoxy borderline mark a region
where the absolute value of ax

z is smaller than 3� and changes less than 0.6�
per 100 nm (when being at least 10 nm away from the borderline). The dy-
namic amplitude signal, however, exhibits a monotonic increase extended
over �300 nm which may be fitted by a semi-Gaussian profile.

Considering the lateral extension of the rising gradient of Pdyn, the low
slope angle ax

z of the topography, and the low changes of ax
z, artefacts relat-

ed to topography can be ruled out and the observed changes in Pdyn can be
attributed to true stiffness changes of the epoxy.

As taking into account in what way variations in the contact area and in
the static load affect exactly the FMM signals would require some knowledge
of the precise shape of the apex of the tip and of the features of the topogra-
phy feedback, the conceivable approach of correcting the measured FMM
data seems to be rather an inconvenient undertaking. Moreover, the necessi-
ty of making several presumptions of the nature of the tip-sample contact
mechanics would leave some doubts on the reliability of the correction pro-
cedure for the FMM data. Thus, the more convenient and even more reliable
approach may be just to constrain the FMM data evaluation on regions of
the sample surface where certain criteria concerning the topography are ful-
filled. As illustrated above by considering the cross-sections depicted in
Fig. 10, the local surface slope is an important and easily accessible parame-
ter for defining the region of analysis.

To accept this, it is useful to realise that the maximal changes of the sur-
face slope ax

z the topography feedback loop has to cope with are bound to
the maximal amount of ax

z, jax
z,maxj. If the slope changes jD ax

zj per time
unit Dt shall be limited to a fraction q1·jax

z,maxj when evaluating the slope on
a length scale given by Dx=q2·L, the slope change per time unit can be writ-
ten as

Dax
z

�� ��
Dt
¼

Dax
z

�� ��
Dx
� vscan �

q1 ax
z;max

��� ���
q2L

� vscan ¼
q1

q2
� ax

z;max

��� ��� � fscan ð14Þ

Hereby, vscan denotes the scan velocity, L the scan range and fscan the scan
rate. For averaging out slope variations due to surface roughness, the local
slope angle ax

z should be averaged over a suitable length Dx=q2·L. As a rule
of thumb, the value of Dx should be no larger than �1/5 of the (a priori un-
known) characteristic length lc of the stiffness profile. On the other hand, in
order to provide a sufficient number of datapoints for fitting the interphasial
gradients, the scan range L should be no larger than �10 lc. As the maximal
change of ax

z is 2jax
z,maxj when moving from one averaging length Dx to the

next one, the maximal value of q1 is 2. Hence, with q2=1/50, the ratio q1/q2 is
100. With jax

z,maxj=3� and fscan=1 Hz, the necessary slope angle change per
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time unit, jax
zj/Dt, is smaller than 300�/s. This value is rather low and should

be achievable by the topography feedback-loop, even under conditions of
mediocre tuning of the feedback parameters. In the case of a slight global
surface inclination, which should generally be minimised as far as possible,
and solely positive or negative values of the local surface slopes, ax

z may
only change from jax

z,maxj to 0 within of the distance 2Dx; thus the upper
bound for q1 is 1. At small scan ranges L and rather smooth topographic fea-
tures the value 0.5 for q1 seems to be more realistic and, presuming the same
performance of the topography feedback-loop, jax

z,maxj may be set to 12�.
The conditions jax

z,maxj=3� and jax
z,maxj=12�, respectively, can be used as

a quantitative, easily accessible criterion for defining the region of analysis.
In the following, these criteria shall be denoted as �topography criterion for
large scan ranges� and �topography criterion for small scan ranges�, respec-
tively.

In Fig. 10g the cross-sections of the image of topography and the FMM
amplitude images are given. The cross-sections are along the white line as
marked in Fig. 10d. Similarly to the above case of the stiffness gradient in
PA6 (Sect. 4.4)), the FMM amplitude was fitted using a semi-Gaussian profile
(Eq. 12), but with a negative prefactor (v=�1). The value of N0 is given by
the position of the borderline separating the Cu region from the epoxy re-
gion. The bulk value Sbp of the epoxy stiffness was determined by averaging
the tails of all evaluated stiffness profiles. The remaining two parameters Sw
and lc served for adjusting the stiffness profile Eq. (12) to the FMM ampli-
tude profiles. In Fig. 10i the values of Sw and lc resulting from the fits are
plotted vs the lateral coordinate T. Here, the offset suppressed in the images
for contrast purposes was taken into account. A pseudo-3D representation of
the fit curves is given in Fig. 10h. Herein, the N0 values were set to zero. The
mean value of the relative stiffness change at N=N0, Sw/Sbp, is (9.7€2.4)·10�3.
Presuming a value of 3 GPa for Sbp and linear Pdyn(Es)-characteristics, the
stiffness reduction Sbp�Sw at N=N0 amounts to 29 MPa. The characteristic
length varies between 30 nm and 170 nm; its mean value is 93 nm. With
t�10 min and T�323 K, Eq. (13) delivers a value of 7.2·10�14 cm2/s for the
diffusion coefficient DT.

The semi-Gaussian stiffness profile indicates diffusion processes occur-
ring before the gelation of the reactive mixture of epoxy resin and curing
agent. The diffusion processes are expected to modify the local structure of
chemical crosslinks. Due to its finite width of �3lc=280 nm, the gradient
zone has to be considered as a volume rather than as an area and, hence, it
deserves to be called interphase.

Alternatively to the above described preparation branch employing Cu
films deposited onto mica, Cu/epoxy composites were microtomed and the
resulting cross-sectional surfaces investigated by means of FMM. The direc-
tion of cutting was perpendicular to the Cu/epoxy interface.

The FMM images and the corresponding data evaluation of a measure-
ment performed on a respective surface are displayed in Fig. 11. Again, the
FMM amplitude measured on epoxy close to the Cu/epoxy borderline is re-
duced as compared to that measured on bulk epoxy. However, in contradic-
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tion to Fig. 10, the mean width of the gradient zone is �30 mm. Hence, it is
more than 100 times wider. Working on the basis of Eq. (12) with v=�1 de-
livers a mean value of 9.8 mm for the characteristic length lc and 0.12 for the
relative stiffness change Sw/Sbp.

It should be noted that, due to the topographic height step often occur-
ring at the borderline between the polymer and the stiff reinforcing compo-
nent, when dealing with surfaces generated by microtoming, the region of
analysis as defined by the above defined criteria based on the topographic
slope angle may be too close to the height step. After having scanned across
a pronounced height step, the topography feedback may not yet have settled
down, even if the tip is already moving within a region where the slope-
based condition is met. Hence, additionally the static force signal should be
inspected in those cases in order to justify the boundaries of the region of
analysis that are close to a step. Thus, there may exist a gap between the re-
inforcement/polymer boundary where serious analysis of stiffness data is
not acceptable, just like in Fig. 11. In these cases possible deviations of the
stiffness profile from the trend fitted within the region of analysis will not be
noticed. When considering Fig. 11, even within the upper, peninsula-like
part of the region of analysis very close to the Cu/epoxy borderline, no in-
crease of FMM amplitude is observable, so that qualitative deviations from
the semi-Gaussian profiles can be excluded.

The topography of cross-sectional surfaces produced by cutting and pol-
ishing usually reflects the differences in mechanical properties of its hetero-
geneities. In general, this is due to the fact that the rate of material removal
of hard components like fibres and metals is smaller than that of soft poly-
meric components. Easily deformable components like rubber inclusions,
however, tend to be more compressed rather than abraded and their surfaces
are quite often above that of the surrounding material of the final cross-sec-
tion.

In Fig. 12 the FMM images measured on the cross-section of a Cu/epoxy
composite are displayed exhibiting an eye-catching bulge next to the Cu/ep-
oxy borderline. The bulge is 3.8€0.6 mm wide. Though the FMM signals
measured on the bulge are affected by its strong curvature, the pronounced
reduction in amplitude and increase in phase indicate that the bulge materi-
al does not consist of Cu. Hence, the bulge may be identified with epoxy of
reduced stiffness which was abraded with a rate lower than that of the bulk
epoxy.

Taking into account the offset suppressed when scaling the grey tone
gradation curve of the FMM amplitude image, the resulting stiffness ratio
Sw/Sbp is �0.06 which is half the value of the stiffness ratio deduced from
Fig. 11. Whether the bulge-like topography of the interphase may be traced
back to its structural properties or whether it is just an effect of the peculiar-
ities of the preparation procedure is difficult to clarify as close-view SFM
measurements on the bulge suffer from its strong curvature.

From scans with smaller scan ranges globular-shaped entities can be ob-
served on the epoxy which are rather pronounced, especially in the FMM
amplitude images. That kind of heterogeneity could be found both next to

136 Martin Munz et al.



the Cu/epoxy borderline and far away from it. Characteristic FMM ampli-
tude images are given in Fig. 13.

In the amplitude image in Fig. 13a granular structures next to the border-
line are visible with a total width ranging from 2.5 to 5.6 mm, as measured
along the line perpendicular to the Cu/epoxy borderline. This is similar to
the interphase from Fig. 12. The globules detectable on bulk epoxy exhibit
diameters within the range of 150 and 460 nm; see Fig. 13b,c. Hence, they
are smaller than the granules of Fig. 13a that are extended over �1.5 to
3.9 mm.

The dark regions obvious from Fig. 13d are different from those of
Fig. 13a–c in the sense that they are a kind of blurred and that the corre-
sponding static force image exhibits fine vein-like structures indicating plas-
tic deformations probably resulting from shear forces acting during cutting
and polishing. Reduced local stiffness may result from the plastic deforma-
tions, but it may also be the reason for them. Since the image at Fig. 13d was
measured using a cantilever of stiffness lower than that of the cantilever em-
ployed when measuring the images at Fig. 13a–c (2.8–5.7 N/m vs 20–40 N/m),
it seems unreasonable to attribute the plastic deformations to scan-induced
surface modifications.

4.5.2
The Microscopic Stiffness Profile Characterising
the Interphase Between C-Fibres and Polyphenylenesulfide (PPS)

As elucidated above, height steps between the surface of filler particles and
the polymer matrix are a major hindrance for detecting the interphase by
means of SFM. In the opposite case of extremely flat surfaces there arises the
problem of identifying the filler/polymer borderline unequivocally. For that
purpose a reference signal is desirable from which the location of the bor-
derline may be deduced in a precise manner. When dealing with electrically
conductive filler particles providing a continuous current path, the electrical
current flowing through the tip-sample contact can serve as an appropriate
reference signal. This is just the case when investigating C-fibres embedded
in a polymer matrix, with the continuous fibres being contacted electrically
at the bottom of the sample and a voltage being applied between sample and
conductive cantilever. Owing to the electrical conductivity of the C-fibres
and the lack of an isolating oxide layer on the surface of the C-fibres, a pro-
nounced drop in the current signal is easily observable when scanning from
C-fibre to polyphenylenesulfide (PPS).

Topography, current amplitude and FMM amplitude images of a respec-
tive measurement are displayed in Fig. 14. Scan range is 500 nm and the pix-
el resolution is 1 nm/pixel. The cross-sectional curves along the line AB are
given in the graphs of Fig. 14a–c. In each case, the given cross-sections re-
sulted from averaging over the ten parallel profiles framed by the rectangle
AB. For reasons of comparison, the shape of the used SFM tip as deduced
from the SEM micrograph given in Fig. 14f is marked in the graph of
Fig. 14a.
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From Fig. 14b,c it is obvious that the edge of the electrically conductive
and stiff C-fibre is running from the top left to the lower right of the images.
The dark lower part of the amplitude images has to be attributed to the iso-
lating and soft PPS. The borderline as deduced from the electrical amplitude
image is marked as a white line in the images given in Fig. 14a,c. From the
topography image displaying a maximal corrugation of no more than
35 nm, no valuable information on the location of the C-fibre/PPS border-
line can be taken. The upper part of Fig. 14b is represented on a logarithmic
scale in order to visualise the broad range of current amplitude values mea-
sured on the C-fibre. This may be due either to inhomogeneities of the fi-
brous material or to variations of the tip-sample contact area.

The mean radius of curvature of the apex of the SFM tip as deduced from
the SEM micrograph (Fig. 14f) is �23 nm. Presuming a spherical shape of
the apex and applying JKR contact mechanics (Sect. 3.1.1, Eq. 3), the tip-
sample contact radius was estimated to be less than 11 nm (Pstat=90 nN,

Fig. 14a–e Simultaneously measured SFM contrasts on the cross-section of a C-fibre/
PPS composite sample [186]; a topography; b amplitude signal of the electrical tip-sam-
ple current; c FMM amplitude. The electrical conductive and stiff fibre (upper right im-
age corner) can be identified from the high amplitude signals. The borderline as de-
duced from the pronounced drop of the current signal is marked in the images a, c, d
and e by means of a white line. Scan width 500 nm, scan velocity 500 nm/s, maximal
corrugation Dz�35 nm, cantilever (supplier NT-MDT, Moscow) kcffi2.5...6.0 N/m, tip
height 7 mm, tip opening angle <20�, current measurement frequency ffi42.61 kHz, FMM
frequency ffi74.89 kHz. The tip shape as deduced from an SEM micrograph f is drawn in
the cross-section AB of the topography image; d image of the slope angle ax

z as calculat-
ed from a. Pixels with jax

zj>11.3� are given in white colour; e image of static normal
force
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E(PPS)=3.31 GPa, g=30 mJ/m2). Relating this to the lateral lengths along
which the topography changes occur, this value is rather small and devia-
tions of the measured topography from the true one due to convolution ef-
fects seem to be negligible. Since the characteristic length scale of topogra-
phy variations is of the order of the scan range, the above defined topogra-
phy criterion for small scan ranges may be applied, constraining the region
of analysis to tilt angles ax

z smaller than 12�. This condition is violated only
within a small region at the very left of the images, which was marked with
white colour (Fig. 14d).

From the pronounced drop of the current amplitude occurring when
scanning from fibrous material to PPS, the position of the fibre/matrix bor-
derline can be deduced with a precision of €1.7 nm. Within the correspond-
ing graphs the lateral position of the current drop is marked by means of a
vertical arrow. As visible from the FMM amplitude image, the force ampli-
tude Pdyn rises already several tens of nanometres ahead of the current drop.
The local increase of the polymer stiffness when approaching the C-fibre
from the PPS indicates the existence of an polymeric interphase with prop-
erties deviating from those of the bulk PPS. The black circular dots drawn in
the graph of Fig. 14c represent the mean values of Pdyn as calculated from at
least 12,780 pixels measured on bulk PPS and on bulk C-fibre, respectively.
In the case of the bulk PPS, the standard variation is smaller than the radius
of the dot.

When using the current amplitude as a reference signal for defining the
fibre edge, it should be noted that due to the existence of tunnelling currents
the line of current drop may not coincide with the true fibre edge. When
dealing with a step-like topography at the fibre edge, an additional lateral
offset may occur because of the non-vanishing opening angle of the SFM tip.
These involvements are depicted in Fig. 15. The zone between the true bor-
derline and the line of current drop may be referred to as dead zone DZ. For
the sake of simplicity, the tilt of the tip occurring during scanning of the
cantilever was neglected.

Given a perfectly flat surface and taking into account the very limited
range of tunnelling currents, the upper bound of the width d of the dead
zone DZ can be estimated to ~3 nm (Fig. 15b). Hence, the effective radius of
the electrical tip-sample interaction area is larger than the geometric contact
radius a. This is in analogy to the Maugis-Dugdale model (M-D) for purely
mechanical interactions, where the surface forces are presumed to be limited
to a ring a<r<c around the contact area of radius a. When running experi-
ments under ambient conditions, electrical currents might also flow along
the water meniscus surrounding the close tip-sample contact. In the case of
a step-like topography at the fibre edge (Fig. 15c), the total width d is given
by the sum of both the reach of tunnelling currents and the geometric dis-
tance resulting from the step height and the opening angle of the tip.

When comparing with the location of the true fibre edge, the general con-
clusion is that the fibre-polymer borderline as defined by the current criteri-
on exhibits a small lateral shift towards the polymeric material. Consequent-
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ly, stiffness variations occurring within the (unknown) dead zone DZ will
not be taken into account when evaluating FMM amplitude profiles truncat-
ed according to the current criterion.

Whilst this fact imposes some limitations onto the minimal detectable
width of the interphase stiffness gradient, it should be noted that the FMM
measurement with the tip-sample contact area next to the fibre edge will in
any case be affected by the presence of the nearby stiff fibrous material
(Fig. 15a). This is due to the lateral extension of the sub-surface stress distri-
bution which is roughly given by the double value of the tip-surface contact
radius a [206]. Given the above value of 11 nm for a, the FMM amplitude
gradient reflects solely PPS properties at a distance of �22 nm away from
the true fibre edge. As the stiffness gradients measured on PPS are much
larger, they may not be ascribed to measurement artefacts due to the pres-
ence of the stiff fibrous material.

After having truncated the FMM amplitude gradients in accordance to the
current criterion, they were fitted using an exponential profile:

Fig. 15a–d Schematic representation of the tip-sample contact when the tip is close to
the fibre edge [186]: a the tip is located just on the fibre edge. Owing to the strongly dif-
ferent mechanical properties of fibre and polymer, the deformation of the apex of the
tip is expected to be asymmetric; b tunnelling currents IT occurring between the fibre
edge and the tip; c in the case of a topographic step mechanical contacts between the
flank of the tip and the fibre may occur which have to be considered as the pathway for
contact currents Ic; d analysis of the stiffness data was only performed within regions
were the electrical current has collapsed
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SðNÞ ¼ Sbpþ Swe�
N�N0

lc ð15Þ

The denotation is in close analogy to the semi-Gaussian stiffness profiles
used for fitting the amplitude profiles measured on epoxies. In this case, N0
corresponds to the position of breaking-down current amplitude and was
set to zero. The mean value of lc resulting from the fitting is 35.8€18.8 nm.
Hence, the mean value of the total width of the interphase stiffness gradient
is 3lc�107 nm. Owing to the strong scatter in Sbp, it was treated as a free fit-
ting parameter (which is in contradiction to the fitting procedure for the
stiffness data measured on epoxy where Sbp was set to the mean bulk value).
The pronounced variations of Sbp might originate from the partially crystal-
line nature of PPS, because regions of higher crystallinity are known to be
packed more densely and to exhibit an increased stiffness. Some oscillatory
stiffness profiles which were observed, supposedly reflecting both amor-
phous and crystalline regions, were not subjected to the fitting procedure.
The oscillatory stiffness profiles may not be ascribed to instabilities of the
topography feedback, since the variations of the topographic slope angle are
rather low and inspection of the image of static force with respect to oscilla-
tions was negative.

4.5.3
Discussion of the Detected Stiffness Profiles

The SFM stiffness measurements on amine-cured diglycidylether of
bisphenol-A (DGEBA)-based epoxies revealed that near the interface to Cu
the epoxy stiffness is diminished as compared with the bulk epoxy stiff-
ness. According to the rationale of interface-induced segregation of resin
and curing agent superimposed on the chemical crosslinking reaction (dif-
fusion-reaction model), the detected stiffness gradients result either from
enrichment or depletion of the curing agent at the surface of the Cu phase.
In order to shed some light on the correlation between epoxy stiffness and
concentration of the curing agent, microscopic indentation experiments
were conducted on a series of epoxy samples with differing concentrations
of the curing agent [185]. Evaluation of the initial slopes of the unloading
curves indicated an increase of stiffness of the cured epoxy Epikote828
(Shell) with increasing content of the curing agent L181 (Scheufler). The
inflection point of the sigmoidal characteristic occurred at �14.3 wt% of
the curing agent.

As a consequence of these findings, in terms of the diffusion-reaction
model the observed stiffness gradient indicates a depletion of the curing
agent near the surface of the Cu phase. The significant variations of the
characteristic length lc ranging from �100 nm to �10 mm, may be traced
back to different ratios of the characteristic times for reaction (tr) and dif-
fusion (td) or to different values of the diffusion constant DT. Moreover,
variations of the oxidation states of the Cu surface and of its morphology
are expected to affect the driving force for diffusion. The temperature of
the mixture of curing agent and epoxy resin was �50 �C in each case, so
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that variations of DT related to temperature seem less probable. Rather,
variations of DT due to different chemical compositions seem probable:
whereas the epoxy matrix of the replica-sample (Fig. 10) was made up of
the resin Epikote 828 and the curing agent EpikureF205 (both supplied by
Shell), the epoxy matrix of the cross-sectional samples (Figs. 11, 12 and
13) were made up of the components L180 and H181 (both supplied by
Scheufler).

As elucidated above, within the frame of the diffusion-reaction model the
generation of an interphase requires comparable characteristic times td and
tr. A narrow interphase can be expected if tr<td, for the increase of viscosity
due to crosslinking occurs fast and diffusional flow may only occur along
short distances. However, if td<tr the crosslinking-induced freezing of diffu-
sional flow occurs later and wider interphases can be expected. Consequent-
ly, the width of the interphase depends on the ratio td/tr. In addition to td, tr
may depend on time as well, because of the conversion of epoxide groups
slows down after having started the curing reaction [207]. After having es-
tablished some kind of concentration gradient, the ratio td/tr may change
along the gradient, as the reaction rate depends on the concentration of
amines. It may be assumed that within the frame of superposed diffusion re-
action processes, the kinetics plays a major role and the final width of the
interphase depends strongly on the characteristic times for diffusion and re-
action.

As suggested in Fig. 16, in the case of segregation of resin and curing
agent both a region of enrichment and a region of depletion seem reason-
able. However, all stiffness gradients detected are monotonic. Due to the
dead zone next to the Cu/epoxy borderline where evaluation of the FMM
data is not possible without ambiguity, the existence of a narrow zone next
to the borderline with stiffness properties other than the detected ones may
not be ruled out completely. In terms of the denotation of Fig. 16, in that
case the detected stiffness gradients have to be attributed to the depletion
zone and within the narrow enrichment zone the local stiffness is increased
as compared with that of the bulk epoxy.

Contrary to the diffusion-reaction model, stiffness profiles resulting from
temperature gradients established during the crosslinking reaction are ex-
pected to exhibit monotonic behaviour. As temperature variations affect the
curing reaction and via this the final density of crosslinks, temperature gra-
dients may result in respective stiffness gradients. During the exothermal
curing reaction deviations of the local temperature from the mean sample
temperature will occur in regions where the reaction heat is conducted away
more efficiently than in other regions. This may exactly occur in regions
close to the Cu phase (Fig. 17). Due to its heat capacity, reaction heat can be
absorbed from the Cu particles. When dealing with continuous Cu compo-
nents (e.g. in the form of a film) the reaction heat can even be conducted
away efficiently, owing to the considerable thermal conductivity of Cu (bulk
value 384 W/mK [208]).

The resulting decrease in temperature in regions close to the surface of
Cu components may also affect segregation effects. In that case the effect of
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the Cu components is twofold: they induce segregation effects (diffusion of
molecules) as well as temperature gradients (diffusion of heat). The latter
scales with the size of the Cu components, as the amount of heat absorbed
and conducted away depends on the volume of the Cu particles. Thus for
nanosize Cu particles the temperature effect is expected to be negligible.

Furthermore, the possibility of degradation effects should be taken into
account. Oxidation reactions occurring at Cu surfaces are known to produce
metal salts and complexes which are supposed to diffuse into the polymer
matrix and may impair the interfacial strength [209]. Furthermore, it was
suggested that Cu may induce the polymerisation of non-catalysed DGEBA
[209]. Presumably, the oxides CuO and Cu2O are of major importance for
these effects.

As compared to the interphases detected in the case of the Cu/epoxy sys-
tems, the interphase measured in the case of the C-fibre/PPS system exhibits
a negative stiffness gradient, i.e. decreasing local stiffness of the thermoplas-
tic PPS with increasing distance from the C-fibre surface. The mean width
3lc�107 nm of the stiffness profile is �2.6 times smaller than that of the
stiffness profile measured on the Cu/epoxy replica sample. Taking into con-
sideration the spatial constraints imposed on polymer chains due to the
presence of the nearby hard wall represented by the surface of the C-fibres,
the observed increase in local stiffness can be ascribed to the respective loss
in chain flexibility and mobility.

For instance, this kind of quasi-immobilisation may result from multiple
adsorption of one polymer chain at the fibre surface [210]. As shown by
Bitsanis and Pan [211] by means of molecular dynamics (MD) simulations
surface-induced ordering of chain segments can be expected which is re-

Fig. 16 Schematic representation of an interface-induced segregation scenario. As long
as the viscosity of the crosslinking system is low enough, segregation of epoxy resin and
curing agent may occur, driven by the polar surface of the Cu component. Conservation
of mass requires a depletion zone close to the zone of enrichment. Via the network
structure the concentration profile is reflected by the local mechanical properties of the
cured epoxy system
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flected by the respective density profile exhibiting oscillations superimposed
on a decay. The degree of ordering depends on the interaction energy with
the hard wall surface. The density variations come along with different re-
laxation times indicating the restrictions imposed onto segmental mobility
[211]. Dynamic-mechanical analysis (DMA) experiments performed at sev-
eral polymer matrix composites by Tsagaropoulos and Eisenberg [212] de-
livered an additional glass transition attributable to chain segments with re-
duced mobility. The additional glass transition occurred at a temperature
higher than that of bulk polymer. The second glass transition temperature
was correlated positively with the mean molecular weight of the polymer.

Since the restriction of chain conformations is more pronounced for long
polymer chains, some enrichment of short chains at the C-fibre surface
seems probable. According to calculations made by Kosmas [213] the mean
number of contacts between a surface and a nearby polymer chain is pro-

Fig. 17 Schematic representation of the temperature gradient occurring during the exo-
thermic curing reaction. Owing to the comparatively high thermal conductivity of the
continuous metallic filler (e.g. wires consisting of copper), exothermic reaction heat Q is
conducted away from the interface. By changing locally the thermal conditions of the
curing reaction, the temperature gradient T(N) may influence the resulting network
structure Dn(N) which in turn defines the elastic properties of the epoxy, e.g. its elastic
modulus E(N). jw denotes the heat current density
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portional to its molecular weight. As shown by Pangelinan et al. [214] the
width of the interphase resulting from molecular weight segregation
amounts to �3.5 times the radius of gyration of the component exhibiting
the highest molecular weight. Correspondingly, for typical thermoplastic
polymers the interphase width is �100 nm, which is consistent with the val-
ue deduced from the FMM measurements.

In the case of partially crystalline polymers such as PPS a higher degree
of crystallinity may be expected close to the fibre surface. This is due to the
fact that the necessary rearrangements of polymer chains for establishing
crystalline order can be achieved more easily by short chains rather than
long ones. A higher degree of crystallinity, however, corresponds to a closer
packing of the polymer chains and, hence, to a higher local stiffness. Thus,
the stiffness increase detected near the C-fibre can be attributed to both a
reduction in chain flexibility and some chain ordering.

5
Mapping of Mechanical and Thermal Properties of a Model Brake Pad

5.1
Combined Measurement of Friction and Stiffness on a Model Brake Pad

With the aim of gathering detailed mechanical and thermal input data for
micro- to mesoscopic modelling of frictional brake systems, characterisation
of a brake pad with a strongly simplified formulation was performed by
means of SFM. The study encompasses a thermal and various mechanical
contrasts [215]. The manifold mechanical contrasts obtained with one ex-
perimental set-up allow some cross-checks and correlations to be performed
among the available images, thus facilitating data interpretation.

The numerous components of friction pads for automotive brake systems
can be classified roughly as abrasives, solid lubricants, reinforcing fibres,
space fillers and the binder resin [216]. When designing the brake pad for-
mulation, the types and relative amounts of ingredients have to be matched
to several technical design criteria such as noise propensity, brake-induced
vibration, reliable strength, wear resistance, as well as high and stable fric-
tion force [216]. The braking performance is governed by a complex inter-
play of the action of particulate additives, chemical reactions, thermal de-
composition of organic ingredients and wear mechanisms. Using pad-on-
disc-type tests, dynamometer tests or in-vehicle tests, both commercial
brake pads and simplified formulations were studied. Besides the macro-
scopic simulation of the operational conditions of technical systems, a more
fundamental approach can be devised. From the microscopic point of view,
the surface of the rotating grey-cast iron disc of a disc brake can be mod-
elled as an ensemble of asperities covering a broad range of surface energies,
stiffness values, heights and widths. When in action, the brake pad is rubbed
against the rotating disc. Instead, by scanning a single asperity over the sur-
face of a brake pad of well-known composition, one may get some basic in-
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formation concerning the mechanical and thermal interactions between the
asperity and the particulate constituents of the brake pad. The resulting data
may allow a more detailed description of the microscopic parameters gov-
erning frictional processes and may contribute to the formulation of elabo-
rate micro- or mesoscopic models with a rather low degree of mathematical
homogenisation. Recent efforts for developing simulation techniques based
on mesoscopic particle methods [217] seem to be a promising approach for
dealing with material inhomogeneities.

Having prepared a highly simplified system consisting of a phenolic resin
matrix, antimony sulfide (Sb2S3) particles and polybutadiene (PBD) rubber
globules, topography, lateral force, modulated lateral force, stiffness and
thermal diffusivity of the sample surface were imaged. Owing to the simple
formulation of the sample and to the pronounced differences in particle size
and shapes, the domains prominent in the SFM images can be assigned easi-
ly to the two different materials (Sb2S3 and PBD) dispersed in the phenolic
matrix. The three ingredients used for producing the simplified brake pads
were supplied by a manufacturer of automotive brake pads (AlliedSignal
Bremsbelag GmbH, Glinde, Germany). The typical diameter of the rubber
globules was �50 mm. Details of sample preparation are described in [215].

In Fig. 18 SFM images are given as measured on a polished cross-section-
al surface of the model brake pad. The figure contains the images of topog-
raphy (Fig. 18a), static normal force (Fig. 18b), static lateral force as mea-
sured in both scanning directions (Fig. 18c,d), amplitude and phase of the
dynamic lateral force (Fig. 18e,f), as well as amplitude and phase of the dy-
namic normal force (Fig. 18g,h). The scanned area is 80�80 mm2.

The circular-shaped domains can be attributed to the globular PBD parti-
cles. Hence, the much more irregular shaped and smaller islands can be
identified as the cross-sections of the Sb2S3 particles. For reasons of compar-
ison, the mean values of the signal magnitudes measured on each of the con-
stituents are displayed in histograms where the offset suppressed in the im-
ages was taken into account.

In Fig. 18c,d a significant contrast between PBD and the phenolic matrix
is observable. Obviously, this contrast is inverted when the scanning direc-
tion is reverted. This is due to the fact that the sign of the angle of cantilever
torsion changes with the direction of scanning (friction loop). By virtue of
negation of the image measured in reverted direction, the contrasts due to
different materials are consistent whereas the contrasts due to topographic
features are inverted. In comparison with the images of the static lateral
force, the amplitude image of the dynamic lateral force (Fig. 18e) clearly ex-
hibits small irregular islands attributable to the Sb2S3 particles. The M-LFM
phase image (Fig. 18f) is dominated by the contrast between the PBD glob-
ules and the phenolic matrix. This is similar to the phase image of the FMM
measurement (Fig. 18h). However, on Sb2S3 the FMM phase signal seems to
be less deteriorated by topographic features. On larger grains of Sb2S3 the
FMM phase shift is discernibly lower than on the phenolic matrix.

From the pronounced phase shift measured on PBD, it may be inferred
that the time scale of both the lateral and the normal displacement modula-
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tion measurements (cycle duration �17 ms) lies within the glass-rubber
transition regime of PBD. Owing to the kinetic nature of this transition, the
transition regime encompasses several orders of magnitude of relaxation
times. According to the time-temperature superposition principle, the glass-
rubber transition can be sampled by adapting the loading rate to the relax-
ation times typical for the temperature of the experiment. As a result of the

Fig. 18a–h Combined M-LFM and FMM measurements performed on a model brake
pad sample [215]; a topography; b static normal force; c,d static lateral force signals;
e,f signals of the M-LFM; g,h signals of the FMM, as measured on a sample consisting of
polybutadiene (PBD), antimony sulfide (Sb2S3) and phenolic resin (PR). High signal
values correspond to light grey values. Scan size 80 mm, scan velocity 50 mm/s. The dis-
placement modulation measurements were performed at 61.1 kHz (M-LFM) and at
59.0 kHz (FMM), respectively
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comparatively low glass transition temperature of PBD (Tg��106 �C [218]),
at room temperature the characteristic times of molecular rearrangements
are much shorter than 1 s. In contradiction to PBD, the temperature of the
glass-rubber transition of phenolic resin is above room temperature. De-
pending on the curing scheme and the concentration of the curing agent, the
onset temperature of the transition lies between 60 �C and 150 �C [219].
Consequently, the characteristic relaxation times of the phenolic resin are
distinctly larger than the cycle duration of the displacement modulation ex-
periments and the material is expected to behave in a glassy manner. This is
in agreement with the observation of a total phase shift lower than that of
PBD.

From the FMM amplitude image (Fig. 18g) it is obvious that the local
stiffness is the lowest on PBD and the highest on Sb2S3. Because the static
part of the normal load is kept constant via the topography feedback loop,
the high compliance of the rubbery PBD results in an increased indentation
depth and an enlarged tip-sample contact area. Following the adhesion mod-
el of Bowden and Tabor [150, 220], this in turn causes an enlarged lateral
force. Within this model, the friction force is proportional to both the real
area of contact and a mean lateral force per unit area, the so-called shear
strength (Sect. 3.1.4). Consistently with the conclusion drawn from that
model, both the magnitude of the static and the amplitude of the dynamic
lateral force (Fig. 18c,e) measured on PBD are larger than those measured
on the phenolic matrix.

Otherwise, the highest M-LFM amplitude is observed on the stiff particles
consisting of Sb2S3. Due to the corrugation of the surface and to the suscep-
tibility of the static lateral force for cross-talk from topography, the magni-
tude of friction force measured on Sb2S3 remains rather unclear. The M-LFM
signals, however, are much less prone to topographic artefacts and show
clear contrasts [221, 222]. This effect is caused by the sinusoidal lateral
motion of the cantilever superimposed on the linear scanning motion. Due
to the chosen frequency of excitation (f=61.1 kHz) and the modulation am-
plitude of xdyn�1 nm, the total velocity of the motion of the cantilever has
both positive and negative values. Thus, during each modulation period the
tip moves both forward and backwards and goes through a complete friction
loop. In practice, the complete elimination of the cross-talk from topography
may be achieved only if the respective lateral forces are independent of ve-
locity and if the cantilever, especially the position of its tip, is perfectly sym-
metric to its length axis.

In the case of the comparatively stiff Sb2S3, the high friction level cannot
be ascribed to the large contact area. In terms of the adhesion model, the
high amplitude of the dynamic lateral force results from a high shear
strength. This conclusion seems to contradict the low friction behaviour that
one might expect of solid lubricants. However, as shown by Singer [223], the
effectiveness of solid lubricants is determined by interfacial films rather
than the bulk shear properties of the lubricant itself. The interfacial films
can be generated during sliding. Thus, it may be inferred that during the
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mechanical polishing procedure and the SFM experiments no friction film
has been generated.

Finally, it should be noted that via increased frequencies, high shear ve-
locities can be implemented in the nanoscopic M-LFM experiment. When
applying excitation frequencies in the MHz range, the amplitude of shear ve-
locities approaches values of the order of 0.01 m/s, even for small displace-
ment modulation amplitudes of the order of some nanometres.

5.2
Thermal Diffusivity Measurements on a Model Brake Pad

The mesoscale temperature distribution occurring in a composite surface
during frictional loading depends on a set of mechanical and thermal pa-
rameters that have to be accessible when a well-directed optimisation of the
formulation of brake pads is intended. After all, the performance and the
wear behaviour of such systems are strongly dependent on the temperature
distribution occurring during operation. Hence, in addition to the mechani-
cal SFM measurements, scanning thermal microscopy (SThM) experiments
were performed with the aim of mapping the thermal diffusivity. Along with
topography, the images of thermal diffusivity are given in Fig. 19. With a
certain amount of overlapping, the sample position was translated after each
measurement. By composing the resulting set of scans, a more extended area
of the sample surface is visible (stitching). The scan range of each image was
80 mm. Owing to the comparatively large radius of curvature of the tip de-
signed for thermal measurements, the lateral resolution of the topographic
image at Fig. 19a is lower than that of that at Fig. 18a.

From the topographic composite image at Fig. 19a some hole-like depres-
sions are recognisable. Most of them can be ascribed to the pores of the phe-
nolic matrix. Similar to the mechanical contrasts, the image of thermal dif-
fusivities is disturbed in the region of severe depressions. The significant in-
crease in apparent thermal diffusivity indicates an enlarged probe-sample
contact area. In particular, this effect can be expected when the arms of the
V-shaped Pt/Rh filament representing the tip of the SThM probe touch the
side walls of the hole. From the cross-sections shown in Fig. 19 it is obvious
that the width of the respective hole is comparable to the radius of curvature
of the thermal probe. The contour of the probe was deduced from an SEM
micrograph. In contrast to concave holes, regions with a convex curvature
exhibit a reduced apparent thermal diffusivity.

Neglecting regions with severe topographic features, the thermal diffusiv-
ity is the highest on PBD and the lowest on the phenolic matrix. Compared
with the latter, the areas consisting of Sb2S3 also exhibit an increased diffu-
sivity. The ratios of the macroscopic thermal diffusivities lth/cthr of phenolic
resin, Sb2S3 and PBD are 1.0:1.7:5.3 (thermal conductivities lth�0.27, 0.25
and 0.22 W/mK [224–226]; cth is the specific heat capacity; r is the mass
density). Thus, the detected microscopic diffusivities are qualitatively con-
sistent with data originating from macroscopic measurements. Quantitative
deviations might be caused by the magnitude of the effective tip-sample
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contact area, or by the thin water layer covering the surface of both tip and
sample.

In principle, the heat conduction can occur via near-field radiation, the
gas molecules of the surrounding atmosphere, the liquid film covering tip
and sample surfaces and forming a liquid bridge, or the mechanical tip-sam-
ple contact. By means of surface roughness, the effective contact area is pre-
sumed to be much smaller than the apparent (i.e. the geometric) one
(Fig. 20).

The effective contact area rises with increasing compliance and plastic de-
formability of the contacting materials. In the case of macroscopic polymer-
aluminium junctions, the increase of thermal diffusivity with rising pressure
was demonstrated by Marotta and Fletcher [227]. According to Parihar and
Wright [228], junctions adjoining elastomeric materials are already free of
cavities for pressures as low as 0.05 MPa. Bearing in mind the low stiffness
of PBD, a close tip-sample contact and consequently a good thermal conduc-
tance have to be expected.

Fig. 19 a Topography. b Thermal amplitude signal related to thermal diffusivity, as mea-
sured on a model brake pad sample consisting of polybutadiene (PBD), antimony sul-
fide (Sb2S3) and phenolic resin (PR) [215]. High signal values correspond to light grey
values. The scanning area was shifted successively. The averaged data displayed in the
histograms result from evaluating the image marked with a white borderline. The white
horizontal bars mark the location of the cross-sections shown in the graph. This also in-
cludes the appropriately scaled contour of the thermal probe as deduced from an SEM
micrograph. The radius of curvature of the probe is similar to the lateral extension of
the hole, approximately. Scan size of single scans: 80 mm, scan velocity 40 mm/s. The
modulation of the heating current passing the Pt/Rh filament was performed at 132 Hz
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As argued by Luo et al. [229], under ambient conditions the dominant
tip-surface heat conduction is most likely through a liquid film bridging tip
and sample. Hence, the spatial resolution of thermal measurements is limit-
ed by the sharpness of the thermal probe and the thickness of the water film
on the surfaces of tip and sample. Since the lateral extension of the water
film surrounding the tip-sample contact (as given by 2r2; see Fig. 20) in-
creases with decreasing contact angle, the thermal conductance of the tip-
sample junction is expected to rise with the hydrophilicity of the surface un-
der investigation. With increasing surface roughness, the effective contact
area diminishes and the importance of water condensed in the capillaries is
supposed to increase. When operating under ambient conditions, in general
the contacting surfaces are separated by a few monolayers of water [230].
Owing to the layered structure of the mediating water film, its thermal con-
ductivity may deviate from that of bulk water [229]. Finally, due to the lubri-
cating behaviour of water layers the friction measurements are affected by
condensed water as well [231].

Under conditions of strong frictional loading, the interplay of mechanical
and thermal properties may play an important role. Via positive thermal ex-
pansion, frictional heating leads to increasing loading of the rubbing sur-
faces which in turn increases the frictional forces and the respective heating.
This kind of intrinsic amplification is commonly referred to as frictionally
excited thermoelastic instability (TEI) [232] and is considered as one of the
possible causes for the frequently observed oscillations of braking forces
[233, 234].

Fig. 20a–c Schematic representation of the thermal conductances of tip (zt), tip-sample-
contact (zts) and sample material (zs) [215]. Along with the frequency of the heating cur-
rent, the penetration depth Dth of the thermal wave depends on the thermal resistance of
the configuration. Et and Es denote the Young�s modulus of the tip and the sample, re-
spectively. The enlarged contact situations represent: a a dry and stiff; b a dry and com-
pliant; c a moist and stiff contact. a is the mechanical contact radius and r2 is the radius
of the liquid bridge. R and r1 denote the radius of curvature of the tip and of the liquid
meniscus, respectively
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6
Nanolithography

6.1
Mechanical Lithography on Polymer Surfaces

Using lithography in contact mode the surface is modified by increasing the
applied normal load during the scan. The tip indents the sample and
scratches the surface. This lithographic method is called also static plowing.

Contact mode lithography has been applied most of all to hard materials:
mica [235], semiconductors [236, 237] and metals [238–240]. Langmuir-
Blodgett films [241, 242] and thin polymer films [243–251] can also be
structured in contact mode.

Performing contact mode lithography on polymer films presents several
drawbacks. First of all, only thin films (5–25 nm) on hard substrates can be
modified. In addition, the scanning of the modified surface can be per-
formed only with small forces, and hence with a reduced spatial resolution.
If the force is too large (the threshold depends on the polymer and on its
thickness), the polymer will be further modified. The only solution is to
scan the surface after the modification in another mode. However, there is
another serious drawback: the torsion of the cantilever during the lithogra-
phy process generates irregularities in the profile of the edges. For this rea-
son the direction of the lithographed lines is limited to a certain range
around the axis of the cantilever [252, 253].

Due to the numerous problems of contact mode lithography, several re-
searchers have tried to modify this technique and to perform lithography by
modulating the force between tip and sample. The first lithography experi-
ment pioneering this technique is that of Jung et al. [253]. The authors make
a comparison of three different techniques (force-displacement curves, con-
tact mode and a dynamic technique). The authors claim that a modulation
of the contact force is necessary in order to eliminate the irregularities in
the topography of the lithographed structures that are caused by the torsion
of the cantilever and by stick-slip. Such a modulation is obtained by scan-
ning the sample vertically with a frequency of 4 kHz. This method is very
different from a real tapping mode lithography. As a matter of fact the reso-
nance frequency of the cantilever is normally very much larger, and the
transfer of oscillations to the cantilever depends on the stiffness of the sam-
ple. For this reason the energy transfer is generally not very efficient, and
differences in the modification process cannot be excluded.

Magno and Bennett [236] have modified the contact mode lithography by
giving an audio frequency signal to the dither-piezo only when the sample
has to be modified. The advantage of this method is that the topography can
be acquired or modified without changing the scanning mode.

Another group of experiments [254–256] was intended to perform lithog-
raphy in tapping mode. Even if these techniques are very similar to Dynamic
Plowing Lithography, they are, strictly speaking, not exactly the same, and
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will be reviewed here. The increase of the force between tip and sample is
obtained by giving an additional signal to the dither-piezo. This signal makes
the tip approach to the sample. The authors point out once more that,
thanks to this technique, the irregularities in the topography of the litho-
graphed structure can be eliminated.

6.2
Dynamic Plowing Lithography

6.2.1
State of the Art

Dynamic plowing lithography (DPL), i.e. the lithography technique in tap-
ping mode in which the force between tip and sample is increased by sud-
denly increasing the amplitude of the cantilever oscillations, has been devel-
oped by Klehn and coworkers [257–260]. The topography of the sample is
acquired with a normal, small amplitude of the cantilever oscillations. When
the amplitude is increased, the feedback makes the sample approach to the
tip, in order to keep constant the oscillation amplitude, and the tip indents
the sample.

The transfer of a certain pattern on the surface can be performed in vector
mode or in scanning mode. In vector mode, the software provides a set of
commands that permits one to write lines of arbitrary length and direction
with defined scan speed and oscillation amplitude. In this mode the whole
surface is previously scanned without performing lithography, i.e. with small
oscillation amplitude, in order to acquire the topography. In vector mode
the hysteresis of the piezoactuators has an important effect, and the pattern
can be transferred exactly only with closed-loop microscopes. The scanning
mode is a synchronisation of the raster scan mode with the desired pattern.

DPL presents the following advantages:

1. In DPL, thanks to tapping mode, it is still possible to image and structure
soft samples with relatively low forces using cantilevers with higher spring
constants.

2. In DPL, it is possible to eliminate the irregularities of the topography of the
modified structures that are one of the major problems of contact mode
lithography.

3. In DPL, it is possible to indent a surface and immediately image the inden-
tation, taking advantage of the backward scanning image. This in-situ imag-
ing ability eliminates the need to move the sample, to change tips, to relo-
cate the area for scanning or to use a completely different instrument to im-
age the indentation.
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6.2.2
Experimental

A schematic representation of the experimental set-up necessary to perform
DPL is given in Fig. 21. DPL is a lithography technique, in which the micro-
scope is operated in tapping mode (see Sect. 2). When the microscope is op-
erated in tapping mode, the cantilever driven by a dither piezo vibrates near
its resonance frequency. In conventional tapping mode the amplitude of the
oscillations is chosen so that the tip of the cantilever taps intermittently the
sample surface. In dynamic plowing lithography, modifications of the sam-
ple are obtained by increasing the modulation amplitude applied to the
dither piezo that drives the cantilever oscillations. By increasing the oscilla-
tion amplitude the sample is moved nearer to the tip and the tip is likely to
indent the sample surface, producing elastic and plastic deformations. The
oscillation amplitude is changed by means of the function generator that
controls the voltage given to the dither piezo.

The oscillation amplitude values are encoded in a pixel image called the
mask. The signal used to write, Vw, is roughly a 20-fold factor larger than
the signal used to read, Vr. Thus, when the cantilever is far from the surface,
the writing free oscillation amplitude, Awf, is 20-fold larger than the reading
free oscillation amplitude, Arf. The efficiency of the writing process depends
on the difference Aw�Ar, where Ar and Aw are the reading and writing ampli-
tudes when the tip is close to the surface. This difference depends on
Awf�Arf, but also on the damping of the cantilever oscillations due to the in-
teractions between the cantilever and the sample. The damping depends in
turn on the set-point amplitude.

6.2.3
Results

Figure 22a shows a hole in polymethylmethacrylate (PMMA) written with a
mask containing an isolated white pixel [261]. The hole is surrounded by a
border wall of variable dimensions, higher than the unmodified surface.
Both the shape of the hole and of the border wall depend on the tip shape.
Also the position of the border wall with respect to the hole depends on the
tip, but not on the scanning direction. The hole has the shape of the tip, i.e.
a pyramid with an equilateral triangle as the base.

Figure 22b shows the dependence of the depth DDPL and of the width W of
the hole (height of the equilateral basis) on the voltage ratio Vw/Vr. The
depth and the width of the holes are proportional to Vw/Vr, as expected.

Figure 23 shows the dependence of the volumes on Vw/Vr. Two volumes
have been measured: the volume of the holes, i.e. Vneg, and the volume of
the border walls, i.e. Vpos. The volumes follow a cubic law. The volume of
a pyramid with an equilateral triangle as basis is given by
V ¼ 1

4
ffiffi
3
p S2

HDDPLffi 0:14S2
HDDPL, where SH is the length of the side. Using the

measured experimental quantities SH, DDPL and V, the calculated proportion-
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ality factor between V and SH
2DDPL is r=0.16€0.02. This confirms that the

convolution with the tip shape does not alter the shape of the holes, even if
it may engender a certain error in the determination of the dimensions.

For Vw/Vr<10 no modification is obtained. For Vw/Vr=25, Vneg is approxi-
mately equal to Vpos. For higher modulation amplitudes Vpos is very much
larger than Vneg. The elasto-plastic response of the sample can be described
by means of the parameter

Fig. 21 Schematic representation of the set-up for DPL in scanning mode. The values of
the amplitude of the cantilever oscillations are encoded in the mask and given to the
dither piezo through the function generator. An example of mask, containing the first
tercet of the Divine Comedy of Dante Alighieri (Midway upon the journey of our life /
I found myself within a forest dark, / for the straightforward pathway had been lost.
Translation of H. W. Longfellow), is shown in the lowest part of the figure: white pixels
correspond to large oscillation amplitudes, causing the tip to indent the sample, and
black pixels correspond to small oscillation amplitudes. On the right, the result of the
sample modification (scan width 5 �m) is shown
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yV¼ 1�Vpos

Vneg
ð16Þ

In conventional indentation and cutting processes 0<yV<1, with yV=1
(Vpos=0) for ideal microcutting and yV=0 (Vpos=Vneg) for ideal microplowing.
DPL is characterized by �6<yV<�2 for Vw/Vr<25 and by �10<yV<�6 for
Vw/Vr	25.

Fig. 23 Dependence of the volume of the holes Vneg (full circles) and of the border walls
Vpos (open circles) on Vw/Vr. Both volumes follow a cubic law. For Vw/Vr<10 no modifica-
tion is obtained. For Vw/Vr�25 Vneg is approximately equal to Vpos. For higher modula-
tion amplitudes Vpos is very much larger than Vneg

Fig. 22 a A hole written in PMMA with a mask containing an isolated white pixel (scan
width 600 nm, z scale 104 nm, 60�60 pixels). b Width (full black circles) and depth
(open circles) of the carved holes as a function of the writing modulation amplitude
Vw/Vr . Both dimensions are proportional to the modulation amplitude
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As already stated, the convolution with the tip shape may cause a false de-
termination of the volumes. However, the tip topography can be corrected
through a blind reconstruction [262, 263]. The corrected images give larger
values for Vneg and smaller values for Vpos, but, for Vw/Vr	25, yV<0.

In other words, depending on the scanning parameters, but above all de-
pending on the given writing voltage Vw, the total volume can be increased.
Reasons for an increase of the total volume will be discussed in Sect. 6.4.

Other parameters can be varied, for instance the number of contacts N
between the tip and sample surface during the lithography. In order to tune
this parameter holes have been written with different scan speeds at different
writing voltages [261]. The linear dimensions of the holes increase linearly
with the number of contacts, until they reach a plateau, whose height de-
pends on the writing voltage Vw. The hole is carved during the first 40 or 50
contacts; during the successive contacts, the polymer is further compressed,
so that the depth increases, but the width shows only little increase. When
the voltage Vw is large enough, holes can also be obtained with only seven
contacts. Also the border wall of the holes is already created at the beginning
of the lithography process, during the very first contacts. For N<20, Vneg
and Vpos are quite the same but, as the number of contacts is increased, the
positive volume becomes much bigger than the negative volume.

The shape of the lines written with DPL can be observed in Fig. 24: the
tip embosses a groove surrounded by border walls. The depth of the lines
and the height of the border walls are in agreement with the experiments
with single holes. Depending on the tip, it is possible to write 3 nm deep and
30 nm wide lines [264].

Lines can be written only perpendicular to the fast scan direction. Also
the carving of large uniform surfaces, e.g. large stripes or squares, presents
some problems [264]. Instead of carving, e.g. a stripe, the tip cuts a groove
at the beginning of the stripe and a border wall is present at the end of the
stripe. This border wall is the border wall of the line written at the begin-
ning, but carried by the tip to the end of the stripe. In other words, the tip
carves the surface only at the beginning of the region that should be written.
This is due to the interplay between lithography and feedback. The increase
of the oscillation amplitude can be considered as a disturbance for the feed-
back. The feedback has a finite reaction delay. Due to this delay, at the be-
ginning the feedback does not change the position of the sample. After this,
the feedback can slowly adjust the tip-sample distance in order to decrease
the cantilever oscillations. Hence, deep indentation occurs only at the very
beginning [264]. The fact that the feedback is antagonistic to lithography ex-
plains not only why stripes or squares are written only at the beginning, but
also why horizontal lines cannot be written. An horizontal line is a sequence
of “disturbances” along the fast scan direction, while a vertical line consists
of only one “disturbance” for each scan line. Only in the first case does the
feedback “have the time” to react to the increase of the oscillations.

Since uniform surfaces cannot be written by transferring a large uniform-
ly white surface in the mask, such surfaces must be written without feed-
back. This presents some problems anyway because of the possible irregular-
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ities in the topography of the film. Another way to circumvent this problem
is to carve a surface by writing sequences of overlapping holes (pulse train)
[261]. Figure 25 shows two squares written with overlapping holes and dif-
ferent density of the holes, i.e. different distance between the holes. Each
hole is the result of more than 200 contacts. The insets show the Z profile
along the white lines. In the first square the holes overlap only partially. It is
evident that only the first (left) vertical line and the last horizontal line pres-
ent deep holes. This can be explained as follows. When the first horizontal
line is written, the tip carves holes and a border wall is created below the
hole and at its right side. When the second horizontal line is written, the
holes overlap with the border wall of the already carved holes. The polymer
molecules in the border walls of the holes are partly compressed and partly
shifted to the right and the reached depth of the holes is smaller. Further-
more, depending on their position, the new border walls may partially fill
the already carved holes. Since the border wall is created only below each
hole and at its right, only the holes in the first vertical line on the left-hand
side can reach the full depth, and these holes are not filled again by the bor-
der walls of new holes. Also the holes in the last horizontal line are not filled
again. Thus, the first vertical line on the left-hand side and the last horizon-
tal line result in more depth. At the right of the square a high border wall is
created, because a part of the border walls is shifted to the right. When the
squares are written with higher density, they present the same features: 1)
the left and the bottom parts of the square are deeper; 2) the border walls of
the single holes are accumulated at the right and below the square; 3) not all
the material of the border walls of the single holes can be shifted to the right
or below, and some material stays inside the square. The resulting structure
is a rather uniform depression, with the left vertical side and the bottom

Fig. 24 Three lines written in PMMA with Vw/Vr=10. The lines are 40€3 nm, 38€4 nm
and 37€2 nm wide, and 3.4€0.4 nm, 3.4€0.3 nm and 3.4€0.3 nm deep (scan width 3 �m,
z scale 5 nm, 500�500 pixels). The inset shows a zoom at the beginning of the middle
line

158 Martin Munz et al.



horizontal side deeper than the rest, and a large and tall border wall at the
right and below the square.

DPL has been proved to be an efficient tool to modify and structure
polymer surfaces, permitting one to circumvent the numerous drawbacks
of contact mode lithography. The antagonism between writing process and
feedback can be eliminated by carving surfaces through overlapping holes
(pulse-train). On the other hand, DPL leads to the formation of undesir-

Fig. 25 Two squares written with masks containing alternating white and black pixels
(pulse train) of different density. The first square has been written with a distance be-
tween two subsequent white pixels of 62 nm. The surface cannot be carved uniformly, as
it can be seen in the height profiles on the right. Only the bottom horizontal side pre-
sents deep holes. The second square (distance between two subsequent white pixels of
19 nm) is more uniformly carved, even if the left vertical side and the bottom horizontal
side are deeper. In the second case, a large and tall border wall on the right and above
all under the square can be observed. This border wall is made up of the border walls of
the single holes, that have been partially carried out by the tip. Some residues stay in-
side the squares, and only the deeper regions are free from residues. The three height
profiles are taken inside the square, in the deeper bottom horizontal side, and on the
border wall. For the first image the scan width is 1.7 �m, the z scale is 33 nm, and the
resolution 500�500 pixels, for the second image the scan width is 1.3 �m, the z scale is
109 nm, and the resolution 80�80 pixels
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able very high and large border walls. The structure and the properties of
these border walls will be analysed after comparing DPL with another
lithographic technique, namely force-displacement curves indentation
(FDI).

6.3
Force-Displacement Curves and Force-Displacement Curves Indentation (FDI)

6.3.1
State of the Art

A short introduction on force-displacement curves can be found in Sect. 2.
A more detailed review about force-displacement curves and their applica-
tion is given in [6]. In this section we will focus our attention on the use of
force-displacement curves as a lithography tool in comparison to DPL.

The use of force-displacement curves as a lithography tool presents two
important drawbacks:

1. Since force distance curves cannot be acquired with any frequency (the nor-
mal frequency is 1 Hz; above 3–4 Hz oscillations may engender several im-
portant artefacts), the acquisition of force-displacement curves is very time
consuming, when compared with other methods.

2. Since each force-displacement curve comprises normally 200 points, data
files are 200-fold larger than in contact mode or in DPL.

Since the first experiment, where Bhushan and Koinkar [265] have mea-
sured the hardness of silicon with a modified SFM, researchers have been
using force-displacement curves more for the determination of certain sam-
ple properties, e.g. hardness and stiffness, than for the structuring of sur-
faces.

Only in the last three years have some researchers begun to pay their at-
tention to the structured surface and to parameters influencing the lithogra-
phy with force-displacement curves (FDI) [266–268]. The big advantage of
FDI is the possibility of gaining knowledge about the whole indentation pro-
cess: during FDI, the force and the indentation are known at every point,
and not only stiffness and hardness, but also other important properties
such as density, elasto-plastic behaviour, adhesion, time behaviour, etc. can
be measured and calculated.

6.3.2
Results

Our method for the acquisition of force-displacement curves is described in
details in [32]. Force-displacement curves are acquired following the surface
profile and the sample is indented until a maximum force Fmax is reached.
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Figure 26 shows a hole carved with FDI (a) and the dependence of the
depth of the holes DFDI on the maximum force Fmax (b). Holes written in FDI
are a replica of the form of the tip. Also in this case the holes are surrounded
by a border wall that is smaller than the border walls of the holes written in
DPL.

Since the force-displacement curve contains information about the whole
indentation process, the elastic deformation of the sample can be measured
and used to calculate the stiffness S=dF/dh at h=hmax, where F is the force
and h is the indentation. As already explained in Sect. 3.1.1., in order to re-
late the stiffness to the Young�s modulus, it is necessary to make assump-
tions about the contact area. The depth of the permanent indentation (plas-
tic deformation), i.e. the depth DFDI shown in Fig. 26b, and the maximum
indentation (sum of the plastic and of the elastic deformation) can be used
to calculate a parameter that describes the relative weight of the elastic and
of the plastic response.

The dependence of the DFDI on the number of cycles, i.e. on the number
of indentations repeatedly performed on the same point (Fig. 27), is in
agreement with the results obtained for DPL [263]. As in DPL, the depth
reaches a plateau after 40–50 cycles, and the plateau depends on Fmax.

Since both DFDI and DDPL depend linearly on Vw/Vr and on Fmax respec-
tively, it is possible to establish a correspondence between the result of DPL
and of FDI, i.e. to find an expression for the effective force exerted on the
sample surface during DPL. The conversion obtained by putting DFDI=DDPL
depends of course on the particular experimental set-up, but the order of
magnitude and the procedure used to determine the correspondence have a
general significance [263]. This effective force has only a parametrical mean
and cannot be used to calculate the stiffness and to derive an approximated
Young�s modulus, because the Young�s modulus of polymers depends on the
frequency w of the applied force. Such a dependence is usually represented

Fig. 26 a A hole written in PMMA with a single force-displacement curve (scan width
600 nm, z scale 142 nm, 60�60 pixels). b Depth of the carved holes as a function of the
maximum force Fmax. The depth is proportional to the maximum force
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through a complex modulus E*(w)=E1(w)+iE2(w) [269]. The real part E1
(storage modulus) defines the energy stored in the specimen, the imaginary
part E2 (loss modulus) defines the dissipation of energy. At low frequencies,
the polymer is rubber-like and has a low modulus E1. At high frequencies,
the polymer is glassy and has a larger E1. At intermediate frequencies the
polymer behaves as a viscoelastic solid, and its modulus E1 increases with
increasing frequency. The viscoelastic region is characterized by a maximum
of the relaxation-time spectrum H(t). H(t) depends on the temperature and
on the molecular weight and for highly dispersed polymers only a rough es-
timation of H(t) can be provided. Both polymers employed in the present
work have a glass temperature TG of about 110 �C. So, at room temperature,
they are in a glassy state both in FDI and in DPL, and their Young�s modulus
does not differ considerably in the two methods. However, for other poly-
mers, or at other temperatures, these could be up to two orders of magni-
tude larger in DPL than in FDI. In particular, for PMMA, the viscoelastic re-
gion is localized between 10 and 104 Hz [270, 271]. The modification in FDI
occurs at 1 Hz, whereas the modification in DPL occurs at 1.5·105 Hz, so that
E is typically two orders of magnitude larger in DPL than in FDI.

Hence, when a hole of the same depth is obtained with the two methods,
the force applied in DPL could be much greater than the force applied in
FDI. The Young�s modulus at higher frequency cannot be measured with
force-displacement curves in an approximated way because no force-dis-
placement curves can be acquired at this frequency.

Figure 28 shows the dependence of Vpos and Vneg on Fmax for holes ob-
tained by means of FDI. Also in this case the volumes follow a cubic law.

For the nanoindented holes, Vpos and Vneg are quite the same, whereas, for
the holes carved by means of DPL, Vpos is bigger than Vneg (see Sect. 6.2.3).
When the volumes are plotted vs the effective force calculated by means of
the depth of the holes, the two plots of Vneg overlap, but not the two plots of
Vpos.

Fig. 27 Dependence of the depth of the carved holes on the number of cycles. The depth
increases and reaches a plateau, whose height depend on Fmax
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It has been proved that the increase of volume (Vpos>Vneg) is due to the
particular lithography method [263]. Holes have been carved by indenting
the sample up to a fixed force Fmax (as in FDI), but adding an oscillation of
increasing amplitude. The volume of the border walls increases with the am-
plitude of the added oscillation, whereas Vneg stays nearly constant. Only for
small amplitudes of the added oscillation the two volumes are the same. This
experiment proves that the fast oscillations of the tip in DPL are responsible
for the production of a border wall, whose volume is bigger than the volume
of the holes. When such oscillations are not present, as in FDI, VnegffiVpos,
i.e. the material that makes up the border wall is simply the material that
has been carved out from the holes by the tip. When, as in DPL, fast tip os-
cillations are present, at least a change of the density of the polymer must be
assumed, in order to explain the increase of the volume. Such a change of
the density of the polymer could in turn be caused and/or accompanied by
changes in the free volume of the polymer or by chemical reactions of the
polymer chains.

6.4
Insights into the Process of Surface Modification

In order to characterize the material in the border walls and to study its
physico-chemical properties, force-displacement curves have been acquired
on a surface where rectangles with large border walls, like the second square
in Fig. 25, had previously been written [272].

Figure 29 shows the result of such a measurement. Figure 29a is the to-
pography of the lithographed surface, acquired with force-displacement
curves. In the bottom part of the figure, three typical force-displacement
curves can be seen, acquired at the locations indicated in Fig. 29a. Approach
(withdrawal) curves are plotted with full (open) circles.

Fig. 28 Dependence of the volume of the holes Vneg (full circles) and of the border walls
Vpos (open circles) on Fmax. Both volumes follow a cubic law. For Fmax<1 �N no modifica-
tion is obtained. For all larger maximum forces the two volumes are approximately the
same
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The first curve (1) was acquired on unmodified PMMA. The most impor-
tant feature is the hysteresis between the contact lines, due to the plastic de-
formation of the sample [6, 273]. The importance of this quantity can be un-
derstood by comparing this curve with the second curve (2), acquired at the
left end of a rectangle, i.e. where no residues of the border walls are present.
In this curve, no hysteresis is present. This means that the sample behaves
ideally elastic. An ideally elastic sample, even if it undergoes a deformation
during the approach, regains its shape step by step during the withdrawal,
so that the loading and unloading curves, i.e. the approach and withdrawal
contact lines, overlap. On the other hand, if a sample is not able to regain its
shape, at a given displacement the unload forces are smaller than the load
forces. Unmodified PMMA is plastically deformed by the tip during the
loading curve, whereas the PMMA at the left end of the rectangles, already
compressed during DPL, cannot undergo a further plastic deformation.
Force-displacement curves are able to sense the difference in density be-

Fig. 29 a Topography acquired through force-displacement curves of a PMMA sample,
where 16 rectangles with large border walls had been previously written (scan width
7 �m, z scale 350 nm, 200�200 pixels). The numbers show the location of the force-dis-
placement curves plotted in the bottom of the figure. The white line shows the location
of the points on which the hysteresis has been calculated. b Hysteresis between the con-
tact lines of the approach and of the withdrawal curve. Regions (a) are the unmodified
surfaces, with small hysteresis, in regions (b) the polymer is compressed and the hyster-
esis is very small, in regions (c) (residues of the border walls of the single holes inside
the squares or large border walls outside the squares) the hysteresis is very much larger
than in the other regions. In the bottom part of the figure, three curves representative of
the three regions are plotted: a curve on unmodified polymer (1), a curve on com-
pressed polymer (2), and a curve on border walls (3)
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tween the two regions. The compression, and hence the hysteresis, becomes
larger on the residues of the border walls inside the rectangles (curve 3).

Also the curvature of the loading curve is an indication of the presence of
a compressible material. The third curve in Fig. 29 can be fitted with a func-
tion in the form F=F0+az2 without any linear term, whereas the second
curve can be fitted with a linear term. This means that, when the tip is
placed on the residues of the border walls inside the rectangles, it pushes at
the beginning on a soft material that becomes stiffer and stiffer as the tip
compresses it. Consequently, the slope of the loading curve goes from 0
(very soft material) to kc, i.e. the elastic constant of the cantilever (very stiff
material).

The unloading curve always has a slope equal to kc. This means that the
low density material (residues of the border walls inside the rectangles or
large border walls outside the rectangles) has been completely compressed,
the tip has indented it, carving a hole, and has reached the underlying un-
modified PMMA. Therefore two parts of the contact region can be distin-
guished: a part with hysteresis, corresponding to the indentation of the low
density material and showing a plastic response, and a part without hystere-
sis, corresponding to the contact with the unmodified PMMA and showing
an elastic response.

Figure 29b shows the work of plastic deformation Ap, or hysteresis of the
contact lines, i.e. the area between the approach and the withdrawal contact
lines, along the white line of Fig. 29a. Three different regions can be distin-
guished: the unmodified PMMA (a) with Apffi4�10�5 nJ, the compressed re-
gion at the left end of the rectangles (b) with Apffi1�10�5 nJ and the low-den-
sity PMMA (c), i.e. residues of the border walls inside the rectangles or bor-
der walls outside the rectangles, with 6�10�5 nJ<Ap<14�10�5 nJ.

Several approach curves, e.g. curve 3, present a periodic curve superim-
posed on the contact line. Such a modulation has been interpreted through a
simple model [272]. The border wall can be seen as a pile of globular PMMA
cluster-like structures. At the beginning of the loading phase, the tip pushes
on one of these globular structures, and the force increases while the tip de-
forms and/or removes the cluster. Once the cluster has been removed, the
force decreases until the tip meets another particle. This process is repeated
several times. Also withdrawal curves on high border walls show a periodic
curve superimposed on the unloading curve [272].

Several other proofs of the different density of the modified and unmodi-
fied polymer have been collected [263, 272]:

1. Modified and unmodified PMMA have different adhesion with the tip in air.
The larger values of the adhesion on the low-density material are due to the
different stiffness of the polymer structures. Since border walls and border
wall residues are very soft, they are able to wrap up the tip, increasing the
contact area and the adhesion.

Materials Contrasts and Nanolithography Techniques in Scanning Force Microscopy (SFM) 165



2. When force-displacement curves are acquired with Fmax<1 �N, holes are
carved only on the border walls. This is due to the different hardness and to
the different density of the polymer.

3. In contact mode images in water only the border walls are dragged away,
because they are softer and not very well anchored to the bulk PMMA.

Border walls can be selectively solved by dipping the sample in a solution
of acetone in water for about 10 min. This is due to the fact that the border
walls are not very well anchored to the bulk PMMA and to the lower density
of the border walls, allowing the solvent to penetrate into the polymer. This
procedure has been used for the fabrication of sub-micrometre structures of
the ferroelectric copolymer polyvinylidenefluoride/trifluorethylene (P(VDF-
TrFE) (for more details on the material and the sample preparation, see
Sect. 7.6). The polymer was lithographed with a “chess board”-like struc-
ture, where the white fields consist of “pulse-trains” producing overlapping
holes. Figure 30a shows the result. For “developing” the polymer film, in the
sense of common photolithography, the surface is subsequently to DPL im-
mersed in methylethylketone for 10 s at room temperature. Imaging the
same area afterwards reveals that only the modified areas are selectively dis-
solved (Fig. 30b). Figure 30c shows the cross sections (black lines in
Fig. 30a,b) of the topographic images before and after the development step.
The depth of the etched areas equals the film thickness (~70 nm) measured
by scratching the film before. Therefore, we conclude that DPL is able to
etch the film down to the substrate. For testing the size limits for the small-
est structures, we reduced the scan area and used a mask containing isolated
features. In Fig. 31 the smallest fabricated polymer dots, having a full half
width diameter of around 250 nm, are shown. Further size reduction failed
due to the bad adhesion of the polymer dots to the underlying gold sub-
strate. Such a micromachining of three-dimensional polymeric structures
can be important for the application in micro-electro-mechanical systems
(MEMS) or sensors and has attracted much interest in the last few years
[274–276].

DPL causes changes not only in the density of the lithographed polymer,
but also in its chemical nature. In order to confirm this supposition, mea-
surements using both SFM and other techniques have been performed.

Differences in the chemical nature of regions of the sample can be high-
lighted through measurements of the adhesion in water (see the review arti-
cle by J. Vancso, contained within this volume). The adhesion in water, mea-
sured on lithographed squares like the ones in Fig. 29 is not influenced by
the meniscus force [6] and, since the interaction force is very much smaller
and the tip does not need to indent the surface, it is also not influenced by
the density of the sample.

The adhesion on modified and unmodified PMMA in water is the same.
Since border walls are quite flat, cross-talk phenomena between adhesion
and topography [6, 277, 278] are observed only on the border of the squares
and of the border walls, where the steep edges lead to a change of the contact
area and hence of the adhesion.
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Figure 32 shows the histograms of the jump-off-contact force on modified
and unmodified polystyrene (PS). It is evident that the jump-off-contact
force on modified PS is smaller than on unmodified PS (the mean force is
5.8 nN for unmodified PS and 2.3 nN for modified PS).

Fig. 31 Topography of the smallest fabricated polymer dots (scan width 970 nm, z scale
35 nm, 100�100 pixel). The full half width diameters are ~250 nm

Fig. 30a–c Topography: a before; b after developing the polymer film by immersing the
surface for 10 s in methylethylketone at room temperature; c cross sections of both to-
pographies (black lines) reveal film etching down to the gold substrate (scan width
20 �m, z scale 166 nm (a) and 175 nm (b), 500�500 pixel)
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The smaller adhesion on modified PS can be explained only through a
change in the hydrophilicity of the polymer, caused by chain scission fol-
lowed by oxidation. During DPL, the fast oscillating tip repeatedly contact-
ing the surface is able to break the chains. Such a chain scission leads to the
creation of hydrophilic groups that change the total hydrophilicity of the
sample. On PMMA, that is already hydrophilic, the number of new hy-
drophilic groups created by DPL represents a small percentage of the total
amount of hydrophilic groups and the adhesion of PMMA to the tip in water,
that is already very small, becomes certainly smaller, but the slight differ-
ence between the two histograms does not permit them to be sorted out. On
the other hand, PS is hydrophobic, and the small number of hydrophilic
groups created by DPL has a dramatic effect on the total hydrophilicity of
the sample surface, further enhanced by the fact that the new hydrophilic
end-groups will dispose themselves on the surface, in contact with water.
This means that on unmodified PS the tip comes in contact with a hydro-
phobic surface, leading to a particularly large adhesion [6, 279–282], but on
modified PS and on border walls it comes in contact mainly with hy-
drophilic end-groups, and this leads to a smaller adhesion. The difference is
large enough to single out the two histograms.

The comparison between the two techniques has shown that DPL is more
flexible than FDI (any kind of pattern can be transferred on the surface) and
less time consuming. On the other hand, very high and large border walls
are produced in DPL. The analysis of the properties of these border walls re-
veals that DPL causes changes in the physical (density) and chemical (length
of the chains) properties of the polymer.

FDI is preferable to DPL when a modification of the topography of the
sample with a simple pattern is desired. However, DPL has a lot of advan-
tages when the pattern is more complicate. Additionally, DPL can be used in

Fig. 32 Jump-off-contact force on previously lithographed PS. The adhesion on modified
PS is smaller than the adhesion on unmodified PS, due to the presence of hydrophilic
groups created by DPL
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order to change locally the physico-chemical properties of the sample, and
to obtain, for instance, structures with smaller density than the unmodified
polymer, or hydrophilic structures in a hydrophobic sample.

7
Materials Contrasts of Electric Properties

7.1
Motivation and Introduction

Experiments on electrical materials contrasts are important because very of-
ten the mechanical properties of two polymers are similar and the polymers
cannot be distinguished by the use of mechanical contrasts, e.g. stiffness
and friction. Since classical polymers are generally insulators, one would ex-
pect SFM-measurements of the electrical properties of polymers to be fo-
cused just on contrasts of the dielectric constant (DK). However, the as-
sumption that only the dielectric properties of polymers are analysed with
SFM techniques is not true. Of course, there are still applications of new
polymer insulators, e.g. the low-DK materials for microelectronic devices,
requiring measurements of the dielectric constant on a small scale, but con-
ductivity measurements by means of SFM are essential for new polymeric
conductors as key components of organic solar energy conversion cells and
organic light emitting diodes (oLEDs). Hence, lots of SFM methods to deter-
mine electrical properties, such as conductivity, dielectric properties, charge
build-up or charge migration, polarisation, carrier injection etc., are already
important in the field of polymer analysis. Nanoscale materials are mainly
defined by the interface and its properties, which makes a microscopy tech-
nique essential for their investigation. Hence, electrical methods in SFM are
of increasing importance. The very complex charge transfer in nanoscale
materials is based on incoherent carrier transport mechanisms across and
along the interfaces, and it determines the macroscopic properties of the
nanoscale materials [283].

Using an SFM-type microscope, measurements of electrical properties
have to be performed either in contact mode, i.e. with the conductive SFM
tip being in mechanical contact with the surface, or in non-contact mode, a
dynamic mode with vibrating cantilever, or in the so-called lift mode, where
a line is repeatedly scanned with a chosen and controllable tip-surface dis-
tance. Contrasts of capacitance, dielectric constants or potentials can be
achieved both in the contact and in the non-contact mode, and the quality
of the result is not influenced by the sensitivity of the chosen instrument
alone. All the sample properties (most of all sample thickness and size)
affect the sensitivity of both methods, so that the prediction of the most suc-
cessful technique is not always possible.

The overview of the literature [284] should start with polymers and poly-
mer-related materials like composites. However, for electrical properties a
lot of pioneering experiments were done in the field of semiconductors, ce-
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ramics or carbon nanotubes. So, even if we would like to focus the literature
review on polymers, the semiconductor-based problems and the industry
behind semiconductors are the driving motor for nearly all experimental
and theoretical development over the last decades in this SFM field and can-
not be ignored [285–288].

After an overview over the experimental techniques and results from the
literature (Sect. 7.2) and some words about technical aspects and our experi-
ence concerning problems with some materials (Sect. 7.3), the experiments
of the authors can be outlined as follows: first, measurements of ohmic and
capacitive currents in the contact mode are described (Sect. 7.4), followed by
a description of some surface charge measurements in the non-contact
mode (Sect. 7.5). The chapter closes with some experiments to probe elec-
tro-mechanical properties by the use of piezo response microscopy
(Sect. 7.6) with its own brief literature overview. All three experimental parts
are opened by a short introduction to the SFM techniques implemented in
our lab.

7.2
Literature Overview

The first and best known near-field technique to measure electrical proper-
ties in the nanoscale is of course Scanning Tunnelling Microscopy (STM).
Since its invention by Binnig et al., STM has been used to explore the mech-
anisms of lots of phenomena on surfaces [289–294], ranging from experi-
ments concerning the local work function to the use of an STM-tip to induce
electropolymerisation [295]. Most of all, STM provides us with atomically
resolved images of the surface structure.

The problem with STM appears if the surface is contaminated with in-
sulators or if the sample is only partially conductive. Conductivity SFM
(c-SFM) has the following main advantage over an STM: the feedback does
not depend on a tunnelling process through a conductive surface but only
on repulsive forces between a tip and any solid surface. For c-SFM measure-
ments, an electrical circuit is closed between a conductive tip and cantilever,
a voltage source (a.c. or d.c.), a current measuring unit (preferably a cur-
rent-to-voltage converter), the back electrode of the sample and the sample
itself, on whose surface the tip is performing a scan. The disadvantages of c-
SFM with respect to STM are the lower achievable scan speed, the higher
sensitivity to mechanical noise and the increased complexity of the experi-
mental set-up. A special development in this field is the combination of an
STM and an SFM feedback, implemented by Battiston et al. [296], where a
fuzzy logic controller balances between an STM constant-current feedback
and a non-contact SFM constant-distance feedback to get rid of problems at
non-conductive sites.

c-SFM has been used for the analysis of semiconductors or related topics
such as quantum dots [297–309], metals, electrodes and metal filled mem-
brane pores [310–318], biological systems [319–322], organic and polymeric
systems [323–325] as well as inorganic materials like carbon fibres, carbon

170 Martin Munz et al.



nanotubes, carbon black and conductor-insulator composites [326–332].
The experiments were inspired or complemented by theoretical work and
tip-sample analysis [333–338].

In 2000, De Wolf et al. [339] gave a status report and review of two-di-
mensional carrier and dopant profiling with semiconductors using scanning
probe microscopy, additionally comparing scanning spreading resistance
microscopy (SSRM) [340–343], a technique similar to c-SFM, to scanning
capacitance microscopy (SCM). SCM started in the 1980s [344–350] by using
a capacitive sensor originally constructed for videodisc players. Three ap-
proaches to measure the capacitance can be realised:

1. A capacitance sensor [351], in general based on the resonance-peak-shift
principle, is connected to the conductive SFM tip.

2. The imaginary part current passing the sample is measured by a lock-in
amplifier (see Sect. 7.4.6).

3. A dynamic mode experiment is performed by exciting the cantilever with
an external voltage Uw sin(wt) and F2w is measured.

With SCM, sensitivity and resolution on the time scale are more than suf-
ficient to probe the influence of carrier injection and space charge relaxation
in semiconductors and conducting polymers. It turned out that, for semi-
conductors and therefore for polymers, the d.c. probing voltage in c-SFM or
SSRM may easily change the space charge distribution or polarise the elec-
trodes, leading to a modification of the carrier injection (self-blocking) and
to the migration of the dopant or of the traps. This was proved by Born and
Wiesendanger [352], who for an n-doped silicon with p-doped stripes
showed the significant changes of space charge distribution after only one
scan with a d.c.-biased back electrode. The destructive effects of the d.c.
voltage can be avoided as shown by Tomiye and Yao [353]. Both results are
important for polymer investigations due to the similarities in the band
structure and the influence of space charges and traps on the electronic
properties.

The best resolution in SCM today with zeptofarad (10�21 F) sensitivity
was realised by Tran et al. [354]. Although the dielectric properties of sur-
faces can be studied with SCM, the research in this direction has been limit-
ed to thin layers of insulating materials on conducting substrates.

The term “electrical force microscopy” or “electrostatic force microscopy”
(EFM) is used if the detection of the electrical properties like surface poten-
tial or charge is based on a force, leading to a d.c. cantilever bending or to a
change in the vibration amplitude or frequency of a vibrating cantilever.

Since Coulomb forces decay much more slowly than van der Waals forces,
an EFM experiment can be performed even without any feedback, if the
sample roughness is low compared to the tip-sample distance. Terris et al.
used this technique for the first time to investigate a contact electrification
of a metal-insulator system [355–357]. Later, further improved experiments
on contact electrification with single charge sensitivity were performed by
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Sch	nenberger and Alvarado [358–360] and Sugawara et al. [361]; the dy-
namic of the charge spreading was analysed by Wintle [362].

The Kelvin method was first described in the year 1898 by Lord Kelvin
[363] and in 1932 Zisman [364] added the a.c. technique. SFM techniques
based on the Kelvin method were reviewed 1997 in the article by Steinke et
al. [365]. Kelvin probe detection approaches in an SFM [286, 366–377] are
based on non-contact experiments using vibrating cantilevers to measure
the work function or the contact potential between a conducting specimen
and the vibrating SFM tip. In such an experimental set-up, the conductive
tip and the sample surface represent a capacitor with varying distance. Both
electrodes are connected in series via a sensitive a.c. current meter (prefer-
able a fast current-to-voltage converter) and a variable d.c. voltage source to
supply a compensation voltage. In case of an insulator sample placed on an
electrode, a dielectric material is added to the circuit and the surface and
space charges play the role of an additional contact potential. The total d.c.
voltage between the electrodes is the sum of these voltages. If the SFM tip
electrode moves periodically up and down with a frequency w, the corre-
sponding modulation of the capacity C leads to a displacement current I
which is proportional to (@C/@t). The displacement current disappears if the
d.c. potential between the electrodes is zero, i.e. if the applied voltage com-
pensates the surface potential. In this case there is no electric field inside the
capacitor, and the value of the compensating voltage is equal to the negative
value of the surface potential.

Moreover, in an SFM in the non-contact mode with a vibrating cantilever
driven by a dither piezo at the resonance frequency, the topography feed-
back which is based on the damping of the cantilever vibration or the dis-
tance-dependent frequency shift can be used to keep the average distance
between tip and surface constant, providing topography images simulta-
neously. Additionally, the compensation with the d.c. voltage can be per-
formed automatically with a second feedback unit, so that during the scan-
ning of the SFM tip over the surface it is possible to generate images of the
contact potentials or charges. A non-calibrated materials contrast, free of
the electronic noise of such a second feedback amplification, can be
achieved by just measuring the a.c. currents [378].

The detection and compensation of the a.c. current is the classical Kelvin
method; however, the resulting electrostatic forces, i.e. the corresponding
cantilever bending, can also be used to establish a potential sensitive feed-
back. If an a.c. voltage is applied between the tip and the back electrode of
the sample instead of using the dither piezo, the Maxwell stress microscopy
(MSM) [379–381] or the electrostatic force microscopy (EFM) [317, 382–
393] can be performed.

The total electrical potential U is given by

U ¼UDCþUw sinðwtÞ ¼ fþUextþUw sinðwtÞ ð17Þ

where F is the surface (contact) potential, Uext an external d.c. bias enabling
a Kelvin-type compensation and Uw sin(wt) an external excitation voltage.
The attractive force F on the cantilever can be written in the form
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F¼�1=2 U2ð@C=@zÞ ¼�1=2 ðUDCþUw sinðwtÞÞ2ð@C=@zÞ ð18Þ

where C is the capacity, and can be separated in three frequency components
FDC, Fw , and F2w as follows:

FDC ¼�1=2U2
DCð@C=@zÞ;Fw¼�UDCUw sinðwtÞð@C=@zÞ and

F2w¼�1=4U2
wð1� cosð2wtÞÞð@C=@zÞ ð19Þ

Thus, the surface potential F can be directly deduced from the cantilever
bending measured at the frequency w with the help of a lock-in amplifier, or
by implementing a Kelvin-type compensation feedback using Uext=�F, i.e.
UDC=0 and Fw=0. Several additional experimental set-ups can be realised.
For example, if the sample surface is not an insulator but electrically con-
ductive or without any materials contrast giving rise to surface charge
build-up, F2w depends only on the tip-sample distance and the dielectric
constant and charge of the capacitor, so that a topography feedback for
MSM can be realised by using the cantilever deflection measured at 2w. In
this case, 2w should be adjusted to the resonance frequency wres of the used
cantilever. Furthermore, if a standard non-contact set-up with a dither piezo
for a cantilever excitation at wres is used and w6¼wres and 2w 6¼wres, frequen-
cies for the electrical excitation can be found where a cantilever vibration
can be demodulated from the deflection signal. Hence, contrasts of the sur-
face potential and the capacitance can be deduced [394, 395]. However, the
sensitivity depends on the Q-factor of the lever at the chosen frequency and
Q is small in the off-resonance states outside the different vibrational modes
of the cantilever.

If the time consumption is acceptable and the image drift is negligible, a
scan line can be scanned twice to separate topography and electrical proper-
ties. In this case, a first scan in contact or better in a dynamic mode without
an electrical excitation is performed. The tip is lifted and for the following
second scan the z-piezo is controlled in a way that the tip follows the same
topography as for the first scan (constant tip-sample distance or “interleave”
scan). During this second line scan, one of the above-mentioned measure-
ments of electrical properties can be performed [396].

Using a cantilever with wres as a mixer, a two-frequency stimulation with
w1 (e.g. an a.c. potential at a surface electrode) and w2 (e.g. a stimulation
with chopped light) can be performed by choosing w1�w2=wres. With this or
some other heterodyne technique, experiments on the time scale of today�s
processors can be performed [287, 397–403].

Some keywords for further reading on measurements of electrical proper-
ties using the SFM are: pulsed-force mode [33, 404, 405], special SFM tips
[406–409], lithography assisted by electric potentials [244, 254, 410–426],
measurements of polarisation and water droplet manipulation [427–429] or
reading and writing of ferroelectric domains and piezoactivity [393, 430–
438].
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7.3
Technical Aspects and Technological Problems

The drawback in the experimental set-up of all electrical measurements with
the SFM is mainly due to the unshielded SFM tip and cantilever, regardless
whether contact or non-contact approaches are used. Interesting solutions
[439] for shielding the electrode are not yet on the market.

In order to be able to state that a conductive probe works, it should be
stable over at least several hours. This is principally a question of the wear
resistance of the conductive coating and additionally of its ability to with-
stand high current densities or the resulting temperature. Within the pro-
duction process one has to ensure that the very last nanometers of the tip
are conductive [440]. Conductive diamond and other commercially available
hard coatings (tungsten carbide, W2C, and titanium nitride, TiN), as well as
some other metals evaporated in our in-house production, are used in our
studies.

Figure 33 gives an overview of the upcoming problems with evaporated
metal coatings, in this case a gold coating with a thin chromium sub-layer
on silicon nitride. The temperature history during the evaporation process
can free inherent stress in the cantilever, as seen in Fig. 33a. The result may
be a formidable bending. Additionally, the mismatch of the thermal expan-
sion coefficients can bend the lever if the coatings do not have the same
thickness on both sides, which in turn can be easily assured by rotating the
cantilever during the evaporation. The metallisation may be under stress if
no suitable temperature program and choice of the thickness was used; this
stress may cause partial delamination of the coating (Fig. 33c). If, during a
conductivity measurement, the current density is too high, the gold coating
may even melt (Fig. 33b). This happens rather often because increasing the
excitation voltage is a well known way to increase the signal-to-noise ratio.
In the long run, mechanical loading will abrade the conductive coating
(Fig. 33d), and during this it is not easy to distinguish between the time de-
pendency of the conductivity of the sample and that of the conductivity of
the tip.

A deep insight into the problem of contact mechanics involved in a con-
ductivity measurement using an SFM tip can be found in the paper by Lantz
et al. [441]. In this article the contact area was derived for the case of ohmic
contacts using the Maugis-Dugdale model [104] (see Sect. 2.1). However, the
uncertainty is still related to the problem of the conductivity of the tip apex.
If a sharp tip is not absolutely necessary, a possible solution to this problem
is to add electro-chemically a copper layer to the chromium sub-layer
(Fig. 33e,f).

Additionally, problems related to resolution and reliability can occur from
the variation of the contact area. Great care has to be taken to optimise the
feedback parameters, so that the indentation depth of the tip is as constant
as possible. A recent publication [442], focussing on scanning capacitance
microscopy, adds to this list the problem of adsorbed water, present at least
at elevated relative humidity. Due to the high dielectric constant of water
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(e=80), the resolution and sensitivity are significantly altered. Taking into
account that even a small contamination of the surface can lead to a high
ion concentration, it is evident that a scanning tip has to be regarded as an
electrode surrounded by an electrolyte with a high dielectric constant.

The following sections will give an overview of our experiments with
some partially conducting and some semi-conducting samples, measured
either in the contact mode (Sect. 7.5) to obtain ohmic and capacitive cur-
rents or in the non-contact mode (Sect. 7.6) to get information about the
distribution of surface charges.

Kelvin microscopy will not be presented within these studies. The impor-
tant drawback with Kelvin microscopy is, that a second feedback is used to
compensate the d.c. potential between surface and tip. In the case of surface
or sub-surface charges on a polymer insulator, the corresponding signal is
small and a high gain is needed, though the errors within the topography
feedback induce much more pronounced responses as the electric potential
itself. In other cases (see Sect. 7.5.2.), the surface potential was much too
high to get even a stable van der Waals-dominated non-contact feedback.

Fig. 33a–f SEM images of metal coated cantilevers and tips (silicon nitride a–d, silicon
e,f) showing different failures. The base of all tips is ~4�4 �m: a cantilever bending after
evaporation with Cr and Au; b molten gold (melting point: 1065 �C) after an excessive
current density during a conductivity experiment on a carbon fibre (melting point:
1065 �C); c delamination of the metal coating due to mismatching thermal expansion;
d wear of the metal coating; e,f electrochemically copper coated silicon tips with chro-
mium sub-layer with different copper thickness
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7.4
A.C. Conductivity in the SFM Contact Mode

The first method presented here employs the SFM in contact mode. Simulta-
neous with the topography image the real and imaginary part of an alternat-
ing current are measured to get information about the local conductivity
and the dielectric constant. The SFM is provided with a current measuring
circuit (Fig. 34), consisting of an alternating voltage source and a current
pre-amplifier, and is closed over a conductive tip in contact with the sample
surface.

The amplified signal is fed into a lock-in amplifier, whose phase is syn-
chronised to the voltage source in such a way that real and imaginary parts
represent the ohmic and the capacitive current flowing through the sample.
The voltage outputs of the lock-in amplifier are analysed after analog-to-dig-
ital conversion as an image. It is worth explaining the phase compensation
procedure and the problem of parasitic capacitive currents in more detail.
The experiment starts with the tip in contact without an external potential,
in order to adjust the height position of the z-piezo. Afterwards the tip is
lifted in such a way that it just snaps off from the surface. After that, the tip
can be moved closer over a short distance in order to reduce the tip sample
distance, but it should not touch the surface. After increasing the external
a.c. potential to the desired value, the resulting current must be purely ca-
pacitive. Now the phase shift of the lock-in amplifier can be adjusted in such
a way that the imaginary part is at its positive maximum or, in other words,
that it reflects the current flowing through an ideal capacitor. If the tip is
brought into contact again, the capacitive current changes and the in-phase
current reflects the ohmic behaviour of the sample. Unfortunately, the tip
and the cantilever are not shielded, which results in a high parasitic capaci-
tance and thus a high background imaginary part. By feeding a compensat-
ing sinusoidal voltage into the subtracting input of the lock-in amplifier, or
using an adjustable a.c. bridge circuit, the parasitic a.c. current can be sub-
tracted and the lock-in gain can be increased to achieve a higher sensitivity.

Sample excitation with an alternating voltage instead of a d.c. voltage has
several advantages:

Fig. 34 Schematic diagram of the signal pathway in the contact mode SFM, enabling cur-
rent imaging of the real and imaginary part
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1. With lock-in techniques, small currents are measured with a very high S/N-
ratio, so that the current density in the tip zone can be minimised.

2. Blocking of the tip electrode by the formation of a barrier is negligible, be-
cause charge carrier accumulation is avoided. Such a blocking could de-
crease the injected d.c. current with time, giving an undesired instability
and time-dependence.

3. The most important advantage is that two physically independent proper-
ties, related to the conductivity and the dielectric constant, are measured si-
multaneously, providing much deeper insight into the materials properties.

The signal-to-noise ratio of the system enables, using an a.c. excitation
voltage, to reach the atomic resolution on highly oriented pyrolitic graphite
(HOPG) in simultaneously measured images of force interaction and current
[443]. Hence, this new technique opens a wide range of applications. Investi-
gations of carbon fibres after single-fibre pull-out from polyphenylenesul-
fide [444], partially reduced barium tetratitanate ceramics [445], and con-
ducting films plasma polymerised from 2-iodothiophene [446] are given as
examples.

7.4.1
Graphite

Freshly cleaved highly oriented pyrolitic graphite (HOPG) was used to ac-
quire atomic resolution pictures both for force and current interaction
(Fig. 35). The mean value of 234 pm for the atom spacing is larger than the
C-C binding in graphite (142 pm) and reflects the well known carbon site
asymmetry: only every second carbon atom appears as a protrusion [447].
This result is only used to prove that the method reaches good stability and
sensitivity. Since a detailed knowledge of the tip-surface distance or the con-
tact area, not available in this experiment, is necessary for all known theo-
retical evaluations, it is not possible to state whether the measured current
comes from a tunnelling process or from conductivity. The lifetime of the
metal coated tip may be shorter than a few hours due to the high mechanical
load and the high current density which are applied.

7.4.2
Electrically Conductive Ion Tracks

Diamond-like carbon (DLC) films are insulators. The transfer of the kinetic
energy from a heavy ion breaking through this film leads to a small channel
of molten and recrystallised carbon in the more stable form of graphite,
which is electrically conducting. A possible application of these conducting
ion-tracks within an insulator [448] is the generation of field emission [449–
451], e.g. for displays or other vacuum electronic devices like hot filaments,
because conducting tracks with a high aspect ratio lead to an enhancement
of the local electric field at the film surface. Such DLC films can be produced

Materials Contrasts and Nanolithography Techniques in Scanning Force Microscopy (SFM) 177



either by ion beam techniques or by plasma deposition with magnetic filter-
ing. For the film formation process, the carbon ions were implanted into the
growing film with an energy of the order of 100 eV. The films are amorphous
and contain 70–80% sp3 bonds; the film thickness is 50 nm. The sample used
was plasma deposited on highly doped silicon with the filtered arc method1.

The heavy ion irradiation of the DLC films was performed2 using Urani-
um projectiles of ~1 GeV with a dose of 1010 ions/cm2, i.e. 100 ions per �m2.
The properties of these channels were studied by means of SFM using a con-
ducting tip; both diamond and tungsten carbide coated tips3 were used suc-
cessfully.

Figure 36a shows the end caps of the graphitic filaments, looking like
small hillocks due to a density and morphology change of the material at
the ion impact site. The corresponding image of the a.c. amplitude of the tip
collected current demonstrates the conductivity through the graphitic chan-
nel, which is contacted to the a.c. voltage source via the silicon substrate.
The number of hillocks in the overview images corresponds to the applied
ion fluence. The d.c.-current between the substrate and the SFM tip as a
function of the voltage was measured by Krauser et al. [452] for a spot on an
ion-track and a spot beside the track. Assuming a track cross section of
100 nm2, the measured current at 5 V gave a current density of 104 A/cm2

and an electrical resistivity of 50 Wcm. Since the conductance of the tracks
is four orders of magnitude smaller than that of crystalline graphite, the
sample is a very imperfect graphite crystal or even partially amorphous car-
bon.

Fig. 35 Simultaneously measured: a,b topography; c,d repulsive force; e,f a.c. current
amplitude on graphite before (a, c, e) and after (b, d, f) Fourier space filtering. The
Fourier transform parameters for the inverse transformation of b are taken from the
Fourier transformation of e. Scan width 5.5 nm, 500�500 pixel, scan speed 50 nm/s, re-
pulsive force ~100 nN, a.c. excitation 3.9 mV at 102 kHz. In order to minimise the piezo
amplifier noise, a weak feedback was used and the topography contrast is smaller than
100 pm. Force contrast ~1 nN, current contrast from 5.5 to 7 nA

1 Performed in the group of B. Schultrich, FhG Dresden, Germany. The sample has been
put at our disposal by A. Weidinger, HMI, Berlin, Germany.
2 At the UNILAC (Gesellschaft f�r Schwerionenforschung GmbH, Darmstadt, Germany).
3 Supplied by Nanosensors, Germany, and NT-MDT, Russia, respectively.
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In all experiments requiring conductive tips, such samples with small
conductive channels can be used very easily to check the conductivity of the
last few nanometers of an SFM tip.

Figure 37 gives an example of two different channels, both conductive,
measured with a well conducting tip (foreground) and with a tip, which, due
to mechanical wear or a high current density, had lost its conductivity at the
very last 10 nm.

7.4.3
Carbon Fibre Surfaces

A carbon fibre (high-modulus type, diameter 7 �m) was cleaned with meth-
anol and was embedded vertically for 105 �m in the zenith of a molten drop-
let (at 290 �C) of polyphenylenesulfide (PPS Fortron 205, Hoechst). After
cooling to room temperature, the fibre was pulled out of the polymer droplet
by a piezo translator (single fibre pull-out test), measuring the adhesion
force with a force sensor [453]. The aim of the investigation on carbon fibre
composites was to study interface failure mechanisms by debonding. The in-
terface has failed at those sites, where the well conducting carbon fibre sur-
face is free of polymer coating after the pull-out. If PPS sticks on the carbon
fibre surface, the interface has a high adhesion strength and the failure is lo-
cated within the polymer matrix. Since in Fig. 38d no polymer residues can
be observed in the topography contrast after pull-out, their thickness must
be less than some tenths of a nanometer. The fibrilled structure of the fibre
does not differ remarkably from that of a clean reference fibre (Fig. 38a).
The ohmic and capacitive current can be used to calculate amplitude and
phase shift images, giving a better contrast of the remaining polymer. The
image shows that even a thin isolating film leads to a phase shift of nearly
90� (Fig. 38c,f). The second row (Fig. 38b,e) shows an electrical heterogene-
ity on the partially conducting clean fibre surface. Grains in form of prolate
ellipsoids on the parallel grooves can be found. After pull-out from PPS, the

Fig. 36 a Topography. b A.c.-current amplitude of the irradiated DLC film. Each spot is
a few nm in height and 10–20 nm in diameter. The excitation voltage is 100 mV at
51 kHz, the current is several 10 nA
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darker zones and the corresponding brighter parts indicate a non-conduct-
ing surface coverage. On the other sites the interfaces had failed during
debonding. The development of this technique led to an interesting experi-
ment of interface thickness investigations on the same system, which is dis-
cussed in Sect. 4.5.2.

Fig. 37 Topography of two conductive graphitic channels, measured with an intact tip
(foreground) and with a tip which has lost its conductivity at the very end. Scan width
65 nm, corrugation 3 nm. The local current density was encoded in greyscale colour,
where white represents the highest current, and dark grey the current below the detec-
tion level. The excitation voltage is 100 mV at 51 kHz, the current is several 10 nA

Fig. 38a–f Carbon fibre analysis: a–c before; d–f after a single fibre pull-out from
polyphenylene sulfide. Topography (z scale: 72 nm (a) and 52 nm(d)), a.c. current am-
plitude ((b) and (e): 45 nA) and current phase shift ((c) and (f): 0� to 90�) are measured
simultaneously. Excitation 2.58 mV at 102 kHz

180 Martin Munz et al.



7.4.4
Polyaniline, a Conductive Polymer

The polyaniline sample4 was doped in the microscope with a small droplet
of hydrochloric acid (HCl 37%) for 20 min, followed by a drying period of
~1 h. The phase shift of the lock-in was adjusted as already explained to
compensate the time lag of the electronics and the phase shift due to the par-
asitic capacitance. The measured conductivity and the capacitive current are
volume properties. Since a conductive path to the back electrode is neces-
sary to measure a real part current, non-conductive regions, which might be
due to inhomogeneous doping or contamination, can isolate a conductive
zone and prevent it from detection with this method. To learn about such
complex heterogeneous samples as much as possible, different modes and
material contrasts are useful, so topography, normal force (error signal),
friction, and real and imaginary parts are measured for both the forward
and backward scan. First of all, all materials contrasts in Fig. 39 show the
region doped with the HCl. The conductivity (Fig. 39e) is higher than in the
non-doped region (right part of the image), and the capacitive current is en-
hanced through the increase of the dielectric constant due to the water and/
or HCl absorption. Also the friction is different on the doped and the non-
doped regions. Additionally, some bright spots, i.e. very high ohmic cur-
rents, can be identified, as well as some weakly conducting sites. These sites
can be attributed to non-conducting contamination particles (thickness in-
fluence on the capacity) and to inhomogeneity in the sample composition.
Such inhomogeneity might be even a volume effect. The normal force shows
how much the topography image can be disturbed by an imperfect feedback.
The normal force signal can be used for analysing the quality of the capaci-
tive and ohmic current images. It is evident that the inhomogeneity is not a
feedback artefact but a real feature of the sample. Again, it is worth men-
tioning that the multiple contrasts, measured simultaneously, help to prevent
the user from interpretation errors.

7.4.5
Plasma Polymerized Iodothiophene

Organic conductive films, e.g. polyaniline or polythiophene, have an inter-
esting potential application due to their easy processability combined with a
low weight. A plasma deposition process is even more interesting from a
technical point of view, because it is, as opposed to wet chemistry, much
more compatible with production processes in vacuum. The sample used
was polymerized by Kruse et al. [454] on a silicon wafer over 20 min in a
microwave plasma chamber at 2.45 GHz using 2-iodothiophene (at

4 The polyaniline sample is kindly provided by Ralph Schmittgens, Departemento de en-
genharia metalurgica de materiais, Cid. Universitaria, Rio de Janeiro, Brasil. The synthesis
was done at the Inst. de Fisica de S¼o Carlos, Grupo de Polimeros Prof. Bernhard Gross,
Brasil.
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0.065 mbar plus 5% Ar); the formed film had a conductivity up to 0.1 S/cm.
The conduction mechanism is assisted by J3�-ions (0.15%) and J5�-ions
(0.052%). Figure 40 (left) shows the topography of a plasma polymerised
conducting film, 400–500 nm thick, on the right side the polymer film was
removed from the silicon wafer substrate. A film consisting of round parti-
cles can be seen, whose size is between 50 and 900 nm and whose different
mean thickness corresponds to the drop of the ohmic current (Fig. 40 mid-
dle). Figure 40 (right) presents the capacitive current. The particles and es-
pecially the film edge are surrounded by parallel patterns. Calculations of
the two-dimensional local electric potential let us assume that this effect is
to be attributed to the effect of the inhomogeneous contact area on capacity,
and not to a contrast of dielectric constants. Additionally, the good conduc-
tivity of the doped silicon wafer and of the plasma polymer hindered us to
get a high sensitivity for the 90� shifted phase signal of the imaginary part
of the current, even by the use of background subtraction via the bridge cir-
cuit.

7.4.6
Barium Tetratitanate and Yttrium Doped Barium Titanate:
A Partially Conductive and a Partially Semiconductive Ceramic

Electroceramics like barium titanate have an interesting industrial potential
as ferroelectric permanent storage devices and as superconductors, respec-

Fig. 39 a Topography. b Normal force error signal. Friction for: c the forward scan; d the
backward scan; e real part (i.e. conductivity); f imaginary part (i.e. capacity) of the si-
multaneously measured a.c. current. The cantilever is made of silicon coated with dia-
mond. Scan range 11.5�5.1 �m, topography corrugation 121 nm, force and friction in
arbitrary units, ohmic current range 0–42 nA, capacitive current �60 pA to +30 pA, ex-
citation 1 V at 16,789 Hz
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tively. The analysis of electroceramics is an interesting test procedure for all
kinds of electrical measurements using the SFM, because of their high di-
electric constants and their high wear stability against the abrasion of the
SFM tip.

One part of the investigated barium tetratitanate (BaTi4O9) ceramic5 pre-
cursor (e~35) was modified through an additional thermal treatment in a re-
ducing atmosphere, which increases the dielectric loss from tgd~0.0005 to
0.01 by forming conducting regions with Ti(III) predomination (from
Ti(IV)). The topographic image of the ceramic sample (Fig. 41, right) does
not show such heterogeneity and reflects only the polishing process. Howev-
er, the middle image shows the ohmic current in a conducting region formed
by the reduction of titanium valence state. The left image shows that these
conducting regions have a higher dielectric constant, because therein the ca-
pacitive current is substantially higher. This correspondence has been found
in each measurement. In some cases (see insets of current images, topogra-
phy not shown) an additional interesting feature can be visualised: the edges
of the conducting zones are brighter, i.e. better conducting than the inner
areas. This effect can be attributed to a higher concentration of Ti(III) states
and of carrier trap forming defects near the grain boundaries. Increasing
the a.c. frequency leads to a dramatic decrease of the signal-to-noise ratio of
the measured currents, because the current drops below the detection limit
at about 5 kHz, demonstrating that the mobility of the carriers is strongly
hindered. This leads to the assumption that ionic species are involved in the
conductivity mechanism.

Since the yttrium-doped barium titanate sample6 (Y-content 0.4%) is an
n-type ceramic semiconductor, the conductivity increases under a negative

Fig. 40 Conducting film, plasma polymerised from 2-iodothiophene, on silicon. Left: to-
pography contrast (shaded pseudo-3D-image) with 405 nm corrugation. Middle: real
part (conductivity), with a contrast of 2.8 nA. Right: imaginary part (capacity), with a
contrast of 270 pA, the a.c. currents shown in the middle and in the right image were
simultaneously measured together with the topography. The cantilever is made of sili-
con nitride coated with gold. The excitation is 0.8 V at 60 kHz, the scan speed is
4.17 �m/s

5 The ceramic samples are kindly provided by V.P. Bovtoun and M.A. Leshchenko, Kiev,
Ukraine.
6 The ceramic samples are kindly provided by V.P. Bovtoun and M.A. Leshchenko, Kiev,
Ukraine.
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d.c. bias. Figure 42a shows the influence of a different d.c. bias voltage on
the measured a.c. currents for a given constant excitation voltage. Probing a
conductive site of the semiconductor ceramic at 1 kHz with a testing voltage
of 500 mV, the d.c. offset was changed in the range of €11 V, and this
demonstrates the semiconductor behaviour of the sample (Fig. 42b).

The SFM images (Fig. 43) show, that using a d.c. offset of �10.57 V and an
excitation voltage of 4.4 V at 1 kHz, high currents in the mA range can be
measured. For this scenario, ceramics are ideal samples, because the low
stiffness of the polymers makes it impossible to use excitation frequencies
below the bandwidth limit of the constant-force feedback. The much stiffer
ceramics permit one to perform measurements without cross-talk effects.
Such cross-talk effects occur with soft polymer samples, due to a surface in-
dentation by the tip, which is at virtual ground and so attracted by the back
electrode under potential.

The yttrium-doped barium titanate shows a composition similar to a
slice-on-slice morphology. It is not definitely clear whether some of the

Fig. 41 Barium tetratitanate ceramics, partially reduced. The excitation is 5 V at
666.6 Hz, the scan speed 323 nm/s. Left: topography contrast with 4.8 nm corrugation.
Middle: ohmic current, with a contrast of 170 pA (inset: 120 pA). Right: capacitive cur-
rent with a contrast of 310 pA (inset: 810 pA)

Fig. 42 a Schematic diagram of the result of an alternating voltage superimposed to a
d.c. bias. b I/V-curve of a conducting region of yttrium doped barium titanate with con-
stant tip position. The excitation is 0.5 V at 1 kHz
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slices are not conductive (with any bias) or whether they are simply not con-
nected to the back electrode.

7.5
Materials Contrasts in the SFM Non-Contact Mode

A non-contact SFM with a metallised and grounded tip was used (Fig. 44);
the lever resonance frequency fres is ~75 kHz. The electrostatic induction in
the tip, which depends on surface charge and on tip-sample distance, is
measured with a synchronised lock-in amplifier. The alternating current re-
flects the amount of charge or the potential [455]. Also in this case the to-
pography is measured simultaneously. This method provides results similar
to Kelvin probe microscopy, where an external a.c. field vibrates the cantile-
ver. Up to now the technique of current measurement leads to non-calibrat-
ed results, but it is much more simple and straightforward than Kelvin probe
microscopy. The contrast depends on the dielectric constant, on the conduc-
tivity and on the work function (Fermi level). Several heterogeneous organic
systems are presented.

Fig. 43 a Topography (pseudo-3D-topography, height contrast 2.4 �m). b Normal force
(error signal, a.u.). c A.c. current amplitude (contrast 4.18 �A). d Phase shift (contrast
90�). The excitation, superimposed to a d.c. signal of �10.57 V, is 4.4 V at 1 kHz. The
scan width is 12 �m
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7.5.1
Industrial Polypropylene with Two Different Technical Additives

Additive containing polypropylene film was washed with ether. In the sol-
vent, two usual additives were identified7: cis-13-docoseneamide8 and tetra-
kis [methylene (3,5-di-tert-butyl-4-hydroxy-hydrocinnamate)] methane9.
For further surface modification, e.g. for plasma treatment, it is essential to
know whether the sample surface is pure polypropylene. In principle, clean-
ing procedures can be very effective, but most additives are specially de-
signed to migrate back to the surface. Such a surface after Soxhlet cleaning
with ether for several hours is shown in Fig. 45. After edge enhancing image
processing, thin lines in the topography image (left) visualise small corruga-
tion steps, corresponding to the white or the grey regions of two different
surface charge levels (right image), which correlate to the two different or-
ganic contaminations. This occurs on all samples, depending on the washing
procedure and reflects different concentration and distribution of the addi-
tive.

Surprisingly, the resolution is in the 10 nm range, so that about 10�17 g of
this surface coverage can be detected. The assumption that after surface
cleaning the additives migrate from the volume to the surface, e.g. to protect
the foil from oxidation or electrostatic charge, can be confirmed.

7.5.2
Surface Charges on a Polymer Electret

A grounded metal grid with square holes (~8 �m) on a fluoroethylenepropy-
lene film (FEP) was used for writing (duration 30 s) a pattern of surface
charge by the beam of an electron microscope (typically 5–15 kV). The re-
sulting accumulated charge is partially removed by washing with 2-propa-
nol. The topography of FEP is shown in Fig. 46 (left). The bright squares are

Fig. 44 Schematic diagram of the signal pathway in the non-contact mode SFM for im-
aging of surface charge through electrostatic induction

7 The two additives have been identified by matrix assisted laser desorption ionisation mass
spectrometry (MALDI-MS) and attenuated total reflection infrared spectroscopy (ATR).
8 Slip additive, Loxamid E, Henkel.
9 Antioxidant agent, Irganox 1010, Ciba Geigy.
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due to the fact that the feedback keeps the sum of all force interactions (van
der Waals and Coulomb forces) constant. The attractive force is so high that
a pseudo-topographical superposition image is obtained [456]. However,
calculations show that the amount of surface charges present in Figs. 45 and
47 leads to a negligible topography error of <1 nm. Due to the homogeneity
of the surface, Fig. 46b is nearly featureless and reflects only the long-range
charge interaction of the highly charged FEP surface.

7.5.3
Dewetting of an Incompatible Polymer Blend on a Gold Surface: Polyacryl-co-Styrene
and Polybutadiene

A solution of poly(acryl-co-styrene)/polybutadiene blend (ABS) in tetrahy-
drofuran gives a thin, dewetted film on a gold substrate sputtered on a sili-
con wafer. The typical height of the steps in Fig. 47a is 90–100 nm. It is rea-
sonable to suppose that a several nanometers thick film lies within the holes
formed by the dewetting process. A free gold surface would differ dramati-
cally from an insulator film, as can be demonstrated by an image of a
scratch. The imaginary part of the charge induced displacement current,

Fig. 46 Charged fluoroethylene-propylene (FEP). Left: topography contrast with 820 nm
corrugation. Right: surface charge contrast (a.u.), grey scale equalised

Fig. 45 Polypropylene film, contaminated with two different organic substances. Left: to-
pography contrast with 8.1 nm corrugation (shaded). Right: surface charge contrast
(a.u.)
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given in Fig. 47b, is attributed to carrier and dipole relaxation processes.
The surface charge distribution is represented by Fig. 47c as a two-bit image.
Dark areas belong to polybutadiene, whereas the bright sections are poly
(acryl-co-styrene). This composition analysis is confirmed by measurements
of local frictional properties. If the two-bit image is superimposed to the to-
pography (Fig. 47a), the preferential dewetting morphology can be found:
polybutadiene prefers to form the edges close to and within the deeper
spots.

7.5.4
Liquid Crystalline Polysiloxane: Surfaces and Edges of a Smectic Layered Ferroelectric

Low molar mass ferroelectric liquid crystals have their application potential
if short switching times in the electric field can be achieved. Even typical
polymer or elastomer properties can be synthesised; however the coupling
between the mesogenes and the polymer backbone must be minimised. The
samples10 used are liquid crystalline substances with a polysiloxane back-
bone. The principles of synthesis [457], their temperature dependent behav-
iour in an SFM [458] and the response on mechanical deformation [459] of
this class of substances is described in detail in the literature. We are inter-
ested in understanding whether our method for the determination of surface
charges is applicable to the special arrangement of dipole orientation in the
sample of smectic layers which, in a coarse estimation, are perpendicular to
the electric field probed by the conducting, vibrating SFM tip. Figure 48 pre-
sents the results and, due to the high risk of artefacts by using high amplifi-
cation of the electrical signal, the scanning direction was changed twice and
is indicated by the black and white arrows. Without so many simultaneously
acquired signals it would be rather difficult to give a correct interpretation
of the data. The edges of the smectic layers, marked by the white and black

Fig. 47a–d Film of a poly(acryl-co-styrene)/polybutadiene blend (ABS), dissolved in tet-
rahydrofuran and dewetted on a gold substrate: a topography contrast, corrugation
172 nm; b surface charge contrast (a.u.); c surface charge contrast, two bit colour repre-
sentation; d superposition of the topography and the two-bit image (crosshatched) of
the surface charge, showing the heterogeneity of the bridges and the grooves

10 Courtesy of H.M. Brodowsky, Leipzig, Germany.
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circle, appear as differently charged (48 g). The left edges, where the tip has
to climb 4–5 nm high steps, appear brighter in the surface charge image, i.e.
the surface charge density is larger than that of the other regions. In the case
of the right edges, the tip is descending and the corresponding image of the
a.c. current shows a drop at the edges of the steps. The fact that the feedback
is not able to keep the average tip-sample-distance constant at these steps
(as clearly indicated by the lines in Fig. 48g) might be the cause of some
artefacts. It is reasonable to assume that during the climbing the tip is closer
to the surface, leading to a higher current amplitude (white triangle), and
vice versa during the descending. However, the images of the scanning di-
rection performed in 90� and 180� directions compared to the images of the
first column demonstrate clearly, that this is not the case. Edges which have
a higher surface charge are brighter in all the tree scanning directions even

Fig. 48a–h Film of a ferroelectric liquid crystalline polysiloxane. Non-contact SFM imag-
es of: a–c topography; d–f error signal (force feedback); g,h a.c. current amplitude for
three different scanning directions (0� in a, d and g, 90� in b, e and h, and 180� in c, f
and i). The scan width in all images is 25 �m, the topography corrugation is 53 nm (a),
80 nm (b) and 72 nm (c); d–f are in a.u. The a.c. current contrast is about 10 pA at
67.61 kHz

Materials Contrasts and Nanolithography Techniques in Scanning Force Microscopy (SFM) 189



if the feedback error has an opposite sign (black triangle). Further, the blob-
like structure (black square), where the feedback errors are larger and de-
pend only on the scanning direction (white squares), appears very similar in
all surface charge images (the direction of their orientation is marked by the
double-headed arrow). It is evident that for the class of ferroelectric liquid
crystalline polymers and elastomers it would be worth studying the proper-
ties on a local scale in much more detail, in particular the relaxation phe-
nomena of their mechanical and electrical properties.

7.6
Piezoresponse Force Microscopy (PFM)

Ferroelectric materials consist of permanent dipoles in a non-centrosym-
metric crystal structure and exhibit a spontaneous polarisation. If a suffi-
ciently high electric field (coercitive field strength, Ec) is applied, the polari-
sation state can be switched between two thermo-dynamically stable states.
The transition between the ferroelectric and the paraelectric phase takes
place at the characteristic Curie temperature, TC [460–462]. Typical ferro-
electric materials are barium titanate (BaTiO3), triglycine sulfate (TGS) or
polyvinylidenedifluoride (PVDF) [460, 462]. Ferroelectrics are also piezo-/
pyroelectric and therefore find various applications as sensors and actuators
[463, 464]. Similar to ferromagnetic materials [465], ferroelectrics consist of
a complex arrangement of domains. The domain structure and orientation
determine the macroscopic switching properties and the piezo-/pyroelectric
constants. Methods for imaging domains are important procedures for
studying their size, distribution, switching kinetics and stability. Non-de-
structive imaging with high lateral resolution was first performed using
SEM for WO3 [466] and later on for PVDF [467, 468]. Birk et al. [469] were
the first who measured local piezoelectric hysteresis loops by exciting a fer-
roelectric polymer with an external a.c. voltage and measured the periodic
thickness variation with an STM. However, direct domain observation by
means of STM is prevented because ferroelectric materials are insulators
and need an additional conductive coating.

Domains with varying polarisation states differ in their physical proper-
ties. SPM based methods take advantage from differences in the optical
properties (scanning near field optical microscopy (SNOM)) [470–472], the
friction (friction force microscopy (FFM)) [473–475], the piezoelectric coef-
ficients (PFM) [432, 434, 476–484], and the depolarising fields/surface po-
tential (electrostatic force microscopy (EFM) or scanning surface potential
microscopy (SSPM)) [456, 485–488]. In the following we will focus on PFM.
G�thner and Dransfeld [489] were the first who used a home-built contact
mode SFM with a conductive probe to polarise small domains with d.c. volt-
age pulses applied to the back electrode of the ferroelectric film. Subse-
quently, they imaged domains with an a.c. voltage on the tip during scan-
ning. The oscillating electric field induces the converse piezoelectric effect
and modulates the tip position normal to the surface with the excitation fre-
quency. This modulation is extracted from the cantilever deflection signal
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by means of lock-in technique. The phase signal of the oscillation contains
the information on domain polarity because the converse piezoelectric con-
stant changes its sign when the spontaneous polarisation is switched [489].
The described experimental set-up is called piezoresponse force microscopy
or, in alternative terms, “voltage modulated SFM” (VM-SFM) [483, 490,
491], or “dynamic contact mode electrical force microscopy” (DC-EFM)
[492, 493].

In Sect. 7.3, Eqs. (18) and (19) describe the Maxwell stress forces acting
on a conductive tip when a combined d.c./a.c. voltage is applied. For the
PFM set-up we have to complete the total interaction force by the additional
effects of piezoelectricity, electrostriction and the spontaneous polarisation.
Both electromechanical effects cause an electric field-induced thickness vari-
ation and modulate the tip position. The spontaneous polarisation causes
surface charges and changes the Maxwell stress force. If the voltage
U(t)=UDC+UAC*sin(wt) is applied, the resulting total force Ftotal(z) consists
of three components (see also Eq. 19): Fstatic, Fw and F2w. Fstatic is the static
cantilever deflection which is kept constant by the feedback loop. F2w con-
tains additional information on electrostriction and Maxwell stress and will
not be considered in detail here (for details see, e.g. [476]). The relevant
component for PFM is Fw [476, 477]:

FwðzÞ ¼ �
@C
@ z

UDCþ
Pel

eo eferro
z0

� �
þd33 keff þ 2

M33

z0
UDCkeff

	 

UAC sin w tð Þ

ð20Þ

where C is the tip-sample capacitance, Pel the polarisation, z0 the sample
thickness, d33 the converse piezoelectric constant and M33 the electric field
dependent electrostrictive constant. The index notation of the electrome-
chanical constants denote the direction for the electric field and the result-
ing strain, respectively [494]. For the sake of simplicity the mechanical prop-
erty of the tip/polymer contact is described by a spring with the effective
force constant keff [6].

In Eq. (20) the three terms are related to the Maxwell stress (first), piezo-
electric effect (second) and electrostriction (third). In order to obtain infor-
mation about ferroelectricity via piezoresponse measurements, we need a
link between the spontaneous polarisation and the piezoelectric constant.
According to Furukawa and Damjanovic, piezoelectricity in ferroelectrics
can be explained as electrostriction biased by the spontaneous polarisation
if their paraelectric phase is nonpolar and centrosymmetric [461, 495, 496].
Therefore the d33 constant depends on the spontaneous polarisation Ps

el:

d33¼ 2e33 Q33 PS
el ð21Þ

where Q33 is the polarisation dependent electrostrictive constant and e33 the
permittivity component. If the domain polarity is switched, Eq. (21) predicts
a change in sign of d33. Figure 49 illustrates the effect of a polarisation
change from 0� to 180� on the tip oscillation phase. The measured PFM-sig-
nal is recorded either as amplitude B and phase F or as BcosF (real part)
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simultaneously with the topography. Both phase and real part contain the in-
formation about the domain polarity. In conclusion, it has to be emphasised
that the observed thickness variation is always the result of an integration of
d33 over the whole film thickness. Therefore PFM can only measure effective
d33 values.

7.6.1
Polarising Small Domains in Ferroelectric Polymer Films

When the electric field is higher than the coercitive field strength, the spon-
taneous polarisation is switched and the dipoles reorientate along the field
lines. This process of domain switching for Eel=Ec can be described in three
steps: i) nucleation of an anti-parallel domain, ii) domain growth and iii)
saturation of the polarisation [461, 462].

For the application, e.g. as data storage media or as micro- and nanode-
vices, the domain sizes have to be reduced. The first poling experiments,
performed by Schilling [468], reached domains sizes of ~500 nm in thin
P(VDF-TrFE) films with a pulsed electron beam of a SEM. As already men-
tioned, G�thner and Dransfeld [489] demonstrated that poling of small do-
mains by means of a PFM is possible down to lateral sizes of ~1 �m. For
technological applications it is necessary to control precisely the domain po-
sition and to automate the process. A high repeatability of positioning the
SFM tip is possible with a scanner based on a closed-loop x-y system as de-
scribed in Sect. 6. Voltage pulses applied to the back electrode are trigged
during a scan in the same way as for DPL. The pixel-based mask file includes
the information for the domain location in the scan field. For each “high”

Fig. 49 Principle of domain contrast in PFM: a image shows the phase change of the tip
oscillation for imaging a 0� and a 180� domain; b image is an example for the domain
contrast (BsinF). The sample is a ~130 nm thick P(VDF-co-TrFE) film poled with volt-
age pulses at U=€30 V and a length of Dt=500 �s. The voltage polarity was changed
from negative to positive after finishing the half of the scan. PFM imaging was done
with 4 V at 92.33kHz
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bit a voltage pulse is triggered. The result of such a poling procedure for a
ferroelectric copolymer (see Sect. 7.6.2) is shown in Fig. 49b for Dt=500 �s
and U=€30 V. The voltage polarity was changed from positive to negative af-
ter half of the scan was finished. The scan speed per pixel should be suffi-
ciently small against the pulse duration (Dt) to avoid domains with elliptical
shape. This implies that high speed writing is only possible with ultra short
pulses.

7.6.2
Domain Growth Kinetics and Piezoelectric Hysteresis for Thin P(VDF-co-TrFE) Films

Poly(vinylidene-co-trifluoroethylene) (75/25) is a statistical composition of
the two monomer units (CH2-CF2) and (CHF-CF2) in the ratio of 75/25, and
the Curie temperature, TC, is ~120–125 �C [497–500]. The sample crystallises
both from solution and the melt in the ferroelectric all-trans configuration
[462, 498]. The films are spin coated from a 1 wt% solution of
methylethylketone on a gold coated glass slide and are subsequently an-
nealed for 2 h at 135 �C to increase the crystallinity and the remanent polar-
isation [501]. The kinetics of domain growth is studied by means of rectan-
gular voltage pulses of fixed height and different length. As an initial step, a
large domain (50 �m�50 �m) is poled with a constant potential of U=+30 V
during a slow scan (~0.5 Hz/line). After poling this background, a series of
pulses with a constant potential of U=�30 V and lengths varying from 50 �s
to 50 ms are applied. The domain area (Ad) growth follows a kinetics which
is best fitted with a power function Ad=Ao+c*tn (n<1), where Ao is the min-
imum domain area (Fig. 50a). It has to be pointed out that domain growth
kinetics is strongly dependent on the local electric field distribution. There-
fore a quantitative comparison between different samples is only possible
when the same tip geometry is used.

Comparing the cross sections of piezoresponse images (Bcos(F)) of do-
mains grown in 50 �s, 5 ms and 50 ms (Fig. 50b), three sections of growth
can be distinguished:

1. Dt=50 �s is the minimum pulse length necessary to form a domain, which
is sufficiently stable to be imaged with PFM. Figure 50b indicates that the
50 �s domain does not reach the maximum piezoresponse at the centre and
therefore it can not penetrate the entire film thickness of ~140 nm.

2. Between 50 �s and 5 ms, the domains expand in all three dimensions.
3. For Dt>5 ms, the maximum intensity is reached at the domain centre indi-

cating that the whole film thickness is poled. Further growth only takes
place in lateral dimensions.

As mentioned above, domain switching in ferroelectrics is accompanied
by domain nucleation, moving domain walls and restructuring of dipoles
and charges. A characteristic feature of this irreversible process is the ap-
pearance of a hysteresis loop in the dependence of dielectric displacement
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Del on the electric field strength. Figure 51 shows the schematic hysteresis
loop for a macroscopic measurement. Increasing the electric field (starting
from zero) causes a nonlinear increase in Del until the saturated polarisation
Psat

el is reached. Further increase of Del is an effect of the permittivity [460].
Reversing the electric field, a finite remanent polarisation, Pr

el, is reached at
zero field, which demonstrates the effect of spontaneous polarisation align-
ment during the first quarter of the cycle. If the electric field reaches the
negative coercitive strength, �Ec, the polarisation switches in the antiparallel
direction and saturates again for higher fields. Reversing the sweep direction
once more, the negative remanent polarisation (�Pr

el) state is reached and
afterwards the orientation switches at Eel=Ec. As described in Eq. (21), the
correlation between the spontaneous polarisation and the piezoelectric con-

Fig. 50 Domain growth kinetics observed with PFM. Background poling prior to pulse
poling was performed with U=+30 V. Rectangular voltage pulses of U=�30 V and length
variations from 50 �s to 50 ms were applied to the back electrode. PFM imaging was
done with 4 V at 92.33 kHz

Fig. 51 Schematic macroscopic hysteresis loop of a ferroelectric material. Therein Ec de-
notes the coercitive field strength, Pr

el the remanent polarisation and Psat
el the saturation

polarisation
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stant d33 predicts that the spontaneous polarisation and the piezoresponse
must show a similar hysteresis loop [493, 502]. Experiments on a local scale
can be performed in two ways. In the first, the additional d.c. field is cycled
linearly at a very low rate (<0.01 Hz) and exceeds Ec. The PFM signal (w-
component) is continuously probed during the cycle and the loops are
named in-field [503] or continuous d.c. loops [493] (Fig. 52a,c). In the sec-
ond, a sequence of voltage pulses (Dt=750 ms) is applied and the piezore-
sponse is measured only at the end of a delay interval (Dt=750 ms) after the
pulse is finished (Fig. 52b). The delay is necessary to give the system time
for relaxation and establishing a steady state. Here the piezoresponse senses
only the remanent polarisation Pr

el and is therefore named remanent [503]
or pulse d.c. loop [493]. Equation (20) predicts a linear dependence of the
PFM-signal on UDC due to Maxwell stress and electrostriction. This strong
influence on the loop shape is shown in Fig. 52c (continuous line). In con-
trast, the remanent loop lacks this linear superposition, because during PFM
measurement the external field is switched off. Despite these differences,
both curves provide similar values for the coercitive field strength Ec
(~30 MV/m).

7.6.3
Poling DPL Fabricated Sub-�m Ferroelectric Polymer Structures

Spin coated copolymer films show a decrease in remanent polarisation if the
film thickness [504, 505] decreases. The application of piezoelectric materi-
als in micro-electro-mechanical systems (MEMS) or sensors makes it often
necessary to decrease the lateral dimensions of the elements. Recently, Alexe
et al. [506, 507] fabricated freestanding microcells with lateral dimensions
down to ~100 nm and heights of ~110 nm from a ferroelectric PZT by direct

Fig. 52a–c Triangular voltage variation for: a in-field; b remanent loops. Grey bars in b
represent the measurement interval where the PFM signal is recorded (100 ms in this
experiment); c the resulting in-field loops (straight line) and remanent loops (dotted
line) are shown. The pulse length for the remanent loop was 750 ms and piezoresponse
was measured with 2 V at 90 kHz in both cases
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electron beam writing. They used PFM for probing the local ferroelectric be-
haviour and found, e.g. shifts in the local hysteresis loops. The shifts were
explained as a dimension effect caused by fixed polarisation states at the
side-walls and at the electrode interface [508]. In Fig. 53, we show the first
poling experiment of DPL-fabricated sub-�m structures of P(VDF-co-TrFE).
The upper polymer structure (Fig. 53b) is poled with a voltage pulse
DU=�19 V and Dt=20 ms. In the lower structure a domain was poled under
the same conditions as in a previous scan. However, for these polymeric
structures (lateral dimensions ~750 nm, thickness ~70 nm) no size effect
has been found, yet.

PFM is limited by two factors: the local dimension of the probe and the
sensitivity to the vertical tip movement. The smallest domains polarised in
ferroelectric copolymer and subsequently imaged with PFM had diameters
of ~25 nm [509]. A vertical sensitivity of ~1 pm is reasonable and implies
that for thin films with low excitation voltages (~1 V) the smallest detectable
d33 value is ~1 pm/V.

8
Concluding Remarks

Several applications of scanning force microscopy (SFM) and related tech-
niques in polymer science have been given in the above sections. The re-
viewed results were gathered from surfaces of cross-sectioned bulk poly-
mers, polymer-matrix composites, and polymer blends as well as free sur-
faces of polymer samples such as films, or surfaces prepared by means of
replica techniques. The materials contrasts reported on range from several
mechanical ones via thermal to electrical ones.

Owing to the very nature of SFM-type microscopes, scanning a sharp
probe across a sample surface with the tip of the cantilever being extremely
close to the sample surface, its most straightforward application is to rather
flat and smooth samples exhibiting structures on small length scales, typi-

Fig. 53 a Topography of two P(VDF-co-TrFE) nanostructures (height ~75 nm) fabricated
with DPL. b Piezoresponse image of the same structures before a voltage pulse. c PFM
image after the application of a voltage pulse (DU=�19 V; Dt=20 ms), PFM measured
with 700 mV at 35 kHz. The newly formed domain is marked by an arrow. The lower left
domain (black dot in b) was poled in a previous scan under the same conditions
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cally ranging from some nanometres to some tens of microns. Consequently,
SFM has been widely applied to thin films and has boosted the research on
phase separation phenomena occurring in thin films of polymer blends or
copolymers [13]. Albeit the growing relevance of micro- and nanotechnolo-
gies as well as technologies for surface modification, there are plenty of
promising applications of SFM to bulk polymer materials. The substitution
of other materials by light polymers and polymer-matrix composites and
the resulting issues to be studied demand valuable characterisation tools. Is-
sues to be addressed may be related to composition or morphology of the
polymer material, as well as to effects originating from processing or ageing.
Effects arising at buried interfaces seem to be of paramount interest, since
these interfaces may be the locus of initial mechanical stresses, physico-
chemical ageing effects, or charge-transfer processes. In particular, inter-
faces between macromolecules and metallic electrodes play a major role
when making active devices up of organic molecules, e.g. in the case of or-
ganic light emitting diodes (oLED) or organic transistors. Thus, beyond the
purely mechanical properties of the interphasial region, electrical metal-
polymer interactions are of major concern such as electron injection (LEDs,
transistors) or extraction (solar cells) [510].

Application of the surface technique SFM to buried interfaces requires
sectioning of the samples. Depending on the technique for preparing the
cross-sections and the mechanical properties of the polymer system to be
investigated, the roughness of the cross-sectional surface may be rather high
which in turn renders the SFM measurements on these surfaces difficult. Un-
doubtedly, free surfaces can be also very rough, for instance after tribologi-
cal loading or after certain kinds of plasma treatment. In general, strong cor-
rugations and pronounced roughness characteristics make it more difficult
to keep constant the (mean) tip-sample distance. In particular, when mea-
suring in mechanical contact of tip and sample, the contact area is ill-de-
fined which may impair materials contrasts such as the electrical or thermal
tip-sample current. Pronounced roughness characteristics and large scan ar-
eas require larger displacements than achievable with the usual piezoelectric
elements and driving voltages. Moreover, the feedback-loop for adjusting
the vertical cantilever position needs to act rapidly and as precise as possi-
ble, which in turn requires careful optimisation of the feedback-loop as well
as fast electronics.

Other microscopy techniques such as light microscopy or scanning elec-
tron microscopy provide image ranges changeable over a similar number of
length scales to those of SPM. Furthermore, for these microscopy tech-
niques the time necessary for acquiring images is in general considerably
shorter as compared to the one typical for SPM-type microscopes. For prac-
tical reasons (saving time, especially in industrial applications) as well as
scientific ones (imaging of fast moving atoms or molecules), various ap-
proaches were proposed towards faster operation of SFM-type microscopes.
However, when measuring tip-sample interactions exhibiting a low signal-
to-noise ratio, some minimum sampling time may be necessary which in
turn limits the acceptable scanning velocity. In general, high-speed scanning
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requires cantilevers with high resonance frequencies in order to ensure
short time constants. Since cantilevers with a high resonance frequency need
to be comparatively small and stiff, these requirements may collide with the
needs resulting from their application to soft materials.

Rather than focusing solely on the development of fast-scanning SFM-
type microscopes, the versatility and effectivity (as related to the acquisition
time) may also be enhanced by hybrid-type approaches, i.e. by combining
SFM-type microscopes with more rapid ones. Beyond the mere addition of
the advantages of each of the single microscopes, even new (synergy) bene-
fits may arise. For instance, when having combined an SFM-type micro-
scope with a scanning electron microscope (SEM) [511, 512] within a single
sample chamber, the sample surface can be imaged fast by means of the
SEM, concentration profiles can be measured by means of the electron beam
microprobe (EDX) technique, electron beam lithography (EBL) experiments
can be performed, and last but not least, the various SFM-based contrasts
can be measured on the same sample surface, without removing it from the
sample chamber. For being able to operate at various environmental condi-
tions rather than being limited to ultra-high vacuum (UHV) conditions, an
environmental scanning electron microscope (ESEM) seems to be highly de-
sirable. Furthermore, the combination of SEM with SFM renders possible
the employment of lithography-techniques operating at different length
scales. Whereas the small-scale wiring and the electrodes can be accom-
plished by means of EBL, at the nanometre scale the lithography steps can
be performed by techniques based on SPM.

SFM-based materials contrasts can be thought of as a kind of micro-spec-
troscopy [513] providing both spatial resolution and materials sensitivity. In
the more particular sense of micro-spectroscopy, measurement techniques
such as Raman or infrared spectroscopy are being employed for mapping
chemical properties, e.g. for recording molecular distribution maps. In gen-
eral, at each pixel of the map (part of) a spectrum is being recorded and
from this set of spectra a number of images can be displayed by selecting a
certain value of the parameter under variation and giving the systems re-
sponse at that parameter value. Similarly, in the special case of driving
through the tip-sample distance, chemical forces are being measured. Ac-
cordingly, measuring force-distance curves is often referred to as (chemical)
force spectroscopy [6]. In the more strict sense of spectroscopy, a frequency
is being swept, e.g. the frequency of the light illuminated in case of scanning
near-field optical microscopy (SNOM). Also the near-field fluorescence re-
sponse may be investigated when dealing with fluorescent materials, possi-
bly after dye-labeling. Essentially, the optical tip-sample interaction is
achieved either by employing a fibre-tip aperture or an apertureless metal
tip [513]. When being able to engage the same tip for other SFM-based
modes, additional valuable information may be gained by combined mea-
surement of SNOM-maps and SFM-based mechanical, thermal or electrical
materials contrasts.
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